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Abstract

Interconnects are a vital part of solid oxide fuel cells (SOFC), where they electrically
connect individual cells to form a fuel cell stack. They are a main contributor to the
overall stack cost and the limited life-time of fuel cells, and, therefore, improvements
carried out on the interconnect level could further the commercialization of SOFCs.

The limited life-time of the interconnect is related to the material used today, ferritic
stainless steels (FSS). FSS interconnects are more cost-effective than previously used
ceramics, but they degrade under the conditions prevalent in an SOFC: high temperatures
between 600 °C and 850 °C, and a p(O2) gradient. Certain corrosion phenomena that
occur, such as Cr evaporation and continuous oxide scale growth, negatively impact cell
performance due to cathode poisoning and increased electrical resistance, respectively.
These phenomena have been found to be effectively mitigated by coatings, such as the
(Co,Mn)3O4 (MCO) coating, or reactive element coatings, such as Ce.

The present thesis examines these coatings with regard to three aspects: (i) does
the semi-conducting spinel coating affect the electrical resistance of the interconnect
negatively, or is its conductivity negligible in comparison to the continuously growing
Cr2O3 scale below it; (ii) does the coating self-heal if it is cracked even at intermediate
temperatures, i.e. 650 °C and 750 °C, or do the cracks persist and increase Cr evaporation;
and (iii) is the long-term stability of the state-of-the-art Ce/Co coating (10 nm Ce/640 nm
Co) still effective after 35 000 h, or not. The second aspect is not only important to
understand corrosion behavior, but it would also allow for large-scale roll-to-roll PVD
coating, which is significantly more cost-effective than batch coating.

Another corrosion phenomenon that is elucidated within the scope of this work is the
dual atmosphere effect. This effect leads to increased corrosion on the air-facing side of
the interconnect if the FSS is exposed to a dual atmosphere, i.e. air on one side and
hydrogen on the other side, compared to if the FSS is exposed to an air-only atmosphere.
A new theory as to why the dual atmosphere effect occurs is proposed, and it is indirectly
verified by means of excluding all other possibilities. Factors that influence the dual
atmosphere effect are discussed, and it is shown how the dual atmosphere effect could, in
part, be mitigated.

Keywords: Solid Oxide Fuel Cell; Corrosion; Interconnect; Cr Evaporation; Area Specific
Resistance; Deformation; Long-term; Dual Atmosphere; Hydrogen
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Chapter 1

Introduction

1.1 Background

In 2019, the Oxford Dictionary named ”climate emergency” as the word of the year.
At the same time, large areas in Australia were in flames, over 17 million hectares had
burned at the end of the fire season in Australia, and the US was fighting hurricane after
hurricane. Of course climate change sceptics often say Australia has always had bush
fires and the US has always had hurricanes, but many studies suggest that the frequency
and the extent of these weather conditions have increased significantly in recent years,
and a correlation of these events with climate change is hard to deny [1–4]. The danger
of climate change has also reached the general populace, and, in over 150 countries all
over the world, the Fridays for Future movement has developed and expanded and is
supported by many researchers all across the world [5, 6]. All these points stress how
important it is to finally act on a large-scale world-wide level.

But the question is: What is needed to actually circumvent or at least limit global
warming and, thus, climate change?

The first important step to answering this question is to understand that climate
change is a normal occurrence on earth, with glacial periods and warmer and dry periods
alternating. However, starting with the industrial revolution in the late 17th century a
dramatic increase in atmospheric CO2 levels occurred and is still ongoing (see Figure 1.1a)
[7–10]. Besides other greenhouse gases, such as methane and nitrous oxide, CO2 is one
of the reason for climate change, and, thus, the reduction of greenhouse gas emissions is
crucial in the fight against global warming. As shown in Figure 1.1b, electricity and heat
production account for the highest greenhouse gas emissions world-wide, and, therefore,
a change in this sector would be most effective. A revolution in this sector has already
begun, and across the world green energy technologies are being used. However, most
renewable energy sources are intermittent, such as wind and solar power, and, therefore,
energy storage systems are extremely important as grid scale storage systems. One option
amongst many is to store energy in a fuel, for example, hydrogen [11]. The advantages of
this technique are especially important for long-term storage facilities, because, unlike
batteries, negligible self-discharge rates are present as the energy is stored in chemical
bonds, and the energy density by mass of hydrogen as a fuel is higher than that of
any other energy storage device or carrier [12, 13]. Different technologies are needed to
use hydrogen as a storage medium. First, electrolyzers are important to convert excess
electrical energy into fuel, and then fuel cells are used to convert the chemical energy
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CHAPTER 1. INTRODUCTION

stored inside the fuel back to electrical energy (see Figure 1.2). The present work focuses
on a fuel cell as a device that converts the chemical energy of a fuel into electrical energy
via a controlled reaction and without or with reduced greenhouse gas emission, depending
on the fuel used. In addition to supplying electricity for housing and industry, fuel cells
can also be used in other sectors, for example, the transportation sector, which also
contributes greatly to the overall greenhouse gases produced by humankind (see Figure
1.1b).

Figure 1.1: A) Atmospheric CO2 levels over the last 425 000 years. The data was collected
by Barnola et al. [8] from the Vostok ice core, Etheridge et al. [10] from the Law Dome
ice core and Tans et al. [9] from the Mauna Loa Observatory. B) Global greenhouse gas
emissions by economic sector, based on global emissions from 2010 and reported in [14].

As with many types of technologies, there are different types of fuel cells, each with a
different set of advantages and disadvantages. Today the most widely spread and also
the most commonly researched fuel cell types are proton exchange membrane fuel cells
(PEMFC) and solid oxide fuel cells (SOFC). The main difference between these two types
is that PEMFCs require a Pt catalyst for a reaction to occur sufficiently fast, while SOFCs
operate at high temperatures (≥550 °C) to achieve the same effect. This difference leads
to disadvantages and/or advantages of the different fuel cell types. High temperatures
can be avoided by using a Pt catalyst, and the operating temperatures of PEMFCs range
between 70 and 130 °C, however, in addition to the high cost of Pt, another drawback is
that these fuel cells can only operate on high purity H2 as the fuel. In contrast, SOFCs
require high temperatures that lead to longer start-up times and safety concerns for
mobile applications. However, there is no need for expensive catalysts, and many different
fuels can be used for SOFCs. Another advantage SOFCs have is their extremely high
electrical efficiency, above 60% [15], in comparison to a PEMFC, which has an electrical
efficiency up to 50% [16]. The overall efficiency of SOFCs can be increased even further
by using the waste heat that the fuel cell produces either for heating or for additional
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1.1. BACKGROUND

Figure 1.2: Renewable electricity is stored in a fuel, and subsequently, converted into
electricity.

energy generation, for example with steam turbines. Reported overall system efficiencies
of up to 90% are common for SOFCs [15, 17–19].

The main issues to overcome before wide-spread commercialization of fuel cells can
be achieved are threefold: sufficient infrastructure, especially with refueling stations;
competitive cost, especially in comparison with similar green energy conversion systems;
and long life-times (at least 5 000 h for mobile applications and 60 000 h for stationary
applications according to the US Department of Energy [20, 21]). The infrastructure for
SOFCs might be less of an issue, due to their fuel flexibility, which even allows for the
use of diesel reformate [19] and biodiesel [22]. However, the cost and the life-time of fuel
cells still need to be improved drastically. In the present work both of these factors will
be addressed by focusing on one essential part of the fuel cell, the interconnect, which
contributes greatly to both factors.

The main function of the interconnect in an SOFC is to electrically connect individual
fuel cells to form a fuel cell stack, but, additionally, it also serves to separate the two
gases used to power the fuel cell: air on the cathode side and the fuel, e.g. H2, on the fuel
side. These two functions of the interconnect lead to several requirements, such as good
electrical conductivity, stability in low and high p(O2) environments, impermeability to
the gases used, and ease of formability so that gas channels can be shaped [23]. Ferritic
stainless steels (FSS) fulfill most of these requirements and are additionally much cheaper
than previously used ceramics and, consequently, are the material of choice nowadays.
Nevertheless, cost remains an issue, and the contribution of the interconnect to the overall
fuel cell stack cost has been estimated between 6 to 45% of the fuel cell manufacturing
stack cost for an SOFC [24–26].

The other major limitation of ferritic stainless-steel interconnects is that they corrode
in the environment prevalent in SOFC, i.e. low and high p(O2) with high temperatures
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CHAPTER 1. INTRODUCTION

between 600 and 850 °C. This leads to many other issues. For example, the continuous
oxidation of the FSS results in a growing Cr2O3 layer, which increases the interconnect’s
electrical resistance, and leads to continuous Cr consumption. The Cr consumption is
further increased by another corrosion phenomenon, the evaporation of Cr-containing
species [27–30]. While this evaporation can lead to a decrease in oxide scale thickness,
it not only increases Cr consumption, which could lead to Cr depletion of the FSS, but
more importantly it results in poisoning of the cathode, which leads to cell degradation
and eventual failure of the entire SOFC.

The long-term performance of the SOFC is often directly related to the life-time of
the interconnect, and, therefore, the corrosion of the interconnect must be mitigated.
One very effective method to achieve this is by applying coatings to the interconnect,
which decrease oxide scale growth and Cr evaporation. These coatings become especially
relevant when cheaper interconnect materials are used to decrease the fuel cell cost further,
as cheaper materials often contain less Cr and/or less reactive elements, which decelerate
oxide scale growth. Therefore, it is vital to decrease all Cr-consuming processes that
occur at the interconnect level, and in that way, avoid Cr depletion and material failure
of the interconnect.

Another unrelated corrosion mechanism that affects FSS interconnects and, thus,
impacts the fuel cell life-time, is dual atmosphere corrosion. In dual atmosphere, i.e. air
on one side of the interconnect and hydrogen as the fuel on the other side, the corrosion on
the air-facing side can be increased under certain circumstances compared to an air-only
atmosphere. This increase in corrosion can lead to the formation of unwanted and fast
growing Fe-rich oxides on the air-facing side [31, 32]. This corrosion phenomenon is
to-date poorly understood and, thus, mitigation strategies are non-existent.

All these issues related to cost and life-time must be addressed and solved to achieve
wide-spread commercialization of the solid oxide fuel cell system, and, therefore, research
focusing on the interconnect is crucial.

1.2 Aim of this Thesis

The aim of the present thesis is to address some of the aforementioned issues and hopefully
further the understanding of corrosion mechanisms occurring on the interconnect level
and evaluate coatings as a mitigation strategy. For this the thesis is split into two parts:
the first part will focus on coatings as a mitigation strategy, while the second part will
focus on the dual atmosphere corrosion mechanism.

1.2.1 Coatings as a Strategy to Increase Life-Time of Intercon-
nects - Papers I to III

Coatings are applied onto the interconnect for two reasons, first to decelerate oxide scale
growth and second to mitigate Cr evaporation. Therefore, coatings play a vital role in
extending the interconnect life-time. The most common coatings nowadays are spinel
oxide coatings, due to their high Cr retention rates [33, 34] and reactive element coatings,
due to their ability to reduce the oxide scale growth rate [35, 36]. While the latter
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coating is typically applied in very thin layers (up to 100 nm thin), the thickness of the
spinel coating is much thicker (≥ 1μm) and varies greatly, with investigations carried
out on 1.5μm [37] to 50μm [38] thick spinel coatings. Because the spinel coating is
fairly thick, the question arises if or when the conductivity of the coating negatively
effects the overall conductivity of the interconnect. Many different publications have,
therefore, focused on increasing the conductivity of the coating, for example, by adding
dopants [39–46]. However, because the thermally grown Cr2O3 is a very poor electron
conductor and most of the spinel coatings are much better electron conductors at the
SOFC operating temperatures, the conductivity of the latter might not be significant
for the overall conductivity of the interconnect. The present work tries to answer this
question by examining the area specific resistance (ASR) of Crofer 22 APU, which was
coated with different Co coating thicknesses and exposed at the same temperature for the
same duration. A very low exposure temperature was chosen (600 °C), which should result
in a very thin Cr2O3 scale in comparison to fairly thick Co coatings, thus, resembling an
extreme situation.

An additional study that was carried out within the scope of this thesis investigated the
self-healing properties of Co coatings at intermediate temperatures. It has previously been
shown by Falk-Windisch et al. [47, 48] that cracks that had formed in the coating, healed
quickly during exposure at 850 °C due to rapid Co diffusion into the cracks. This allows for
the interconnect to first be coated and then deformed, which has the benefit that the steel
can be strip coated instead of batch coated. Strip coating is the economically favorable
manufacturing route, but cracks are introduced into the coating during the subsequent
deformation step. However, the self-healing process has to-date only been investigated at
850 °C, and nowadays there is a clear trend towards intermediate temperature SOFCs
(IT-SOFC) with operating temperatures ranging from 600 to 750 °C [49–51]. Because
the self-healing process relies on Co diffusion, which is temperature controlled as a
diffusion process, the self-healing process might not occur at a high enough rate at lower
temperatures. The present work investigates this process at 650 °C and 750 °C.

Another important question when it comes to coatings is: how long do they last
and can they fulfill the requirement of life-times above 40 000 h. In general, long-term
investigations are scarce for interconnect materials and only few coatings have been
investigated for life-times above 3 000 h. Some studies on longer life-times can be found in
[52–55]. To investigate the longevity of coated interconnects further, the present thesis
analyzes Ce/Co-coated AISI 441, which was exposed at 800 °C for up to 38 100 h. The
material is especially interesting as AISI 441 is a comparably cheap steel. The state-of-
the-art coating (10 nm Ce/640 nm Co) [56, 57] shows good Cr-retention properties along
with a decrease in the oxide scale growth rate for exposure times below 3 000 h [58, 59].
However, long-term data on this coating does not yet exist.

1.2.2 Dual Atmosphere Corrosion - Papers IV to VI

Finally, the present thesis examines the dual atmosphere effect in more detail. This effect
occurs when an FSS is exposed to fuel on one side and air on the other side, and it leads to
increased corrosion on the air-facing side, which does not occur in an air-only atmosphere.
The present work analyzes this effect with regard to different factors:
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• Exposure temperature, i.e. which exposure temperature has the most severe dual at-
mosphere effect and what conclusions about the mechanism can be drawn from that?

• Pre-oxidation, i.e. how does pre-oxidation influence the dual atmosphere effect,
especially with regard to the pre-oxidation time and the pre-oxidation location, and
how can this knowledge be used to mitigate the dual atmosphere effect?

• Sample thickness, i.e. does the sample thickness affect the dual atmosphere effect?

• Surface modification, i.e. how does the surface morphology achieved, for example,
by grinding or polishing, influence the dual atmosphere effect?

A new mechanism is proposed for the dual atmosphere effect through an examination of
these factors and how they influence the effect, and conclusions on mitigation strategies
against the dual atmosphere effect are drawn.

Before presenting and discussing the results (see Chapter 4) that were obtained within
the scope of this thesis, more details are given on the fuel cell system, high temperature
corrosion, and the background to the studies carried out in this thesis (see Chapter 2).
Information on the experimental setups used in this thesis is given in Chapter 3. Results
and conclusions are summarized in Chapter 5.
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Chapter 2

Theory

2.1 Fuel Cells

2.1.1 Background - Electrochemistry

Fuel cells, as a way to generate energy by converting chemical energy into electrical energy,
were first described in 1838/1839 separately by two scientists, William Grove [60, 61]
and Christian Friedrich Schönbein [62]. However, the working principle on which fuel
cells are based, the galvanic or voltaic cell, had already been demonstrated in 1780 [63,
64] by Luigi Galvani and explained in 1790 by Alessandro Volta [65]:. These discoveries
opened up a new research field: Electrochemistry, which has led to the discovery of many
different green energy technologies, such as fuel cells, batteries and electrolysis [66]. As the
word electrochemistry already hints at, this research field examines the overlap between
electricity and chemistry.

For some chemical reactions, specifically redox reactions, electrons are transferred from
one atom to another [67]. In case the redox reaction is exothermic, i.e. energy is set free
during the reaction, combustion occurs, and with that large amounts of heat are set free.
To harness this energy as electrical energy instead of heat, the reaction can be physically
separated into reduction and oxidation. This separation avoids combustion, the redox
reaction is instead controllable, and the electrons are transferred through an external
circuit providing electrical energy. One redox reaction, which is highly exothermic, is
the reaction between oxygen and hydrogen to form water, which is shown in Equations
2.1, 2.2 and 2.3. The first fuel cells reported on by Grove and Schönbein are based on
these equations [67]. A benefit of this reaction is that the end product is water, which is
harmless as an exhaust product.

Oxidation : H2 −→ 2H+ + 2e− (2.1)

Reduction :
1

2
O2 + 2e− + 2H+ −→ H2O (2.2)

Overall Reaction :
1

2
O2 +H2 −→ H2O; ΔG0 = −237.09 kJ mol−1[66], (2.3)
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where ΔG0 is the Gibbs free energy under standard conditions (298K, 105 Pa) for 1mol
of H2O.

Another important factor to describe Equation 2.3 is the standard cell potential E0
cell,

which describes the maximum potential that Equation 2.3 can deliver. E0
cell is related to

ΔG0 by Equation 2.4.

ΔG0 = −nFE0
cell, (2.4)

where n is the number of electrons involved in the reaction, and F is the Faraday constant,
which is 96.40 kJV. The standard cell potential is also defined as the sum of the standard
half-cell potentials (see Equation 2.5).

E0
cell = E0

O + E0
R, (2.5)

where E0
O and E0

R are the respective standard half-cell potentials of the oxidation and
reduction. E0

O or E0
R is derived against the standard hydrogen electrode (SHE), which

acts as a reference electrode. For the above half reactions 2.1 and 2.2, the standard half
potentials are E0

O =0V and E0
R =1.23V, respectively, resulting in E0

cell =1.23V [66]. The
Nernst equation (see Equation 2.6) can be employed to calculate the cell potential Ecell

for non-standard conditions [68, 69].

Ecell = E0
cell −

RT

nF
lnQ, (2.6)

where R is the gas constant, T is the absolute temperature, and for the specific case in
Equation 2.3, Q is defined according to Equation 2.7.

Q =
aH2O

aH2a
1/2
O2

, (2.7)

where ax is the activity for species x.

These equations are not only important to understand how fuel cells work, but also
the limitations of the system and how a fuel cell is designed.

2.1.2 Introduction to Fuel Cells

To convert chemical energy from a reaction into electricity instead of heat, the redox
reaction must be separated physically into reduction and oxidation. In a fuel cell, this
is achieved by placing an electrolyte between two electrodes, the cathode, where the
reduction takes place, and the anode, where the oxidation takes place. The electrolyte
must fulfill two main requirements; it must be highly ion conductive, and at the same
time it should be poorly electron conductive. This combination of requirements leads
to the ion species travelling through the electrolyte, while the electrons are transferred
through an external circuit, and, thus, provide electrical energy [70].
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Many different fuel cell types exist today, and their main distinguishing factor is
the choice of electrolyte, which then influences other parameters, such as operating
temperature, fuel flexibility, and certainly also fuel cell cost. The most wide-spread fuel
cell systems nowadays are proton exchange membrane fuel cells (PEMFC) and solid oxide
fuel cells (SOFC) [71]. Their names already hint at the difference between these two
systems; the electrolyte is a proton exchange membrane in the former case, and in the
latter case it is a solid oxide. In PEM fuel cells, the electrolyte conducts protons (H+)
through a membrane, which results in low operating temperatures, ranging between 70
and 110 °C, the need for high purity H2 fuel, and no CO contamination [70, 72]. Even
though low operating temperatures are often desirable, as they allow for fast start-up
times, which are deemed necessary for the transportation sector, and they convey a higher
sense of security, they also lead to the need for an expensive Pt catalyst. On the other
hand, SOFCs have very high operating temperatures, typically between 600 to 850 °C.
The high temperature is not only required to achieve satisfactory ion conduction through
the electrolyte, but it also negates the need for a Pt catalyst, which can drastically reduce
the cost of the fuel cell [19]. Because the conducted species in SOFCs are oxide ions, the
demand on the fuel is much less stringent, and, in addition to contaminated H2, even
hydrocarbons, such as ethanol, methanol and diesel reformate, can be used as a fuel
[19]. This has the great benefit that the infrastructure for refueling is already available
world-wide, which is not the case for H2 as a fuel. However, hydrocarbons as a fuel
partly negate the green energy argument for SOFCs, because the release of CO2 is not
prevented. Nevertheless, if SOFCs are compared to conventional combustion engines,
the levels of CO2 released is much lower for the SOFC. This is because fuel cells are
not limited thermodynamically by the Carnot cycle, thus, their electrical efficiencies are
much higher than those of combustion engines [73]. SOFCs outperform most other fuel
cell types when it comes to electrical efficiencies, and electrical efficiencies of above 60%
[15] have been reported for SOFCs compared to up to 50% for PEMFCs [46]. By using
the waste heat that is produced during the operation of the fuel cell for the generation
of additional electricity using heat engines or heating, the overall efficiency of an SOFC
can be increased even more to above 90% [15, 17, 74, 75]. Especially the market for
combined heat and power (CHP) units has expanded drastically in the last few years.
This can be found in the ENE-FARM project in Japan, which had installed over 260 000
PEM and SOFC micro-CHP units all across Japan as of 2018 [76, 77]. The benefits of
these CHP units are not only low emissions, but also the autonomy of the system. This
was for example demonstrated in 2018, when Osaka experienced a typhoon and most
households were without power, except for the ones that had previously installed the
ENE-FARM systems [78]. Even though the high operating temperatures for SOFCs result
in some benefits, they are also the cause of issues that do not arise at lower temperatures,
especially material degradation and slow start-up times. The latter is only problematic for
some applications, such as car engines, and, therefore, this technology is mostly considered
for stationary applications, range-extenders or as auxiliary power units (APU) in trucks or
recreational vehicles [70]. However, the high operating temperatures are often the reason
for fuel cell failure after long life-times and, thus, must be addressed, and the degradation
must be mitigated. In addition to the high cost of a SOFC, the degradation remains the
biggest obstacle to overcome before wide-spread commercialization of this technology can
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be achieved.

2.1.3 Solid Oxide Fuel Cell

The electrolyte in SOFCs is an oxygen anion conductor, and, thus reduction and oxidation
that take place in a SOFC (see Equations 2.8 and 2.9) differ from, for example, a PEMFC
(see Equations 2.1 and 2.2). The overall reaction, however, remains the same (see Equation
2.3).

Oxidation : H2 +O2− −→ H2O + 2e− (2.8)

Reduction :
1

2
O2 + 2e− −→ O2− (2.9)

A single fuel cell consists of three different parts, the anode, where oxidation occurs,
the cathode, where reduction occurs, and the electrolyte, which separates the electrodes
and, thus, the two half reactions from each other. The operating principle of a fuel cell is
depicted in Figure 2.1a.

Because the standard cell potential E0
cell for Equation 2.3 is 1.23V (see Chapter 2.1.1)

and due to further polarization losses, the applied energy output is typically below 1V [69,
79]. This is too low for any application, therefore, multiple fuel cells are connected in series
using interconnects to form a fuel cell stack, as shown in Figure 2.1b. All components,
the electrodes, the electrolyte and the interconnect, must fulfill certain requirements.
These are discussed in the following, and information on the state-of-the-art materials
used today is given. One requirement that all components must comply with is matching
thermal expansion coefficients (TEC). If this requirement is not fulfilled, thermal stresses
can build up during the heating or cooling that occurs during start-up or shut-down,
respectively [69].

Electrolyte The main requirements for an electrolyte were briefly touched upon in
Chapter 2.1.2: good ionic conductivity and poor electronic conductivity [81–83]. These
two requirements are what prevent combustion from occurring and instead lead to a
controllable reaction. The output energy of this reaction can be harnessed as electrical
energy. However, in addition, the electrolyte must be stable at high temperatures and in
anode and cathode atmospheres. No reaction should occur with the electrodes during
operation, and the electrolyte must be dense and non-porous to prevent the cathode
and anode gases from mixing [81–83]. The most commonly used materials today are
oxides that crystallize in fluorite structure or in perovskite structure and contain oxygen
defects that allow for good O2- conductivity [83]. Popular choices for electrolyte materials
are yttria-stabilized zirconia (YSZ) for high operating temperatures (above 700 °C) or
gadolinia-doped ceria (CGO) for lower temperatures [82, 83]. LaGaO3 is the most
prominent candidate for perovskite-based structures. Substitution of this material with
Sr and Mg (LSGM) results in higher ionic conductivity than YSZ if no secondary phases
are formed [82].
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Figure 2.1: Solid oxide fuel cell. a) Operating principle and b) fuel cell stack. Drawing
based on [80].

Anode The anode material must be stable at the operating temperatures and within
a large range of p(O2) pressures. The latter might be counter-intuitive, as the anode
experiences mainly low p(O2) levels during fuel cell operation. However, high p(O2) is
often present during the preparation of the anode, and the p(O2) levels vary drastically
throughout the fuel cell during fuel cell operation, due to increased levels of H2O towards
the fuel outlet [84]. The anode must also be catalytically active towards Equation 2.8.
Further requirements can be derived from Equation 2.8: the material must be a good
ion and electron conductor, and it must be permeable to H2 and H2O to ensure good
transport of the reactants and products through the electrode and towards the electrolyte,
the external circuit, or the gas outlet. This permeability is achieved through high porosity,
which also significantly increases the catalytically active surface area. High ionic and
high electronic conductivity are achieved in many practical cases by using composites
that contain two materials with either high ionic or high electronic conductivity. These
composites lead to the need for a large triple-phase-boundary (TPB) area. Most anode
materials today are a mixture between a good electron conductor and the electrolyte
material, which is a good ion conductor. This ensures that the TEC of the anode and the
electrolyte are very similar [84, 85]. The state-of-the-art anode material today is Ni-YSZ
[84].

Cathode The cathode material must fulfill requirements similar to the anode material,
with the exception that the cathode must be stable in high p(O2) atmospheres. The
cathode must also be stable at high temperatures, catalytically active towards the reduction
of O2 (see Equation 2.9), porous to ensure good gas flow, and it must be a good electron
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conductor that ideally would be a decent ion conductor. The last requirement is not
always fulfilled for cathode materials, and the TPB area is rather small in those cases. An
example of this is Sr-doped LaMnO3 (LSM), which is often used as a cathode material.
Sometimes YSZ is added to increase the ionic conductivity of this material. Mixed ionic
electronic conductors (MIEC) are preferred especially for intermediate temperature (IT)
SOFCs, with (La,Sr)(Co,Fe)O3 (LSCF) being the most common choice [86, 87].

One important degradation mechanism of fuel cells is Cr poisoning of the cathode,
which will be discussed in Chapters 2.2.3 and 2.3.1. This process, even if not yet fully
mechanistically understood, affects both LSCF and LSM cathodes, but due to the reduced
TPB area in LSM cathodes, the effect is more pronounced in there [73, 85, 86].

Interconnect Requirements for the interconnect material are very similar to those
for the electrolyte material, with the main difference being that while the electrolyte
must be a good ion conductor but a poor electron conductor, the exact opposite is
required of the interconnect. In addition to the high electron and low ionic conduction
properties, the interconnect must be stable at the operating temperature and in low
and high p(O2) atmospheres, and it must be non-permeable to the cathode and the
anode gases. Additionally, interconnects should be good thermal conductors and show
high chemical stability towards the electrodes [23, 73, 88]. A secondary function of the
interconnect, besides electrically connecting the cells, is distributing the gases throughout
the entire cell, therefore, the material should be easy to form. The design of gas channels
varies drastically among fuel cell manufacturers, with each company trying to minimize
the pressure drop, temperature gradients, and gas composition gradients throughout the
cell.

Interconnects are primarily made of ceramics, especially perovskites, such as Ca
or Sr-doped LaCrO3, for operating temperatures above 1000 °C. Because perovskites
are semiconductors, they require high operating temperatures to reach sufficiently high
electronic conductivities. Even though ceramic interconnects are highly stable under fuel
cell conditions, they are nowadays rarely used, not only because they are brittle and, thus,
not easy to form, but also because they are extremely expensive. Owing to improvements
carried out at the electrode and electrolyte levels, the operating temperatures of fuel cells
today are much lower and range between 600 °C and 850 °C. This allows for a completely
different material group to be considered as the new standard for interconnect materials:
stainless steels [23, 73, 88].

Stainless steels as interconnect material fulfill most requirements that an interconnect
must fulfill. They are very good electron and thermal conductors, easy to form, and
cheaper than ceramics. Ferritic stainless steels (FSS) have very similar TECs compared
to the state-of-the-art materials used as the electrodes and the electrolyte, and therefore,
are the main choice as interconnect materials [23, 88, 89]. However, steels degrade under
harsh conditions, such as high temperatures or aggressive atmospheres, both of which
are present in solid oxide fuel cells, with operating temperatures above 600 °C and low
p(O2) and high p(O2). To avoid heavy corrosion, steels are designed to form a slow
growing protective oxide on top of the material. The protective oxide for FSSs used as
interconnect material is typically the semi-conductor Cr2O3. Even though Cr2O3 protects
the interconnect from further degradation, it also causes some issues, such as evaporation
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of Cr(VI) species or an increase in the resistance of the interconnect [23, 88, 89]. These
degradation processes are one of the main factors that limit the life-time of SOFCs. It
has also been shown that the interconnect greatly impacts the overall cost of a fuel cell
stack, with estimates for the interconnect contribution ranging from 6% to 45% of the
fuel cell manufacturing stack cost [24–26]. Therefore, improvements in the interconnect,
i.e. increased life-time at decreased cost, could advance the commercialization of SOFCs.

The present thesis contributes knowledge about the degradation mechanism related
to the interconnect and then devises strategies for how to mitigate the degradation at
low cost. Some general background on corrosion is given in the following chapter to
understand these corrosion-related issues better, before delving into how corrosion affects
interconnects.

2.2 Oxidation Theory

Under ambient conditions, the thermodynamically favorable form for most metals is the
oxidized form, which is usually achieved through the reaction of the metal M with air,
according to Equation 2.10 [27].

αM(s) +
β

2
O2(g) −→ MαOβ(s) (2.10)

Even though the stable form is typically the oxidized metal, at ambient temperature
and in dry atmospheres the kinetics of Equation 2.10 are sluggish. This changes drastically
at elevated temperatures, and the oxidized form of the metal becomes the more prevalent
form. High temperature corrosion is detrimental to many applications for various reasons
and results in material loss [27]. Therefore, protective measures must be applied.

To understand the research conducted within the scope of this work, some basic theory
on high temperature corrosion, how diffusion impacts oxide growth or material failure,
and why evaporation phenomena occur is given in the following.

2.2.1 Thermodynamics

To understand if the reactant or the product of a reaction is in the thermodynamically
stable form, the Gibbs free energy of the reaction ΔG can be calculated according
to Equation 2.11, which is derived from the second law of thermodynamics under the
assumption of constant pressure and temperature.

ΔG = ΔH − TΔS, (2.11)

where ΔH is the change in enthalpy, and ΔS is the change in the entropy of the reaction.
The reaction is in equilibrium when ΔG equals 0. For ΔG < 0 the reaction occurs
spontaneously, and the products are thermodynamically favorable, while the opposite is
true for ΔG > 0, and the reaction will not occur spontaneously with the reactants being
in the thermodynamically favorable form [27, 68, 90]. Per mole oxygen ΔG of Equation
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2.10 can be calculated according to Equation 2.12.

ΔG = ΔG0 +RT ln

⎛⎝ a
2/β
MαOβ

a
2α/β
M aO2

⎞⎠ , (2.12)

where ΔG0 is the change in the Gibbs free energy under standard conditions for Equation
2.10, R is the gas constant, T is the absolute temperature, and ai is the thermodynamic
activity of species i. The thermodynamic activity can be assumed to be 1 for pure solids1.
The thermodynamic activity of gases is approximately equal to the gases’ partial pressure,
i.e. aO2 = pO2 . Thus, for the equilibrium state ΔG = 0, Equation 2.12 can be rewritten
as Equation 2.13.

ΔG0 = RT ln pO2 . (2.13)

Equation 2.13 defines the two factors that determine whether the metal oxide or the
metal is thermodynamically stable: the temperature T and the oxygen partial pressure
pO2 . The latter factor is also named dissociation pressure, as it describes the oxygen
pressure below which the metal oxide dissociates into the metal and oxygen [27].

Equation 2.13 can be used to classify different metals and their behavior according to
temperature and partial pressure. For this purpose, Equation 2.13 for different metals
is plotted against temperature and partial pressures of the oxidizing medium. This plot
is called the Ellingham/Richardson diagram. The Ellingham/Richardson diagram is
visualized in Figure 2.2 for selected oxides and their corresponding reduced form. The
slope of each line corresponds to ΔS in Equation 2.11. More stable oxides possess a
lower ΔG value, and all oxides become less thermodynamically stable with increasing
temperatures. [27, 91]. Cr2O3 plays a vital role in the present work, as this oxide was
formed on the investigated materials and is therefore highlighted in Figure 2.2.

2.2.2 Kinetics

Even though the oxidized form of most metals is thermodynamically more stable than
the pure metal, the oxidized form might still not be the prevalent one, due to the
kinetics of Equation 2.10. Kinetics also define how quickly an oxide scale grows and are,
thus, an indicator for when a material fails, due to material loss, mechanical failure, or
other application-dependent issues. Therefore, the kinetics of oxide scale growth are an
important factor in determining the life-time of metals and steels.

Oxide Formation and Growth Reactions like in Equation 2.10 are multiple step
processes in reality, and these multiple steps must be understood, and the rate-determining
step must be identified to understand the kinetics of a reaction. Three steps occur in the
oxidation of a pure metal, as depicted in Figure 2.3. In the first step, oxygen is adsorbed
onto the metal surface, and in the second step, metal oxide nucleation occurs. Both

1Alloys are not pure solids, therefore, their activity aM depends on the concentration of the metal M
in the alloy.
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Figure 2.2: Ellingham/Richardson diagram for selected oxides relevant for the present
thesis. This diagram was reconstructed from [27, 92]. The CoO/Co3O4 equilibrium was
calculated using [93].
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of these processes are highly dependent on surface conditions, e.g. surface preparation,
defects at the surface of the material, and gas or metal impurities. Once a continuous
oxide scale has formed on the metal, the third step, scale growth occurs. This process
is subsequently dependent on the solid-state diffusion of electrons and ions through the
oxide scale. Porous oxides can form on certain metals and under certain atmospheric
conditions. In these cases, the oxide does not act as a solid-state diffusion barrier [27, 90].
The first two steps of oxide formation are typically rapid at high temperatures, and the
third step is commonly the rate-determining step. Slow-growing oxide scales can form a
protective layer on the metal, preventing direct contact between the gas and the pure
metal. These oxides are called protective oxides, and several properties of an oxide lead
to it being slow-growing, such as low porosity, high density, high stoichiometry, and the
low diffusivity of oxygen anions and metal cations [27, 90].

Figure 2.3: Schematic drawing of the process of oxide growth on a metal substrate according
to [27]. The three main steps are: 1) Oxygen adsorption, 2) oxide nucleation, and 3)
continuous oxide scale growth.

Rate Equations To analyze oxide scale growth and its progress, three different aspects
can be observed throughout high temperature exposure of a metal: metal consumption,
oxygen uptake, or oxide scale growth. From an experimental point of view, the latter
option is preferable, as they can be easily followed by measuring the weight gain of the
metal. However, under certain conditions, e.g. evaporation phenomena or the formation
of different oxide scales, the mass gain might be falsified, and factors besides weight must
be analyzed [90]. Rate equations are employed to describe scale growth mathematically.
The three most basic rate equations that apply for metal oxide growth are described
below, and their behavior is visualized in Figure 2.4. The true behavior of oxide scale
growth in reality is often a mixture between different rate equations, but even simple rate
equations can still serve as a rough classification for different oxides and can help identify
protective oxides [90].

Linear Rate Equation The growth of highly porous oxide scales or very thin oxide
scales often follows the linear rate equation shown below (see Equations 2.14).

x = klt+ C, (2.14)
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Figure 2.4: Typical growth behavior of metal oxides [27].

where x is the oxide thickness and can be substituted with the mass gain Δm, kl is the
linear rate constant, and C is the integration constant. As can be seen in Figure 2.4, this
oxide scale growth behavior increases linearly, and no decrease in mass gain over time
is found. This growth behavior is independent of gas or metal consumption, and the
rate-determining step is either a surface-related process that occurs during the oxygen
adsorption (step one) and oxide nucleation (step two) of the oxide scale growth (see Figure
2.3), or a phase boundary process [27].

Logarithmic Rate Equations Logarithmic scale growth occurs primarily at rather
low temperatures, between 300 °C and 400 °C and for thin oxide scales up to 50 nm. Two
different mathematical functions can be used to describe logarithmic oxide scale growth:
the direct logarithmic function (see Equation 2.15) or the inverse logarithmic function
(see Equation 2.16) [94, 95].

Direct Logarithmic : x = klog log(t+ t0) +A, (2.15)

InverseLogarithmic :
1

x
= B − kil log t, (2.16)

where x is the oxide thickness or the mass gain Δm, klog is the logarithmic, and kil is the
inverse logarithmic rate constant, t is the exposure time, and A and B are the integration
constants. Figure 2.4 depicts the direct logarithmic rate law; a steep mass gain occurs
during the initial stages of oxidation but then drastically decreases to nearly negligible
values [95]. The mechanism, including the rate-determining step for these rate laws, has
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not yet been agreed upon, especially because the parameters that influence this rate
law are complicated to verify independently. Suggestions for the rate-determining step
include: the transport of ions or electrons through the oxide scale along an electric field,
chemisorption, or cavity formation [90, 91, 95].

Parabolic Rate Equations Numerous metals comply with the parabolic rate
equations at high temperatures [27, 95]. This rate law is given by Equation 2.17.

x2 = kpt+ C, (2.17)

where x is the oxide thickness or the mass gain Δm, kp is the parabolic rate constant, t is
the exposure time, and C is the integration constant. One limitation of this rate law is that
it does not cover the initial stages of oxidation, as it is based on a pre-existing oxide scale.
For parabolically growing oxide scales, the rate-determining step is solid-state diffusion
through the oxide scale [27, 95]. Parabolically growing oxides are often considered the
ideal case to form protective oxide scales, because the increasing thickness of the oxide
scale over time results in longer diffusion paths and, thus, leads to a decrease in the oxide
scale growth rate at longer exposure times [27].

In 1933, Carl Wagner postulated an oxidation theory stating that oxide scale growth
occurs only via lattice diffusion [96–98]. Within this theory, Wagner made the following
assumptions about oxide scales [90, 91, 98]:

• The formed oxide scale is dense, continuous, and well-adherent.

• The rate-determining step is solid-state diffusion of ions, electrons, or electron holes
through the scale.

• The processes occurring at the phase boundaries are rapid enough that they do not
influence the reaction rate.

• Both interfaces, the metal-oxide and the oxide-gas, are in a thermodynamic equilib-
rium state.

• The stoichiometry of the oxide is consistent throughout the scale.

• The scale is in thermodynamic equilibrium throughout the scale.

• The thickness of the scale is much greater than the maximum length where charge
effects occur.

• Oxygen solubility is negligible in the metal.

Some of these assumptions have been questioned and even Carl Wagner himself has
proposed some alterations [99]. Nevertheless, the model delivers sufficiently good results
and is still used today.
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2.2.3 Oxide Properties

The parabolic growth of oxide scales is dependent on ion mobility through the scale,
and this is influenced by certain properties of the oxide. Therefore, the properties that
affect oxide scale growth will be discussed next. First, oxide defects, which are the main
contributor to ion mobility through the oxide scale and determine if an oxide scale is
inward or outward growing, are addressed. Then the volume expansion that occurs during
the oxidation of a metal will be analyzed according to Pilling and Bedworth [100], and
lastly, the decrease in oxide thickness due to the vaporization of oxide species will be
discussed.

Oxide Defects The growth mechanism of oxides is highly dependent on the solid-state
diffusion of metal cations, oxygen anions or electrons, and electron holes through the oxide
scale. Defects must be present for solid-state diffusion to occur. Even highly stoichiometric
oxides, such as Al2O3 and Cr2O3, have defects, because below a certain concentration,
the presence of defects decreases the free energy of the crystal [101]. Defects are classified
into three different classes: point defects, line defects, and plane defects, with the latter
two occurring, for example, along grain boundary interfaces or stacking faults [27]. Point
defects can be divided into two groups: stoichiometric defects, also called intrinsic defects,
and non-stoichiometric defects, also called extrinsic defects. Doping of an oxide with
another element leads to extrinsic defects. The two most common intrinsic defects in
oxides are Schottky and Frenkel defects, which are visualized in Figure 2.5 with the most
basic crystal structure, the rock-salt structure of NaCl or AgCl, respectively. For Schottky
defects, a cation vacancy is charge-compensated by an anion vacancy, whereas for Frenkel
defects, the charge compensation of either a cation or an anion vacancy is achieved by an
interstitial cation or anion, respectively. The Frenkel defect is visualized with a cation
defect in Figure 2.5 [101].

Figure 2.5: Schematic drawing of Schottky (a) and Frenkel (b) point defects common to
stoichiometric oxides. The ratio of the ion diameter in this drawing is not representative
of the actual ratio [101].

The diffusion of ions or electrons through the oxide occurs along defects. The diffusion
rate varies depending on the defect that is involved and the exposure temperature. Lattice
diffusion, for example, takes place utilizing point defects and is the slowest form of
diffusion. In contrast, diffusion along grain boundaries is much faster and is, thus, termed
short-circuit diffusion [27]. The high activation energy for lattice diffusion and the low
activation energy for grain boundary diffusion results in the latter being more dominant
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Figure 2.6: Schematic drawing of defect structure in oxides and what they implicate for
the growth direction of an oxide. Reconstructed from [103], with γ = β + 1, i = interstitial,
Vx =vacancy at lattice site x.

at lower temperatures and the former being more dominant at higher temperatures [27,
102]. This temperature dependence is even further amplified by the coarsening of the
grains that occurs at higher temperatures [91]. These general statements are not only
valid for diffusion within an oxide but also for diffusion within the steel used, which is
important for alloys [102].

The defects that exist in a thermally grown oxide also influence the growth direction
of the oxide (see Figure 2.6). Depending on their predominant defect, the oxides can
be classified similar to semi-conductors into n- and p-type oxides; the former conduct
electrons along the conduction band, and the latter conduct electron holes along the
valence band.

Pilling-Bedworth Ratio The requirements a protective oxide must fulfill were stated
in Chapter 2.2.2. For a quick assessment if an oxide is protective or non-protective N.
B. Pilling and R. E. Bedworth formulated Equation 2.18 in 1923 [100]. They suggested
that the protectiveness of an oxide can be evaluated according to what stresses buildup
in the oxide, and this can easily be calculated by the ratio between the volume of the
metal oxide Voxide and the metal Vmetal itself [27, 90].

PBR =
Voxide

Vmetal
, (2.18)

where a Pilling-Bedworth ratio (PBR)< 1 results in tensile stresses and possibly pores
in the oxide, and a PBR> 1 results in compressive stresses in the oxide. Due to the
nature of these stresses, Pilling and Bedworth have suggested that oxides with a PBR
just above 1 are protective and lead to continuous oxide coverage, because compressive
stresses inhibit crack and pore formation. However, Pilling and Bedworth expect buckling
of the oxide for oxides with PBR values that are much greater than one; this would
gradually result in oxide spallation. In general, the PBR approach assumes that the
oxide is inward growing, and oxygen inward diffusion is the predominant diffusion. Many
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exceptions to this assumption are currently known, and the classification of an oxide into
protectiveness or non-protectiveness is not straightforward [27, 90]. Even though the
original interpretation of the PBR is outdated, it is still broadly used today to estimate
the volume expansion that occurs when a metal is fully oxidized. Some important PBR
values that are used in this thesis are given in Table 2.1.

Table 2.1: PBR values for some metal-oxygen systems. Unless otherwise stated, the values
were taken from [90].

Oxide PBR

Al2O3 1.28
Cu2O 1.64
FeO (on α-Fe) 1.68
CoO 1.86
Co3O4 1.98 [104]
Cr2O3 2.07
Fe3O4 (on α-Fe) 2.10
Fe2O3 (on α-Fe) 2.14

Volatilization of Oxides Most metal oxides are stable at high temperatures, however,
there are also some metal oxides that form volatile oxide species at higher temperatures or
in certain environments. Examples that are often discussed in relation to high temperature
corrosion are Cr oxides, Mn oxides, and W oxides. Because of the high activation energy
of the evaporation process, this process becomes more important at high temperatures
[27]. Cr-evaporation is a major topic in the present thesis, therefore, the evaporation
process will be explained using Cr evaporation.

A very common protective oxide scale for alloys is Cr2O3, which is considered stable
in a dry atmosphere and at low oxygen partial pressures. However, this oxide can form
many different gaseous Cr(VI)-species, and the vaporization process of gaseous CrO3

(see Equation 2.19) becomes relevant for the life-time of an alloy above 1 000 °C and at
p(O2)≥ 1 atm .

Cr2O3(s) +
3

2
O2(g) −→ 2CrO3(g) (2.19)

Besides leading to the release of carcinogenic Cr(VI) species, this evaporation also results
in material consumption, Cr depletion in alloys or poisoning of the cathode in SOFCs (see
Chapter 2.3.1). What is even more problematic, however, is that under humid conditions, a
different gaseous Cr(VI)-species, CrO2(OH)2, forms at much lower temperatures according
to Equation 2.20.

Cr2O3(s) + 2H2O(g) +
3

2
O2(g) −→ 2CrO2(OH)2(g) (2.20)

Even small amounts of water vapor favor the formation of CrO2(OH)2 over the formation
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of CrO3 [28–30]. The difference in temperature dependence for both gaseous Cr(VI)-
species is also mirrored by the difference in activation energy for the formation of CrO3

versus CrO2(OH)2. The latter has a comparatively low activation energy, resulting in
reduced temperature dependence [28].

Cr evaporation leads to an increase in the consumption of Cr. The scale growth rate
is altered due to the competing processes of continuous parabolic Cr2O3 growth and
continuous Cr evaporation. In theory, most systems will eventually reach a steady-state
scale thickness, which is expressed as weight loss in a thermogravimetric analysis [27].
This behavior is called paralinear oxidation.

2.2.4 Oxidation of Alloys

Today very few pure metals are used commercially, and instead, alloys are the material of
choice, for example steels, which are Fe containing alloys. Different steels have different
alloying elements, which are often added to achieve certain properties. Stainless steels
comprise one common steel class. They contain at least 10wt% Cr and are often the
material of choice for high temperature applications. The oxides formed during the
oxidation of alloys usually do not have the same composition as the alloy, and the oxide
composition and structure might change during oxidation. Oxides can be formed on the
surface of the material and internally in the alloy. Some basic information is given in the
following on how alloys oxidize and what general rules might influence oxidation. For
more detailed information, the reader is referred to [27].

Two elements can oxidize in a simple binary alloy, element A and element B. If both
oxides are thermodynamically stable at a given temperature and oxygen partial pressure
and the concentration of both alloying elements is high enough, a transient oxide may form
on the surface of the alloy in the initial stages of oxidation. In theory, a faster growing
oxide (BO) will quickly overgrow a slower growing oxide (AO). However, in practice, if
element A is less noble than element B, a displacement reaction (see Equation 2.21) will
take place at the scale/metal interface, and concentration gradients throughout the scale
and in the metal will occur [27].

A(in alloy) +BO −→ AO +B(in alloy), (2.21)

Over time, a continuous oxide scale of AO will be formed on the alloy surface, and, if the
rate-determining step for the progressing oxidation is solid-state diffusion through the
scale, the oxidation will then proceed according to the parabolic rate law. To achieve a
continuous AO scale, sufficiently high concentrations of A are needed. If this is not the
case, the oxidation of B will instead occur. This can also happen locally, for example the
alloy might still have a high concentration (mole fraction: NA) of alloying element A in
its bulk, but a depletion zone below the scale forms because of slow diffusivity of alloying
element A (DA) through the alloy. In that case, the fast-growing oxide BO will form [27].

Another species that has been neglected in the discussion above is oxygen. If oxygen
is soluble in the alloy, it can penetrate the alloy and lead to internal oxidation. Therefore,
two other factors must be acknowledged: the diffusivity (DO) and mole fraction (NO) of
oxygen. In very simple terms, external oxidation is favored if Equation 2.22 is fulfilled
[27, 105].
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NADA � NODO, (2.22)

With these parameters Carl Wagner derived two conditions, one for the initial stages of
oxidation and one for the latter stages. These two criteria describe, at what concentration
(NA) the formation of an external oxide scale (AO) occurs (Criterion 1), or at what
concentration (NA) the upkeep of the oxide AO is secured (Criterion 2). These conditions
are explained and shown below for a case where Cr is the element that forms the protective
oxide scale and is, thus, considered as element A.

The first criterion that Wagner devised, describes above which critical Cr concentration
N crit1

Cr an external Cr2O3 scale is formed and internal oxidation is prevented (see Equation
2.23).

N crit1
Cr >

[
πg∗

3

VM

VMxOy

N
(s)
O DO

D̃Cr

]1
2
, (2.23)

where g* is a factor that is set to 0.3 according to [106], VM and VMxOy
are the molar

volumes of the alloy and the oxide MxOy, which for Cr2O3 on top of Fe-Cr, results in

VM = 7 cm3 mol−1 and VMxOy = 15 cm3 mol−1, N
(s)
O is the oxygen solubility in the alloy,

DO is the oxygen diffusivity in the alloy, and D̃Cr is the chemical diffusivity of Cr. This
criterion (see Equation 2.23) is only valid if no prior oxide scale is present on the alloy
[107, 108].

The second criterion by Wagner describes above which critical concentration N crit2
Cr

the pre-formed external Cr2O3 scale is sustained (see Equation 2.24).

N crit2
Cr >

VM

32v

(
πkp

D̃Cr

)1

2
, (2.24)

where v is a stoichiometric factor, which is 1.5 for Cr2O3, and kp is the parabolic rate
constant. Below the critical Cr concentration, N crit2

Cr , Fe will oxidized instead of Cr in
the Fe-Cr system. The failure is due to a depletion of Cr below the oxide scale caused
either by the depletion of Cr in the entire material, or by local depletion caused by an
insufficiently fast Cr diffusivity in the base alloy [107, 109].

Failure to fulfill these Wagnerian criteria results in breakaway corrosion.

Breakaway Oxidation Breakaway corrosion occurs under certain circumstances in
alloys, where one of the elements forms a protective oxide scale and another element forms
a poorly or non-protective scale. Breakaway oxidation is defined as a sudden change from
primarily forming a slow-growing oxide to primarily forming a fast-growing oxide and can
be detected by a sudden change in mass gain behavior from a formerly parabolic behavior
to a linear behavior (see Figure 2.4) [27, 110].

Breakaway corrosion occurs due to different circumstances, but the two main reasons
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are intrinsic chemical failure (InCF) or mechanically induced chemical failure (MICF) [110].
InCF is primarily due to the above discussed depletion of the protective oxide-forming
element in the alloy. Material failure and the formation of a non- or less protective
fast-growing metal-oxide (e.g. Fe-rich oxide) scale occurs when the Cr content of the alloy,
N crit2

Cr , falls below a certain threshold (see Equation 2.24) [27, 110].
On the other hand, MICF occurs when the oxide scale reaches a critical thickness and

cracks, ruptures, or even detaches partly. This negates the barrier effect the oxide has,
and instead the metal and the gas come in direct contact. Depending on other factors,
this can either lead to breakaway oxidation or not. No breakaway oxidation will occur
if the Cr concentration in the alloy directly beneath the crack fulfills Equation 2.23 [27,
110]. The first criterion of Wagner applies to this example, because no oxide scale is
directly present at the crack and instead metal gas contact occurs. Breakaway oxidation
will, however, happen, if the Cr concentration N crit1

Cr does not fulfill criterion 1 locally
(see Equation 2.23) [111].

Outside factors are known to influence the probability that breakaway oxidation will
occur. For example, it is generally acknowledged that for Cr2O3-forming alloys, the
presence of water vapor in high p(O2) atmospheres greatly increases the risk of breakaway
oxidation due to Cr evaporation (see Chapter 2.2.3) [112–114].

2.3 Oxidation of Ferritic Stainless-Steel Interconnects

The function and requirements for interconnects was discussed in Chapter 2.1.3. Nowadays,
the state-of-the-art interconnect material for solid oxide fuel cells is stainless steel. The
following chapter explains which steels and which coatings are the most suitable for
interconnect applications in terms of corrosion resistance, electrical conductivity, and cost,
amongst others. Degradation mechanisms that affect the interconnect are also explained,
such as Cr evaporation and the dual atmosphere effect.

2.3.1 Material Selection

Steels that are used at high temperatures often rely on the formation of a protective
oxide to slow down the continuous oxidation of the material, which can eventually lead to
material failure. Most steels either form an Al2O3 or a Cr2O3 scale. Even though the
former is highly stable at high temperatures and has a lower kp value than the latter,
meaning that Al2O3 grows slower than Cr2O3, it is unsuitable for interconnect applications.
This is because the main function of an interconnect is to electrically connect individual
fuel cells to each other, and Al2O3 is an insulator, while Cr2O3 is a semiconductor [27].
Therefore, stainless steels, which are defined as steels with a minimum Cr content of
about 10wt%, are the material of choice for interconnects.

Different types exist within the stainless-steel class, and these are classified according to
their crystalline structure. The two most common types are ferritic and austenitic stainless
steels, which crystallize in a body-centered cubic (BCC) or face-centered cubic (FCC)
structure, respectively. Due to their respective TEC, which is between 11.5 · 10−6 K−1

and 14 · 10−6 K−1 for ferrites [88] and between 18 · 10−6 K−1 and 20 · 10−6 K−1 for
austenites [88], ferritic stainless steel is the favored choice, because the TEC matches better
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with other fuel cell components (TECSOFC =10.5− 12.5 · 10−6 K−1 [88]). Consequently,
interconnect research is mainly focused on ferritic stainless steels (FSS) and specifically
FSSs with a Cr content between 16 and 26wt% [89]. The oxidation of FSS suggested for
use as interconnect material typically obeys the parabolic rate law, and the FSS Cr2O3

scale grows with a kp value between 10−14 and 10−13 g2 cm−4 in air at 800 °C [115–119].

Even though FSSs are the material of choice for interconnects for various reasons, such
as ease of formability, TEC coefficients that match other cell parts, high electrical and
thermal conductivity, and lower cost than ceramic interconnects, some issues that impact
the life-time and cost of a fuel cell remain. The most obvious issue stems from the fact
that humid conditions and high p(O2) partial pressures are present on the air side of
the interconnect, and the interconnect contains high amounts of Cr. Cr evaporation (see
Chapter 2.2.3) plays a huge role in the degradation of a fuel cell due to these conditions.
Besides continuous Cr consumption, which can lead to Cr depletion, the much more
problematic effect of hexavalent gaseous Cr species in a fuel cell is that it blocks the TPB
in the cathode and leads to cathode poisoning and, thus, fuel cell degradation [120, 121].
It has been previously suggested that roughly one third of the entire degradation of a
fuel cell can be attributed to Cr evaporation [120, 122]. Another degradation mechanism
that is related to Cr is the continuously increasing electrical resistance of the interconnect
caused by the continuously growing semiconductive Cr2O3 scale. These are the two
most common degradation mechanisms for interconnects, and their mitigation is most
widely researched today, however, other degradation mechanisms exist; one of them is the
dual atmosphere to which the interconnect is exposed, and which can lead to breakaway
oxidation.

These two main degradation mechanisms can often be mitigated to a certain extent by
adding or omitting certain alloying elements to or from the interconnect material. These
specifically designed alloys often perform well in Cr retention and have slow oxidation
rates, however, they are more costly than commercially available materials [123]. A very
common specifically designed interconnect material is Crofer 22 APU, which has a Cr
content above 22wt%. The major drawback of these specifically designed materials is
their high cost. Interconnects can contribute up to 46% of the overall material cost of a
fuel cell [124] and, therefore, any reduction in material cost has the potential to decrease
the overall cost of the fuel cell drastically. One common approach to reducing interconnect
cost is to switch to more widely used steels, such as AISI 441 or AISI 430, which have
between 16 and 20wt% Cr [31, 49, 125–133]. Figure 2.7 shows that the reduction in
manufacturing cost with a shift from Crofer 22 APU to AISI 441 is present even for large
volume productions. Therefore, the material cost savings can be relayed to the overall
fuel cell cost at all production volumes [26]. The drawback of these cheaper materials is
that, due to their low Cr content, they are probably more suited for IT-SOFCs with an
operating temperature below or equal to 700 °C [49].

Minor alloying elements can result in promising properties for the interconnect material.
Below important alloying elements that alter the properties of the interconnect in either
direction, towards more degradation of the interconnect or less, are briefly discussed.
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Figure 2.7: Manufacturing cost for interconnects depending on material used and produc-
tion volume. The following parameters were chosen for this study: 15 μm MCO coating,
which was applied using PVD. Reconstructed from [26].

Alloying Elements

Manganese Mn is present in most materials considered for interconnect applications
as a minor alloying element in concentrations of around 0.3 to 0.5wt% [49, 123]. The
advantage of Mn in an alloy is a reduction in Cr evaporation due to the formation of a
(Cr,Mn)3O4 spinel as a cap layer on top of the continuously growing Cr2O3 scale. It has
been shown that this alloy addition reduces the Cr evaporation rate by a factor of 2 to 3
[123, 134]. This reduction is not sufficient to prevent Cr poisoning of the cathode, and,
instead, coatings are typically used to achieve good Cr retention rates (see Chapter 2.3.2).

Si and Nb, Mo, or W Si is present in all steels, and it is a byproduct of steel
production, where it is used as a de-oxidant [135]. The presence of Si in alloys used for
interconnect applications can be detrimental to the SOFC. This is because the Si oxidizes
at high temperatures and forms SiO2. If the Si content in the material is high enough, a
continuous SiO2 layer can form. A continuous sub-scale SiO2 layer leads to two issues
due to the properties of SiO2. First, because SiO2 is an electrical insulator, the resistance
of the interconnect could be drastically increased [136–138] and, second, it was previously
suggested that the spallation that occurs during thermal cycling of, for example, uncoated
AISI 441 is due to the extremely small TEC of SiO2 compared to the TEC of the alloy [80,
138]. Two different approaches are common to avoid both these effects. Si is avoided to a
large extent in more expensive FSSs and especially steels that are specifically designed for
use as interconnects, such as Crofer 22 APU, by using a costly vacuum induction melting
process. An alternative approach is to bind the Si instead of preventing its presence and
thus avoid the formation of SiO2. This is achieved by adding other alloying elements,
such as Nb or Mo, which form Laves precipitates with Si in the steel. An added benefit
of this approach is that Laves phases increase the hardness and the creep strength of the
steel [136, 137].
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Reactive Elements Reactive elements (RE) are often added to Cr2O3-forming
alloys used in high temperature applications. REs are known to improve oxidation
resistance by increasing scale adhesion and, to a certain extent, decreasing the oxide scale
growth rate. Ce, La, Hf, and Y are most commonly used, and they are added at very
low concentrations, because high concentrations can lead to an adverse effect [35, 36, 90,
139–142].

The mechanism for how REs improve corrosion behavior is still being debated. One
theory is that the improvement of scale adhesion is brought about by improved interfacial
chemical bonding. One aspect of this interfacial chemical bonding is the ”sulfur effect”,
which suggests that the alloying element sulfur segregates to the metal/scale interface,
which might harm scale adhesion. This segregation is proposed to be hindered to a certain
degree by REs, leading to an increase in scale adhesion [27, 143, 144]. However, the
validity of this theory is uncertain, because oxide spallation is also found under conditions
that eliminate sulfur segregation [143, 144].

The most prominent theory is that the REs change the growth direction of the oxide.
It is suggested that the non-doped Cr2O3 scale grows predominantly outward through
metal-outward diffusion, but simultaneously also some inward growth through oxygen
inward diffusion occurs. Doping an oxide with REs is thought to inhibit metal-outward
diffusion by segregating the REs in the oxide grain boundaries. The oxide then becomes
predominantly inward growing, because the smaller oxygen anions are not affected by the
presence of the REs in the grain boundaries. The growth process now occurs predominantly
by oxygen inward diffusion [144–148]. This change in growth direction would not only
explain the improved scale adhesion, but also the decreased oxide scale growth rate.
However, Falk-Windisch et al. [149] have shown that this theory might not be fully
applicable. Those authors could not find proof that the oxide was predominantly inward
growing if a Ce coating was applied, and instead the growth mechanism still seemed to
be predominantly outward growing, with only a minor increase in inward growth.

2.3.2 Protective Coatings

Besides adding alloying elements to the steel, coatings have been an effective measure to
hinder Cr evaporation or decelerate Cr2O3 scale growth. Especially for cheap commercially
available FSSs, such as AISI 441, coatings have been proven indispensable. Coatings are
the norm for interconnects today.

Some important requirements must be fulfilled to be considered as a usable interconnect
coating, such as good adhesion, good compatibility with other fuel cell parts, high electrical
conductivity, and of course the coating must be effective in mitigating Cr evaporation,
decreasing the oxide scale growth rate, or limiting other degradation processes of the
interconnect. One very common coating material was discussed in Chapter 2.3.1; reactive
elements that increase oxide scale adhesion and have been shown to decrease oxidation
rate. Instead of adding them directly to the alloy, which would result in expensive and
specifically designed steels, the same effect can be achieved by adding a thin reactive
element coating to the steel surface [35, 36]. If an RE coating is applied, similar rules for
adding REs to the alloy apply; the coating thickness should not be too thick, otherwise
an adverse effect could occur [142].
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Spinel or perovskite oxide coatings are often suggested to increase the Cr retention of
interconnects. While perovskite oxides coatings have high electrical conductivities and
are compatible with other fuel cell parts, their adhesiveness to steel and their effect on Cr
retention rates are often poor. Additionally, thick perovskite coatings must be applied
to achieve a reduction in oxidation rate [44, 150–152]. In contrast, spinel coatings excel
at Cr retention and are, therefore, considered state-of-the-art. The (Mn,Co)3O4 (MCO)
coating has particularly shown excellent Cr retention rates while also being a decent
semi-conductor with sufficiently high electron conductivity at 800 °C (see Table 2.3.3)
[33, 34, 153, 154]. Besides applying this coating directly as an oxide via powder-based
methods, such as electrophoretic deposition [155], spray coating [156], or screen printing
[157], the coating can also be applied via a conversion route [37, 152]. For this route, the
steel is coated with a metal, which is oxidized during high temperature exposure. To
achieve the MCO coating, the steel is coated solely with Co, which rapidly oxidizes to form
Co3O4 at high temperatures. The ensuing outward diffusion of Mn from the steel leads
to the enrichment of Mn in the Co oxide and, thus, MCO is formed [37, 130, 152, 158].
The last step, the outward diffusion of Mn, is temperature dependent. While high Mn
content in the outer spinel layer has been found at 850 °C, up to 26 cation% after 3000 h
of exposure [37] at 650 °C, Falk-Windisch et al. [159] have measured only 2 to 3 cation%
in the outer Co spinel under the same conditions and for the same material, Co-coated
Sanergy HT. Instead, a Mn- and Cr-rich scale was found at the steel oxide interface. Even
though the poor diffusivity resulted in less conductive spinels at 650 °C than at 850 °C
(see Table 2.2), Falk-Windisch et al. [159] have shown excellent results, with area specific
resistance values around 4 to 8mΩ cm2 and improved Cr-retention rates 650 °C than at
higher temperatures. Conversion coatings have some benefits over powder-based methods:
high density and thin coatings are much easier to achieve with the former. An additional
advantage of this coating technique is that it can be applied in a cost-effective large-scale
roll-to-roll PVD process instead of batch coating. This manufacturing process is possible
because of the self-healing capabilities of the Co coating, which will be discussed below.

Today the state-of-the-art coating is considered to be a 640 nm thick Co coating on
top of a 10 nm thick Ce coating [56, 57]. This coating combines the advantages of the Co
coating, good Cr retention rates, with the advantages of a RE coating, improved scale
adherence, and lower oxidation rates.

Self-healing Capabilities of Coatings As mentioned, large-scale roll-to-roll processes
can be used to coat interconnects cost effectively. The drawback of this manufacturing
process is that to use a roll-to-roll process the deformation of the interconnect into its
final form must be done after the material is coated (see Figure 2.8). This stamping step
is known to introduce cracks into the coating, which could negatively impact coating
effectiveness. However, Falk-Windisch et al. [47, 48] have previously shown that even
though these cracks exist, neither the Cr evaporation rates nor the mass gains are affected
by the stamping. This finding means that deformed Ce/Co-coated FSS performed, within
limitations, just as well as undeformed Ce/Co-coated FSS at 850 °C. The authors suggest
that (Cr,Mn)3O4 first formed as a top layer inside the cracks, and the ensuing lateral
diffusion of Co from non-cracked regions resulted in a uniform (Co,Mn)3O4 scale after
168 h of exposure [47, 48].
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Figure 2.8: Schematic drawing of the step-wise preparation of post- or pre-coated steel.
Reconstructed from [47].

2.3.3 Electrical Conductivity of Oxide Scales

An important requirement for an interconnect is high electrical conductivity. The FSS
itself is highly conductive, however, the oxides that form on the interconnect, either due to
continuous oxidation or due to the coating, can greatly decrease the electrical conductivity
of the interconnect as a whole, which leads to ohmic losses of the fuel cell [160]. Therefore,
it is important to understand how the electrical conductivity of oxides is defined, and how
this degradation can be evaluated experimentally using area specific resistance (ASR).

The electrical conductivity (σtotal) of an oxide scale is defined as the sum of the ionic
and electronic charge carriers, according to Equation 2.25,

σtotal = σionic + σelectronic = σtotal (tionic + telectronic) , (2.25)

where σionic and σelectronic are the respective conductivities, which are defined by Equa-
tions 2.26 and 2.27 with the transport numbers tionic or telectronic [27].

σionic = σtotal · tionic, (2.26)

σelectronic = σtotal · telectronic. (2.27)

The electronic conductivity σelectronic is defined according to Equation 2.28 as the sum of
the conductivity of the electrons σe and electron holes σh.

σelectronic = σe + σh = e(nve + pvh), (2.28)

where n and p are the concentrations of electrons and electron holes, respectively, and
ve and vh are the corresponding electron and electron hole mobilities [27]. Similarly, the
total ionic conductivity σionic is defined as the sum of the anion and cation conductivities
[27].

The temperature dependency of the overall conductivity is defined by the mobility
and the concentration terms. The mobility of electrons typically decreases at higher
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temperatures, while the concentration term, which is composed of the concentration
of electrons and electron holes, increases. The concentration term increases to such
an extent that electronic conductivity σelectronic is mainly dependent on this term at
high temperatures in oxides. In contrast, the electronic conductivity in metals is mainly
dependent on the mobility term at high temperatures. This leads to the fact that the
conductivity of metal oxides increases with higher temperatures, while it decreases for
metals. Oxides for which this is true, for example Cr2O3 and Co3O4, are classified as
semiconductors [27]. To describe the temperature dependency of the electrical conductivity
of an oxide scale, the Arrhenius equation (see Equation 2.29) is used.

σ = σ0 · exp
(−Ea

R · T
)
, (2.29)

where σ0 is a pre-exponential factor, R is the ideal gas constant, T is the absolute
temperature, and Ea is the activation energy.

Oxide scales for interconnects are typically discussed in terms of their resistance R,
instead of their conductivity (see Equation 2.30).

R =
1

σ
· L
A
, (2.30)

where σ is the conductivity, L is the oxide thickness, and A is the measured area. To
achieve an area-independent value, the area specific resistance (ASR) is used to assess
and compare the conductivities of exposed interconnects (see Equation 2.31).

ASR = A ·Rtot. (2.31)

Conductivity of Cr2O3 Cr2O3 is an intrinsic semiconductor above 1 000 °C, however,
it is an extrinsic semiconductor below 1 000 °C and, therefore, reliant on dopants or local
stoichiometric defects [161, 162]. Reported conductivity values for Cr2O3 mirror this
change in behavior. While the literature is unanimous when it comes to the conductivity
of Cr2O3 above 1 000 °C, a very different situation is present below this temperature [162].
For example, at 800 °C and at 1 atm, the reported conductivity varies between 0.001 and
0.05 S cm-1 and the reported activation energy for the conductivity varies between 0.25
and 0.82 eV for measurements conducted below 850 °C [72, 80, 161, 163–168]. If Cr2O3

acts as an extrinsic semiconductor, which is the case below 1 000 °C it is also a dual
semiconductor. This means that it can display n-type or p-type semiconducting behavior,
depending on the temperature and the oxygen activity [169, 170]. Oxygen activity has
even been known to influence the oxide morphology throughout the scale, leading to a
dual morphology with a columnar external oxide and an equiaxial internal oxide as shown
by Latu-Romain et al. [169–171] at 900 °C and p(O2)= 10-12 atm. This duality is also
mirrored in the semiconducting behavior and results in an internal n-type semiconductor,
and an external p-type or n-type semiconductor. The latter is dependent on the p(O2)
[169–173]. In addition to parameters such as temperature and oxygen partial pressure,
dopants also play a role in the semiconducting behavior of Cr2O3. The thermally grown
Cr2O3 scales on FSSs are often doped with elements from the underlying steel, such as Fe,
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Mn, or Ti. The doping effect is known to increase the conductivity of Cr2O3 [174, 175].

Conductivity of Spinels Spinel oxide coatings are considered indispensable as in-
terconnect coatings, therefore, their conductivity is relevant for interconnect research.
Electron conductivity in spinels is assumed to occur via a hopping mechanism between
octahedral sites, meaning that good conductivity is achieved if these sites are occupied
by elements that can accommodate different valence states [153]. This assumption is
exemplified by Cr3+ containing spinels: This cation has an extremely strong preference for
octahedral site occupation, and its oxidation state rarely deviates from Cr3+, therefore,
its low conductivity is easily explained [153, 176]. Petric et al. [153] have published an
extensive overview of the conductivity of many different spinels (see Table 2.2) with the
aim to evaluate which spinel coatings are better suited for interconnect applications. The
best results have been found for Co,Mn- or Cu,Mn-containing spinels, and they are the
most researched coatings for interconnects today [46, 57].

A spinel that often forms during the oxidation of an FSS is the Mn,Cr-containing spinel.
As mentioned previously, Cr-containing spinels often suffer from poor electron conductivity,
which explains the low conductivity of Mn1.2Cr1.8O4. Similarly, low conductivity values
have been reported for MnCr2O4 (σ800 °C = 0.004S cm−1 [177] or σ800 °C = 0.03S cm−1

[178]) and Mn1.7Cr1.3O4 (σ800 °C = 0.14S cm−1 [177]). Especially for interconnects that
rely on the formation of the (Cr,Mn)3O4 spinel to mitigate Cr evaporation, this low
conductivity can lead to ohmic degradation of the fuel cell. Therefore, coatings that avoid
the formation of these poorly conductive spinels are preferred as interconnect coatings.

Table 2.2: Conductivity values for different transition metal spinel oxides measured at
800 °C unless stated otherwise. Data taken from [153]. The conductivities are given in
S cm−1. The most relevant spinel conductivities for this work are marked in bold.

Mg Mn Co Ni Cu Zn

Al
MgAl2O4 MnAl2O4 CoAl2O4 NiAl2O4 CuAl2O4 ZnAl2O4

σ = 10−6 σ = 10−3 σ = 10−5 σ = 10−4 σ = 0.05 σ = 10−6

Cr
MgCr2O4 Mn1.2Cr1.8O4 CoCr2O4 NiCr2O4 CuCr2O4 ZnCr2O4

σ = 0.02 σ = 0.02 σ = 7.4 σ = 0.73 σ = 0.40 σ = 0.01

Mn
MgMn2O4 Mn3O4 CoMn2O4 NiMn2O4 Cu1.3Mn1.7O4 ZnMn2O4

σ = 0.97 σ = 0.10 σ = 6.4 σ = 1.4 σ = 225 (750 °C)

Fe
MgFe2O4 MnFe2O4 CoFe2O4 NiFe2O4 CuFe2O4 ZnFe2O4

σ = 0.08 σ = 8.0 σ = 0.93 σ = 0.26 σ = 9.1 σ = 0.07

Co
MnCo2O4 Co3O4

σ = 60 σ = 6.7
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2.3.4 The Dual Atmosphere Effect

Research focusing on interconnect materials is often carried out under simplified conditions
compared to the conditions present in a solid oxide fuel cell. This is done so that certain
corrosion phenomena, such as Cr evaporation or oxide scale growth, can be analyzed
mechanistically without the influence of other parameters. Even though this simplification
is often beneficial for examining certain phenomenon, it neglects the real conditions to
which the interconnect is exposed, which could have a detrimental effect on the oxidation
of the interconnect.

One very common simplification is that instead of exposing interconnect materials
to a dual atmosphere, which they are subjected to in the fuel cell, they are exposed to
a single atmosphere, i.e. either a fuel atmosphere or an air atmosphere. Therefore, the
effect of dual atmosphere on the oxidation behavior of interconnects has been investigated
for operating temperatures around or above 800 °C [179–183]. The results of those
investigations were contradictory. Some researchers reported an increase in oxidation on
the air-facing side in dual atmosphere (see Figure 2.9) compared to only air atmosphere,
while others found no indication of a detrimental effect in dual atmosphere.

Figure 2.9: Dual atmosphere to which interconnects are exposed in a SOFC.

At 800 °C, the most detrimental effect of the dual atmosphere was reported for AISI
441 by Yang et al. [179] and Gannon et al. [182]. Those authors found the formation
of iron-rich oxide scales on the air-facing surface of AISI 441 that was exposed to dual
atmosphere. However, the more commonly reported finding in dual atmosphere at this
temperature was an Fe-enriched spinel oxide top layer that formed on the air-facing side
[180]. This Fe-enriched oxide layer had also formed on Crofer 22 APU in Yang et al.’s [179]
study. Other authors found that a thicker oxide scale had formed on the air-facing side
of samples exposed to dual atmosphere than samples exposed to single atmosphere [181,
183]. In contrast, no significant dual atmosphere effect has been reported by Kurokawa et
al. [184] and Alnegren et al. [32] at temperatures above or equal to 800 °C. Except for the
study by Alnegren et al. [32], all these studies have focused on high temperatures around
or above 800 °C, although the trend nowadays is towards lower operating temperatures
for SOFCs.

The lowering of the operating temperature of SOFCs could allow for the use of cheaper
materials, because lower degradation rates would ensue. However, some studies have
shown the opposite in simulated anode or cathode atmospheres. For a simulated anode
atmosphere, for example, Young et al. [185] have reported higher oxidation rates between
500 °C and 600 °C than between 650 °C and 800 °C. Iron-rich oxides were the main surface
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oxide at the lower temperatures, while Cr2O3 covered the surface of the material at higher
temperatures. Similar results with the formation of Fe-rich oxides on FSS and austenitic
stainless steels have been found by Niewolak et al. [49] at 600 °C in an anode-simulated
atmosphere. In a steam atmosphere (Ar+50% H2O) between 550 °C and 650 °C, Zurek
et al. [186] have reported different oxidation behaviors for different FSSs with varying Cr
contents between 9 and 12wt% Cr. Those authors showed that some steels oxidized faster
at higher temperatures than at the lower temperatures, and others showed the opposite
behavior. Sanchez et al. [187] have reported that AISI 430 forms a Cr2O3 scale at 800 °C,
but a (Fe,Cr)2O3 scale at 650 °C. The reason for this anomalous corrosion behavior that
both Sanchez et al. [187] and Zurek et al. [186] have suggested is that Cr diffusivity in
the bulk decreases at lower temperatures and, thus, is not sufficiently high to maintain a
Cr2O3 scale, which leads to the oxidation of Fe instead.

This anomalous temperature dependency motivated Alnegren et al. [31, 32] to re-
examine the dual atmosphere effect at temperatures lower than 800 °C. Those authors
have found that the dual atmosphere effect showed inverse temperature behavior. In
Alnegren et al.’s [31, 32] study severe breakaway oxidation was observed on AISI 441
exposed to dual atmosphere at 600 °C, however, at 700 and 800 °C a protective oxide
scale had covered AISI 441. In contrast, AISI 441 remained protective at all investigated
temperatures in air-only atmosphere. Similar to the explanation that Zurek et al. [186]
and Sanchez et al. [187] give on why anomalous corrosion behavior is observed in single
atmosphere, Alnegren et al. have also suggested that the improved corrosion resistance
found in dual atmosphere at higher temperatures is caused by an increase in Cr diffusivity
in the bulk alloy, which then counteracts the dual atmosphere effect.

The mechanism for the dual atmosphere effect remains unclear. What is agreed upon
is that hydrogen is the culprit, but it is not known where the hydrogen attacks. The
role of hydrogen is corroborated by its high diffusivity through ferritic stainless steels,
which is extremely fast, and rates in the mmh-1 range can be expected at 800 °C [184,
188, 189]. It is important to understand when breakaway oxidation occurs to understand
what hydrogen could alter. The two Wagnerian criteria, N crit1

Cr (see Equation 2.23) and
N crit2

Cr (see Equation 2.24), can be used for this purpose. The criteria describe below
which critical Cr concentration internal oxidation (Criterion 1) or breakaway oxidation
(Criterion 2) occurs. The parameters, which could be influenced by hydrogen, are the

oxygen permeability N
(s)DO

O , the Cr diffusion D̃Cr, and the parabolic rate constant kp.
Different researchers have proposed or excluded different theories on what hydrogen affects.
Some of these theories are discussed below.

One theory is that hydrogen influences oxygen permeability N
(s)DO

O (see Equation
2.23). This would lead to an increase in oxygen inward diffusion and an increase in the
formation of an internal oxide, tying up the Cr and leading to Cr deficiency. This theory
has been suggested and favored by Essuman et al. [112, 190] and Holcomb et al. [191],
and Bredvei Skilbred et al. [180] have also discussed this theory.

According to Alnegren et al. [32] it is improbable that Cr evaporation is impacted
by hydrogen, because those authors found that the dual atmosphere effect was present
in dry atmosphere at 600 °C to a similar extent to that found in humid atmosphere for
AISI 441. Many others have suggested that kp is affected by hydrogen, but that hydrogen
alters oxide scale growth instead of oxide evaporation. For example, Yang et al. [179, 192]
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believe that cation diffusivity is enhanced in the oxide scale by the presence of hydrogen.
According to them, this enhancement is due to the formation of hydroxides in the oxide
scale. Based on the assumption that Cr2O3 is a p-type oxide [161] the hydroxides would
be charge-balanced by Cr vacancies in the oxide. Cr vacancies would result in accelerated
cation diffusion through the scale, and therefore, accelerated oxide scale growth. This
acceleration would lead to an increase of the critical Cr concentration, N crit2

Cr . Yang et
al. [179, 192] argue that this is in agreement with earlier studies by Tveeten et al. [193],
who have shown that the presence of hydrogen in Cr2O3 greatly enhances the Cr cation
diffusivity in the oxide. Another theory that has been proposed by Bredvei Skilbred et
al. [180] and also affects kp is that the presence of hydrogen could form steam inside the
oxide scales, which at high pressures could lead to pore formation and, thus, faster scale
growth and an increase in oxygen inward diffusion. However, Alnegren et al. [32] did
not find a difference in the protective oxide scale thickness for samples expose to dual or
single atmosphere indicating that kp is not affected by hydrogen.

Other ideas that are not directly related to the Wagnerian criteria have also been
proposed. For example, Rufner et al. [181] have suggested that the p(O2) could be locally
altered by hydrogen on the air-facing side of the interconnect, but they also agree with
the aforementioned theory by Yang et al. [179, 192].

There is to date an abundance of theories as to how hydrogen affects the oxidation of
FSS, but there currently is no non-refutable proof for any of these theories. More research
is needed to understand the dual atmosphere effect and develop mitigation strategies
against it.
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Chapter 3

Materials and Methods

3.1 Materials

Two different steel grades were studied in the present thesis, Crofer 22 APU and AISI 441.
The grain size of all materials used were determined by Dr. Kerem O. Gunduz using the
standard E112 from ASTM [194]. Only one batch was used for Crofer 22 APU, and its
composition and grain size are given in Table 3.1. For AISI 441 several different batches
in different thickness were used, and their compositions and grain sizes are given in Table
3.2. The differences among the batches were minimal and were, therefore, not expected
to influence the degradation properties of AISI 441 and are primarily given for the sake
of completeness.

Table 3.1: Material composition of ferritic stainless steel Crofer 22 APU (EN 1.4760) in
weight%.

Fe Cr Mn Si Ti C S Al Cu P La

Crofer 22 APU

Bal. 22.92 0.38 0.01 0.06 0.004 <0.002 0.01 0.01 0.005 0.09
Batch 173288
Paper I
Thickness: 0.3mm
Grain Size: 22μm

All materials were cleaned ultrasonically in acetone and ethanol prior to exposure.
The exact sample geometry and the exposure conditions for all experiments that were
conducted within the scope of this work are depicted in Table 3.3. Coatings were all
applied by Sandvik Materials Technology (SMT) using a proprietary physical vapor
deposition (PVD) technique. If samples were ground or polished, SiC grinding paper with
grit P1200 or a diamond polishing suspension with grain size 1/4μm was used as the
final finish. Further details as to why certain exposure conditions were chosen and how
exposures and Cr evaporation measurements were conducted are given below and in the
following chapters.

For experiments carried out within the scope of Paper I, a pre-oxidation step was
implemented prior to PVD coating (see Table 3.3).
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Table 3.2: Material composition of all studied AISI 441 (EN 1.4509) batches in weight%.
The abbreviation ST stands for the study on surface treatments, which has not yet been
published. *1Unless stated otherwise, this batch was used in 0.2mm thickness.

Fe Cr Mn Si Ti Nb Ni C S N

AISI 441

Bal. 17.56 0.35 0.59 0.17 0.39 0.26 0.014 0.001 0.017
Batch A (64534)
Paper II/IV/V/VI/ST

Thickness: 0.2mm & 0.3mm*1

Grain Size: 29μm

AISI 441

Bal. 17.61 0.28 0.59 0.153 0.39 0.00 0.017 0.001 0.012
Batch B (64467)
Paper II
Thickness: 0.2mm
Grain Size: 28μm

AISI 441

Bal. 17.74 0.30 0.55 0.15 0.37 0.19 0.015 0.002 -
Batch C (64313)
Paper III/V
Thickness: 0.2mm
Grain Size: 29μm

AISI 441

Bal. 17.83 0.26 0.55 0.14 0.48 0.13 0.012 0.002 0.016
Batch D (63960)
Paper III
Thickness: 0.2mm
Grain Size: 16μm

AISI 441

Bal. 17.75 0.28 0.42 0.13 0.38 0.21 0.018 0.001 0.015
Batch E (63960)
Paper VI
Thickness: 1mm
Grain Size: 20μm

3.2 Exposures

Exposure conditions for all experiments conducted within the scope of this thesis are
given in Table 3.3. With the exception of Paper I and Paper II, for which all relevant
exposure conditions are given in Table 3.3 and Chapter 3.2.1, further information on
the exposure conditions are given in the following. For exposures where no heating rate
is specified, no heating or cooling ramp was applied, and instead samples were directly
inserted into the furnace at the exposure temperature and removed the same way. After
exposure, all samples were analyzed using different analytical techniques, which will be
described in Chapter 3.3.

Two different furnace types were used for exposures: tube furnaces or box furnaces
(see Figure 3.1). Both furnace types have advantages and disadvantages and were, thus,
chosen for specific experiments. The atmosphere including flow rates, humidity, and the
exact temperature is easily controllable for exposures in a tube furnace (see Figure 3.1a),
however, the throughput of this furnace is limited, because the hot zone is only a few
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Table 3.3: Experimental matrix for all conducted experiments included in the present
work. *1Definition of Cr evaporation: Tube furnace exposure with high air flow (3%
H2O/air, 6 000 smlmin -1); *2Biaxial deformation by 15% was carried out by SMT, which
resulted in a reduced sample thickness (0.17mm); *3For deformed samples, additional
short-term exposures were conducted for 71 h at 750 °C and for 111 h at 650 °C; *4Samples
were exposed by SMT; *5Material thickness: 0.3mm; *6Ground or polished on one side,
no side, or both sides; *7Samples were ground to different thicknesses (0.1, 0.2, 0.5, and
0.7mm); *8Material thickness: 0.2mm for as-received and 0.3mm for the ground or
polished samples.

Material Coating
Geometry

Sample Exposure
Paper Inner Outer modification conditions

Pre-oxidation After Pre-ox

15 x 15mm as-received

500 h
Crofer 22 APU 3min 600 nm Co 600 °C
Paper I 800 °C 1 500 nm Co tube furnace

air 3 000 nm Co stagnant air

AISI 441
uncoated 15 x 15mm as-received

500 h
Batch A 650 °C/750 °C/850 °C
Paper II Cr evaporation*1

AISI 441
10 nm Ce 640 nm Co 15 x 15mm

as-received 500 h*3

Batch B OR 650 °C/750 °C/850 °C
Paper II deformed*2 Cr evaporation*1

AISI 441
uncoated 30 x 20mm as-received

1 000 h
Batch C 800 °C
Paper III Cr evaporation*1

AISI 441
Batch C & D
Paper III

10 nm Ce 640 nm Co 30 x 40mm as-received

up to 37 000 h*4

800 °C
box furnace*4 OR

Cr evaporation*1

AISI 441 uncoated
Pre-oxidation in air at 800 °C

for 0, OR 20min

Circular� = 21mm as-received
336 h

Batch A 500 to 800 °C
Paper IV dual atmosphere

AISI 441 uncoated
Pre-oxidation in air at 800 °C
for 0, 11, 45, 180, OR 280min

Circular� = 21mm as-received
500 - 1 000 h

Batch C 600 °C
Paper V dual atmosphere

AISI 441 uncoated
Pre-oxidation in air at 800 °C

for 180min

Circular� = 21mm
ground OR

polished*6

500 h

Batch A*5 600 °C
Paper V dual atmosphere

AISI 441 uncoated
Pre-oxidation in air at 800 °C

for 20min

Circular� = 21mm as-received
336 h

Batch A 600 °C
Paper VI dual atmosphere

AISI 441 uncoated
Pre-oxidation in air at 800 °C

for 20min

Circular� = 21mm ground*7
336 h

Batch E 600 °C
Paper VI dual atmosphere

AISI 441
uncoated

No pre-oxidation
Circular� = 21mm

as-received
OR ground
OR polished

336 h

Batch A*8 600 °C
Paper ST dual atmosphere

37



CHAPTER 3. MATERIALS AND METHODS

centimeters long (furnace-dependent). On the other hand, box furnaces (see Figure 3.1b)
have a much larger throughput, but the other parameters, such as exact temperature and
atmosphere, can vary inside the furnace, and gas flows can usually not be set. Because
of these advantages and disadvantages, tube furnaces were used for most exposures and
were particularly indispensable for Cr evaporation measurements (see Chapter 3.2.1), but
box furnaces were used for the long-term exposures carried out by SMT within the scope
of Paper III.

Figure 3.1: Different furnaces used for the exposures. a) Tube furnace used for short-term
exposures and Cr evaporation measurements, b) Box furnace used for long-term exposures
performed by AB Sandvik Materials Technology.

3.2.1 Cr Evaporation Measurements

The quantification of evaporating Cr species is important, because Cr evaporation is
a major issue for SOFCs (see Chapters 2.2.3 and 2.3.1). Therefore, Cr evaporation
measurements were carried out within the scope of this work.

Froitzheim et al. [195] have described a denuder technique that allows for the in-situ
determination of Cr evaporation during an exposure. This technique is based on Reaction
3.1, and the experimental setup is shown in Figure 3.2. The flow restrictor serves to
obtain a more uniform flow pattern and avoid backflow. As an additional improvement to
the method, a wash bottle was added at the end of the denuder tube (marked with * in
Figure 3.2). This ensured that all Na2CrO4 was caught.

CrO2(OH)2(g) +Na2CO3(s) −→ Na2CrO4(s) +H2O(g) + CO2(g) (3.1)

The denuders and wash bottles were exchanged regularly throughout the exposure.
Both were rinsed with de-ionized water, and the concentration of the Na2CrO4 solution
was determined using ultraviolet-visible (UV-VIS) spectrophotometry (see Chapter 3.3.1).
The total amount of evaporated hexavalent Cr species was determined from this.

Cr evaporation measurements were carried out inside tube furnaces. For optimum
conditions, laboratory air with a high flow rate of 6 000 smlmin-1 was chosen to ensure
kinetically controlled, and, thus, flow-independent, Cr evaporation [195]. 3% water vapor
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Figure 3.2: Experimental setup for tube furnace exposures and Cr evaporation measure-
ments based on Froitzheim et al. [195].

was added to the air to represent worst case fuel cell operation. Humidification was
achieved by passing the gas through heated water (30 °C) and, subsequently, cooling the
humidified gas to 24.4 °C, which corresponds to a humidity of 3%. The humidity was
verified using a Michell Instruments Optidew Vision™ chilled mirror humidity sensor.
Unless stated otherwise, three square samples (1.5 cmx 1.5 cm) for each Cr evaporation
measurement were placed into the furnace according to Figure 3.2, resulting in a total
surface area of 13.5 cm2 excluding the edges.

3.2.2 Long-Term Exposures

Long-term exposures (≥ 3 000 h) were carried out in box furnaces by SMT within the scope
of Paper III. The samples, which were rectangular (3 x 4 cm), were exposed discontinuously,
and the mass change was recorded regularly. Two different batches were exposed. Samples
were taken out for further analysis after 7 000 h, 23 000 h, 35 000 h, and 37 000 h (see Figure
3.3). For all further steps, the samples had to be cut because the experimental setups were
optimized for smaller samples. This was carried out using a low-speed saw to minimize
the effect of the cutting process on the oxide scales. The samples used for Cr evaporation
measurements had an overall surface area of 12 cm2 excluding the edges, which is similar
to the normal surface area of 13.5 cm2 (see Chapter 3.2.1).

For reference, Cr evaporation measurements were conducted on unexposed uncoated
and unexposed Ce/Co-coated AISI 441 for 1 000 h. The area specific resistance (ASR) was
also recorded for these isothermally exposed samples and, additionally, for Ce/Co-coated
AISI 441, which was exposed isothermally for 3 000 h.

3.2.3 Dual Atmosphere Exposures

A custom-made sample holder was available for dual atmosphere exposures (see Figure
3.4). The design of this holder was based on work carried out at Montana State University.
Further details on the dimensions of the sample holder can be found in [181, 182, 191].
It was made of 253 MA steel, which is an austenitic stainless steel with approximately
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Figure 3.3: Analysis schematic for long-term exposed (≥ 7 000 h) Ce/Co-coated AISI 441.
The samples were cut down using a low-speed saw. *1One sample for each exposure time
was chosen for subsequent SEM/EDX analysis and a BIB cross-section was prepared.

21wt% Cr and 11wt% Ni in addition to other alloying elements. Six samples could be
exposed simultaneously, either all could be exposed to dual atmosphere, or three to single
atmosphere, and three to dual atmosphere (see Figure 3.4). Humidification was achieved
in the same way as for the Cr evaporation measurements, by passing gas through heated
water and, consequently, cooling the gas to 24.4 °C. In this work, the heating and cooling
ramp for all dual atmosphere exposures was set to 1 °Cmin-1.

A pre-oxidation step was implemented before dual atmosphere exposure for most
samples. This was carried out at 800 °C with a low humid air flow, 280 smlmin-1 air -
3%H2O. These parameters were chosen for different reasons; the temperature is close
to what often occurs during the sintering process of the fuel cell, while the low flow and
humidity were used to achieve a well-defined and easy to reproduce atmosphere that was
not reliant on outside weather conditions. The pre-oxidation times varied from sample
to sample and are stated in Table 3.3 and below. No heating rate was employed for the
pre-oxidation step.

Photographs were taken of the air-facing side of the samples after exposure, or in some
cases during exposure if the exposure had been interrupted. Electron microscopy, elemental
dispersive x-ray spectroscopy, and ion beam milling were conducted after dismounting
the samples for further analysis of the corrosion products and oxide morphology.

Temperature Study - Paper IV For the temperature study, single and dual atmo-
sphere exposures were carried out simultaneously on either non-pre-oxidized or pre-oxidized
AISI 441. The chosen exposure temperatures (see Table 3.3) were 500 °C, 550 °C, 600 °C,
650 °C, 700 °C, and 800 °C, and the furnace was calibrated using an external thermocouple
to the exact temperature with the sample holder, but without the samples, before starting
the exposure. This calibration was verified after the exposure had started and the final
exposure temperature had been reached. The exposure was carried out for 336 h, but after
168 h a planned interruption was implemented to document the progress of oxidation.

Pre-oxidation Study - Paper V The effect of pre-oxidation on the dual atmosphere
effect was examined with regard to two different factors: the length of pre-oxidation and
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Figure 3.4: Dual atmosphere sample holder. An additional three sample slots are on the
reverse of the sample holder.*can be either 400 smlmin-1 air - 3% H2O (single atmosphere
for three samples) or 100 smlmin-1 5%H2 - 3% H2O-Ar (dual atmosphere for all six
samples).

the location of the pre-oxidation layer, i.e. the pre-oxidation layer on the air-facing side
versus the pre-oxidation layer on the hydrogen-facing side.

Five different pre-oxidation times were chosen for the study on pre-oxidation time (see
Table 3.3), ranging from 0min to 280min. The subsequent dual atmosphere exposure was
run for 1 000 h, but to document the progress of oxidation and, if present, the progress of
breakaway oxidation, the exposure was interrupted after 24 h, 168 h, 500 h, and 730 h, and
photographs were taken. Repeat exposures were conducted up to 500 h, and the results
matched well and were reported in [196].

To study the effect of pre-oxidation location on the dual atmosphere effect, AISI 441
samples were first pre-oxidized for 180min and, subsequently, the pre-oxidation layer
was removed from either the air-facing side or the hydrogen-facing side by grinding to
grit P1200 or by polishing to 1/4μm with Diamond paste. Samples that were ground or
polished on both sides or on no side were used as reference samples. The final thickness
was 0.2mm for all tested samples. The scheme for how the samples were prepared can be
found in Figure 3.5. Two sets of exposures were carried out: one for samples that were
ground and one for samples that were polished. The exposures were run for 500 h with
no interruption for the ground samples and one interruption after 168 h for the polished
samples. The latter exposure was interrupted, because it was uncertain how long the
pre-oxidized reference sample would last under these conditions, i.e. with a polished
surface.

Thickness Study - Paper VI To study if the thickness of AISI 441 influences the dual
atmosphere effect, 1mm thick samples were ground down to four different thicknesses:
0.1mm, 0.2mm, 0.5mm, and 0.7mm. The final finish was grit P1200. The samples were
then pre-oxidized for 20min and, subsequently, exposed for 336 h with one interruption
after 168 h to take photographs of the air-facing side.

41



CHAPTER 3. MATERIALS AND METHODS

Figure 3.5: Scheme for pre-oxidation location experiment based on [197]. AISI 441 samples
were first pre-oxidized for 3 h at 800 °C in air, and then the oxide layer was removed either
by grinding (grit P1200) or by polishing (1/4μm Diamond Paste).

Surface Treatment Study AISI 441 samples were ground to grit P1200, polished to
diamond paste 1/4μm, or left as-received on both sides. Dual atmosphere exposure was
then conducted for 336 h with one interruption after 168 h. No pre-oxidation step was
implemented.

3.3 Analytical Methods

Within the scope of this thesis, different analytical tools were used after, and in certain
cases before, exposure of FSS samples. Apart from gravimetry and Cr evaporation, all
other analytical techniques used are described in more detail below and the specifics on
the instruments that were used are given.

Different analytical techniques were chosen depending on what was of interest within
the scope of each study. The following techniques were used: spectrophotometry, area
specific resistance (ASR) measurements, x-ray diffraction (XRD), broad ion beam milling
(BIB), focused ion beam milling (FIB), scanning electron microscopy (SEM), energy
dispersive x-ray spectroscopy (EDX), and scanning transmission electron microscopy.
Table 3.4 gives an overview of which analytical techniques were applied for which study.

3.3.1 Spectrophotometry

The denuder technique described in Chapter 3.2.1 results in solutions containing hexavalent
chromate, which exists in seven different forms CrO 2–

4 , Cr2O
2–

7 , HCrO –
4 , H2CrO4,

HCr2O
–

7 , Cr4O
2–

13 , and Cr3O
2–

10 . Depending on the pH of the solution, different
chromate ions or molecules are preferentially formed. At pH levels over 9 CrO 2–

4 is
nearly exclusively (≥ 99.6%) formed [198]. Therefore, in the present work, the pH of all
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Table 3.4: Analytical techniques used for each study. Cr evaporation measurements
required the use of spectrophotometry.

Paper Analytical Techniques Used

Paper I ASR, XRD, BIB, SEM/EDX
Paper II Spectrophotometry, BIB, FIB, SEM/EDX, STEM/EDX
Paper III Spectrophotometry, ASR, BIB, SEM/EDX
Paper IV BIB, SEM/EDX, FIB, STEM/EDX
Paper V BIB, SEM/EDX
Paper VI BIB, SEM/EDX
Paper ST BIB, SEM/EDX

chromate containing solutions was checked with pH paper. In rare cases where the pH
was too acidic, a few drops of NaOH were added to adjust it.

Solutions containing hexavalent chromate ions and/or molecules have in common that
they absorb light regardless of their pH value. This property can be used to determine
the concentration of chromate in the solution with spectrophotometry. However, the
pH value does determine at what wavelength the absorption maxima are found. Two
maxima are present at pH 9, one at 275 nm and another one at 371 nm. The latter value
was employed to determine the chromate concentration in the present work, and this
wavelength is within the ultraviolet spectrum.

Spectrophotometry can be used for all light-absorbing molecules. Figure 3.6 shows
the working principle of this analytical technique. The collimator lens bundles the light,
and a specific wavelength is chosen using the monochromator and the adjunct slit. The
intensity of this light drops while passing through the to-be-examined solution, if the
solution contains light-absorbing molecules. The relationship between the intensity of the
incident light beam I0 and the intensity of the light beam after having passed through
the sample It can be expressed by the Beer-Lambert law (see Equation 3.2).

Figure 3.6: Schematic drawing of a Spectrophotometer with I0 as the intensity of the
incident light beam, It is the intensity of the light beam after passing through the sample,
and d is the thickness of the cuvette. *1Cuvette containing sample solution.
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A = log10
I0
It

= ελ · c · d, (3.2)

where A is the absorbance, ελ is the wavelength-dependent molar absorption coefficient,
and d is the path length through the sample (cuvette thickness). In the present work, the
coefficient ελ was determined by constructing a calibration curve using Merck chromate
standard solution, which was diluted to different concentrations. A Thermo Scientific
Evolution™ 60S UV-Visible spectrophotometer was used.

3.3.2 Area Specific Resistance

One important factor that influences the efficiency of a solid oxide fuel cell is the resistance
of an interconnect, and this factor is influenced by the growth of oxide on the interconnect.
This was discussed in detail in Chapter 2.3.3.

To analyze the resistance of the interconnect, the present work used a NORECS
ProboStat™ (Norway) connected to a Keithley 2400 source meter. The setup is depicted
in Figure 3.7. In addition to the wire Pt electrodes, which are shown in Figure 3.7ii, Pt
was also applied directly to the samples to improve contact. For this purpose, the samples
were first sputter coated with a roughly 100 nm thick Pt layer using a Quorom 150 sputter
coater and then painted with a Pt paste (Metalor 6926) (see Figure 3.8). To remove the
binder of the Pt paste, the samples were subsequently dried at 150 °C for 10min and then
sintered at the exposure temperature, which is shown in Table 3.3, for 1 h. Only ex-situ
ASR measurements were conducted in this work, because Grolig et al. [80, 129] have
previously shown that the Pt affected the overall resistance of the interconnect during
in-situ measurements. All measurements were conducted in DC mode and with a current
of 100mAcm-2. The ASR was measured at the exposure temperature and during the
cooling down phase in increments of 25 or 50 °C until 450 °C. Measurements during the
cooling down phase were done to confirm semi-conducting behavior, which validated that
the oxide scale was being measured and that a short-circuit had not occurred. The ASR
values herein are always stated and discussed for one side of the interconnect. For further
information about these measurements, the reader is referred to [80, 129].

3.3.3 X-Ray Diffraction

X-ray diffraction can be used to characterize crystalline products. In addition to infor-
mation about the structure of the examined material, the technique is also utilized to
identify phases and phase compositions amongst other properties.

The working principle of an x-ray diffractometer is shown in Figure 3.9a [101, 199].
The incoming x-ray beam hits the surface of a sample. The x-ray beam is diffracted if
it hits an atom, or rather the electron of an atom, otherwise it penetrates deeper into
the sample until it hits an atom. The diffraction can occur in all directions, however,
if the examined material is crystalline and highly structured, diffraction will occur into
preferred directions, and constructive interference of the x-ray waves will be observed.
The diffracted beams are in phase, if constructive interference is present, and this results
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Figure 3.7: ASR setup. a) Mounted sample (i) with the Pt electrodes (ii), b) the top plate
(iii) mounted on top of the sample, c) the entire setup, including furnaces (iv), closed
ProboStat™ (v), computer with LabVIEW Program (vi), and Keithley 2400 source meter
(vii) [80].

Figure 3.8: Schematic drawing of the electrode preparation process conducted prior to
ASR measurement [80].
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in sufficiently high intensity that can be recorded by the detector. Bragg’s law [200] (see
Equation 3.3) describes when constructive interference occurs.

nλ = 2dhkl sin θhkl, (3.3)

where n is an integer, λ is the x-ray beam wavelength, and dhkl and θ are the parameters
shown in Figure 3.9a.

A D5000 diffractometer with CuKα radiation (λ=1.54178 Å) was used to record all
XRD diffractograms within the scope of this thesis. The measurements were conducted
in Bragg-Brentano geometry (see Figure 3.9b) and over the angular range 20°≤ 2θ≤ 70°.
XRD was used solely to analyze the phase compositions of thermally grown oxides.

Figure 3.9: Schematic drawing of a) Bragg’s law and b) Bragg-Brentano geometry.

3.3.4 Ion Beam Milling

Ion beam milling instead of mechanical preparation was used to prepare cross-sections
that were subsequently analyzed using SEM/EDX or STEM/EDX. This was done to
minimize impact on the thermally grown oxides. The ion beam milling process works by
having heavy ions, such as Ga+ or Ar+, hit the sample surface and slowly sputter the
surface layer atoms away layer by layer. Two different ion beam mills were used in this
thesis, FIB and BIB, and both were used for different purposes. The BIB mill has the
advantage of preparing a broad cross-section that can be up to 2mm wide, thus, giving a
better overview of the sample. In contrast, focused ion beam milling is used for narrow
cross-sections, typically around 10 to 20μm wide. This technique is often used when
small features are of interest. More details about both milling techniques are given below,
including specifics on the instruments used.

Broad Ion Beam Milling The working principle of the BIB mill used herein is shown
in Figure 3.10. The ion source was Ar+.

For broad ion beam milling, the samples were first cut in half with a low-speed saw,
perpendicular to the rolling direction to ensure that a representative area was prepared.
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Figure 3.10: Schematic drawing of the BIB used in this thesis. Three Ar+ beams milled
the sample. A) shows the top-view of the BIB, and b) shows the side view during the
milling process. The drawing is based on [201].

Then the to-be-milled sample was sputter coated with a thin Au layer to achieve better
contrast and increase conductivity for electron microscopy. Subsequently, a Si wafer was
glued onto the sample directly on the to-be-milled edge. The sample was mounted onto a
BIB sample holder using silver paste and placed into the instrument. The mill used in
this thesis was a Leica EM TIC 3X, and milling was achieved using 6.5 to 8 kV.

Focused Ion Beam Milling FIB milling uses Ga+ ions to achieve highly polished
cross-sections. It is a technique that can also be used for imaging, similar to electron
microscopy. However, in contrast to electron microscopy, FIB imaging leads to the
destruction of the sample. Today, FIB mills are typically integrated into an SEM, allowing
for milling and imaging of the sample without moving from instrument to instrument.
The two columns inside a FIB/SEM, the FIB and the SEM columns, are at a 52 ° angle
to each other. In addition to imaging detectors, for secondary electrons and ions and
backscattered electrons (description see Chapter 3.3.5), the FIB/SEM used in this thesis
(FEI Versa3D LoVac DualBeam) was equipped with a Ga liquid ion metal source, an
omniprobe, and a gas injection system, which was used for Pt deposition.

FIB milling was used to prepare thin lift-outs for further STEM analysis, because
this drastically reduced the interaction volume (see Figure 3.12d) and, thus, avoided
interfering with the EDX signal coming from below the surface. Figure 3.11 illustrates
how these lift-outs, also called lamellas, were prepared. The Pt deposition acted as a
protection against beam damage caused during the milling process.

3.3.5 Electron Microscopy

Electron microscopy is commonly used for imaging and analyzing the microstructure
of samples, however, often additional detectors included in the microscope can be used
for compositional or even structural information. The benefit of electron microscopy in
contrast to optical microscopy is a much higher resolution. The two types of electron
microscopes, SEM and STEM, used in this thesis are described in more detail below.
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Figure 3.11: Schematic drawing of how FIB lift-outs were achieved. First the to-be-lift-out
area was sputter coated with a thick Pt layer (a), then trenches were milled next to the
coated area (b), and finally the lift-out was attached to the omniprobe with Pt deposition
and lifted out of the material (c). Subsequently, the lamella was attached to a Cu grid
(not shown here) via Pt deposition.

Scanning Electron Microscopy/Energy Dispersive X-Ray Spectroscopy SEM
is used in the field of high temperature corrosion to analyze the microstructure of thermally
grown oxides and/or microstructural changes within a material. SEMs are also typically
equipped with an energy dispersive x-ray detector, which can also extract compositional
data from the material. The reason for being well suited for imaging thermally grown
oxides is that the high resolution of this technique can easily visualize even thin oxide
scales. The resolution of this technique is highly dependent on the instrument, the
detector, and the accelerating voltage used in each case, but resolutions down to 1 nm are
possible. SEM works by detecting the interaction between accelerated electrons and the
surface and near-surface atoms of the to-be-analyzed samples. Different emissions occur
depending on the type of interaction, which can be detected using different detectors [101,
202, 203]. Three different SEM signals are frequently analyzed and were used within the
scope of this thesis. These signals are described in more detail below. In addition to
the generation process of these different signals, which is shown in Figure 3.12a-c, their
interaction volume (see Figure 3.12d) is also important to know, because the interaction
volume is not the same for the different signals, and misinterpretation of the results can
occur if this difference in volume is not accounted for.

The analysis in the present thesis was conducted using three different SEMs:

• A Zeiss Ultra 55 FEG-SEM equipped with an Oxford Inca EDX system was primarily
used to analyze cross-sections due to its high spatial resolution (1 nm at 15 kV).

• A FEI Quanta200 ESEM was used for top-view and EDX analysis. Its EDX detector,
the Oxford X-max 80 EDX, had a higher resolution than the one included with the
Zeiss microscope. However, the imaging resolution of the FEI microscope was worse
at 2.1 nm for a 15 kV accelerating voltage than that of the Zeiss microscope.

• A FEI Versa3D LoVac DualBeam was utilized for the FIB milling, which was
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discussed in Chapter 3.3.4.

All microscopes were equipped with a secondary electron detector and a backscattered
electron detector.

Figure 3.12: Schematic drawing of how different SEM signals are produced (a-c) and their
respective interaction volume (d). The three SEM signals are a) secondary electrons, b)
backscattered electrons, and c) x-ray radiation [101, 202, 203]

Secondary Electrons Inelastic scattering of incoming electrons on a weakly bound
electron ejects that electron from the shell (see Figure 3.12a) [204]. This ejected electron
is called a secondary electron (SE). The energy of an SE ranges from 1 to 20 eV (and
can go up to 50 eV in some cases), which is lower than the other signals discussed in
this context. The low energy means that only SEs, which are generated at the surface
or close to the surface, can escape the material and be detected. SEs are highly surface
sensitive (see Figure 3.12d) and, therefore, their detection results in very high-resolution
micrographs, which convey surface topography information [202].

Backscattered Electrons Backscattered electrons (BSE) are electrons that stem
from an incoming electron beam but are scattered elastically on the atomic nuclei (see
Figure 3.12b). Because these electrons get scattered at the nucleus, and heavier atoms
have a larger nucleus, the number of scattered BSEs for heavier atoms increases. This
leads to more signal being detected for heavier atoms than for lighter atoms and, thus,
compositional information can be derived from the backscattered signal. The energy
of BSEs depends on two factors: the energy of the incident beam and how long the
electron travelled through the sample. The latter factor leads to a decrease in energy due
to inelastic scattering of the travelling electrons. In general, the energy of BSE ranges
between zero kV and the incident beam energy, however, most BSE electrons retain
at least half of the incident beam energy even for materials that are only weak elastic
scatterers [205]. The interaction volume for the BSE is greater than that for the SE due
to the much higher energy of former (see Figure 3.12d). Therefore, BSEs have poorer
spatial resolution and, thus, image resolution than SE.

Energy Dispersive X-Ray Spectroscopy Energy dispersive x-ray emission occurs
when the incident electron beam scatters inelastically on an electron in the atom shell.
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This electron is then ejected and leaves a vacancy behind. By relaxing an electron from
an outer shell into that vacancy, an x-ray photon with a specific energy is set free (see
Figure 3.12c). The photon energy is dependent on the energy difference between the
excited state and the relaxed state of the atom, which is given by the energy difference
between the participating shells. As this energy difference is atom dependent, the photon
energy is too, and detailed compositional information can be extracted from the signal
[206]. In contrast to electrons, x-ray radiation penetrates a material much easier, and
this results in an increased interaction volume for EDX (see Figure 3.12d) and, thus, a
drastically reduced resolution. This can be an obstacle in cases where only the surface is
to be analyzed, and consequently, FIB lamellas are prepared for such cases. The reduced
thickness of lamellas artificially results in a reduced interaction volume.

Scanning Transmission Electron Microscopy Transmission electron microscopy
(TEM) has an even higher spatial resolution (1 Å) than SEM and can easily resolve tiny
microstructural features. The crystal structure of the material to-be-analyzed can also be
determined with TEM if the material is crystalline. The reason for this is that in contrast
to SEM, TEM detects the electrons that transmit through the samples. A simplified
explanation of this process is that some of these electrons are diffracted according to
Bragg’s law (see Equation 3.3) [207]. Because the electrons are transmitted through the
material in a TEM, the material must be electron transparent, and high incident beam
energies around 200 keV are required. To achieve electron transparent samples, very thin
samples around 100 nm are needed and FIB milling (see Chapter 3.3.4) is employed to
prepare lift-outs and thin down samples sufficiently. All TEM work in this thesis was
carried out by Dr. Vijayshankar Asokan on the FEI Titan 80-300, which was equipped
with an Oxford X-sight EDX detector. The imaging was achieved in scanning TEM
(STEM) mode and using a High-Angle Annular Dark-field (HAADF) detector. In addition
to imaging, this detector also provides compositional information, because heavier atoms
result in a brighter signal.
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Chapter 4

Results and Discussion

4.1 Nano-Coatings and their Influence on Corrosion
Properties

Chapter 2.3.2 stressed the importance of coatings and discussed which corrosion phenomena
can be mitigated by which coating. Co spinel coatings were mentioned as highly effective
at decreasing Cr evaporation and RE coatings were introduced as a way to improve
oxide scale adhesion during cycling and to decelerate oxide scale growth. The current
state-of-the-art coating is a 10 nm thick Ce coating below a 640 nm thick Co coating. The
oxidation behavior and resulting properties of coated interconnects are analyzed in the
following. The main focus is on the Ce/Co coating or derivatives thereof.

4.1.1 Co Coating Thickness and Its Influence on Area Specific
Resistance

Interconnects are required to be highly electron conductive, and this conductivity might
be negatively affected by the coating. Therefore, countless publications focus on increasing
the conductivity of the coating, for example, by adding dopants [39–45, 74, 208–210].
These studies, however, neglect to analyze if the impact of the coating on the resistance
of an interconnect is significant, especially with regard to the continuously growing Cr2O3

underneath the coating. The conductivities of Cr2O3 and different spinels were discussed
in Chapter 2.3.3. The conductivity of the former is significantly lower, by orders of
magnitude, than the conductivity of Co- or Cu-containing spinels. One example, which is
often used due to its good Cr retention property, is the Co3O4 spinel. Even though pure
Co3O4 is a moderately good electron conductor with σCo3O4

= 6.7S cm−1 at 800 °C [153],
its conductivity is still greater by a factor of 100 than the highest reported conductivity
for Cr2O3 (σCr2O3

= 0.05S cm−1 [162]). This large difference in conductivity has raised
the question if the conductivity of the coating even matters, or if its impact on the overall
conductivity of the interconnect is negligible compared to the impact of thermally grown
Cr2O3.

To answer this question, Crofer 22 APU was pre-oxidized and subsequently PVD
coated with three different Co coating thicknesses, 600 nm, 1 500 nm, and 3 000 nm. The
pre-oxidation was implemented to avoid the formation of an (Co,Cr,Fe)3O4 layer (see
Paper I). It has been suggested by Falk-Windisch et al. [159, 211] that a (Co,Cr,Fe)3O4
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layer forms, because of inter-metallic diffusion during the initial stages of oxidation. This
inter-metallic diffusion is prevented by the presence of a thin oxide between the alloy and
the metallic coating. After applying the Co coating, the samples were exposed to air for
500 h at 600 °C. These exposure parameters were expected to result in a very thin Cr2O3

scale (below 100 nm), in contrast to fairly thick and non-doped Co3O4 scales (1.2 - 5.7 μm
according to the PBR [100]). This ratio in thickness should lead to a worst-case scenario.
The ASR of all samples was measured after exposure. Different ASR values would be
expected for different coating thicknesses if the conductivity of a coating significantly
impacts the resistance of an interconnect.

Microstructural Analysis Similar oxidation behavior was found for all pre-oxidized
Co-coated Crofer 22 APU samples with the formation of a thin Cr2O3 scale below a
thick Co3O4 scale (see Figure 4.1). The thickness of the Cr2O3 scale was the same for all
samples, 35 - 45 nm. In contrast, the Co3O4 thickness after exposure was in agreement
with the PBR ratio for Co (PBR=1.98, see Table 2.1 [104]) and resulted in 1.2 μm, 2.8 μm,
and 5.7 μm for the 600 nm, 1 500 nm, and 3 000 nm thick Co coatings, respectively. EDX
analysis confirmed the purity of the Co3O4 scale, with negligible levels of Mn, Fe, and Cr.
The Co3O4 scale on some of the 3 000 nm Co-coated samples suffered from spallation (see
Figure 4.1d).

Figure 4.1: SEM micrographs of BIB milled cross-sections of Co-coated Crofer 22 APU
exposed for 500 h at 600 °C. All samples were pre-oxidized for 3min and subsequently
Co-coated with three different thicknesses: a) 600 nm Co coating, b) 1 500 nm Co coating,
c) and d) 3 000 nm Co coating. Some samples showed signs of spallation for the latter
thickness, (d), while others did not, (c). The phases were identified as follows: i) steel
substrate, ii) Cr2O3, iii) Co3O4, iv) Pt electrode, and v) spallation crack.
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Area Specific Resistance The area specific resistance values for Co-coated Crofer 22
APU were between 8 and 12mΩcm2 for all coating thicknesses and were, thus, independent
of coating thickness (see Figure 4.2).

The error bars of the ASR values were minimal for non-spalled samples, but they
were significant for spalled samples. The reduced contact caused by spallation and the
difference in the extent of spallation between different samples (see Figure 4.1) can explain
the large spread of the ASR values for the spalled samples and the higher ASR values for
the spalled samples in contrast to the non-spalled samples (see Figure 4.2).

Figure 4.2: Area specific resistance of Co-coated Crofer 22 APU exposed for 500 h at
600 °C. Empty symbols indicate samples that showed signs of spallation. Error bars indicate
standard deviations.

Theoretical calculations confirmed that the conductivity of the coating does not
contribute significantly to the overall ASR value of the interconnect. Equations 2.29,
and 2.30 from Chapter 2.3.3 were used for these calculations. The literature values for
the conductivities and the activation energies of Co3O4 and Cr2O3 employed in these
calculations and the calculated resistance R for each oxide at 600 °C can be found in
Table 4.1. The spread in literature values for the conductivity and activation energy
of Cr2O3 was large. The value reported by Park et al. [167] was used herein, as their
values are very similar to the average values found over different publications [72, 80, 161,
163–168]. Equation 4.1 was used to calculate the theoretical ASR with the conductivity
values shown in Table 4.1.

ASRcal = A · [RT (Co3O4) +RT (Cr2O3)], (4.1)
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where A equals 1. The calculated ASR values were 1.69mΩ cm2 for the 600 nm Co-coated
Crofer 22 APU, and 2.16mΩcm2 for the 3000 nm Co-coated Crofer 22 APU with the
contribution of the Co3O4 to the overall ASR of these samples being 8% and 28%,
respectively. Even though 28% sounds non-negligible, it should be stressed that the
situation with such a thin Cr2O3 scale is an extreme scenario, and the ratio between
the thickness of an oxidized coating and Cr2O3 is skewed in the other direction, i.e. the
Cr2O3 scale will be thicker than the Co3O4 scale after long exposure times and/or at
higher temperatures. The theoretically calculated ASR values were in good agreement
with the experimental values, especially given that the spread in the literature values for
Cr2O3 is extremely large.

Table 4.1: Literature values and calculated values for the conductivity and corresponding
resistance of Co3O4 and Cr2O3. Ea and σ800 °C correspond to literature values, σ600 °C was
calculated using Equation 2.29, L represents the average thickness of the observed oxide
layer obtained from the cross-sections (Figure 4.1), and R600 °C was calculated according
to Equation 2.30 with the area A=1 cm2.

Ea (eV) σ800 °C (S cm-1) σ600 °C (S cm-1) L (nm) R600 °C (mΩ)

Co3O4 0.79 [212] 6.7 [153] 0.94
1 200 0.13
5 700 0.60

Cr2O3 0.46 [167] 0.008 [167] 0.0026 40 1.56

In general, it was found that the conductivity of the coating only marginally affects
the overall ASR value of an interconnect despite extreme conditions, i.e. relatively
thick coating compared to an extremely thin Cr2O3 scale. It is suggested that coating
conductivity can be disregarded in most practical applications, and instead, research
should focus on decelerating Cr2O3 scale growth.

4.1.2 Self-healing Capabilities of Ce/Co Coating at Intermediate
Temperatures

In Chapter 2.3.2, the self-healing capability of the Ce/Co coating was discussed. This
capability has to-date only been reported at 850 °C [47, 48]. The trend towards lower op-
erating temperatures for SOFCs warranted a re-investigation of the self-healing capability
at 650 and 750 °C, because the self-healing process is diffusion dependent and, therefore,
temperature dependent.

For this investigation, Ce/Co-coated AISI 441 was deformed biaxially after the coating
had been applied using PVD. Exposure and Cr evaporation measurements were then
carried out at 750 and 650 °C.

Cr evaporation Rate A slight difference between the initial oxidation rates of deformed
and non-deformed Ce/Co-coated AISI 441 was found at 750 °C (see Figure 4.3a). This
difference vanished after 71 h of exposure, and the rate for both materials was then stable
around 1.2 · 10-5 mg cm-2 h-1. The initial decline for the deformed Ce/Co-coated AISI 441
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samples was much more significant at 650 °C, and the initial Cr evaporation rate was
even higher than the initial rate of the deformed material at 750 °C. However, the Cr
evaporation rate declined even at 650 °C, and the Cr evaporation rates for deformed and
non-deformed material fluctuated around 3.3 · 10-6 mg cm-2 h-1 after 360 h. These results
strongly suggest that self-healing occurs at 650 °C and 750 °C, even though the process
decelerates at those temperatures in contrast to to 850 °C, where the healing process was
complete after 24 h [47, 48].

Figure 4.3: Cr evaporation rate for deformed and non-deformed Ce/Co-coated AISI 441
samples that were exposed at 750 °C (a) or 650 °C (b). Empty symbols mark samples
that were removed from the furnace after 71 h or 111 h of exposure at 750 °C or 650 °C,
respectively.

Microstructural Analysis After 500 h of exposure at 750 °C, deformed Ce/Co-coated
AISI 441 showed almost homogeneous Co coverage of the entire sample surface in the
EDX maps, even though the cracks were still visible in the top view SEM micrograph
(see Figure 4.4a). This discrepancy can be easily explained by the penetration depth of
the EDX in comparison to the depth of the SE used for top view imaging (see Figure
3.12). In contrast, the cracks were still visible in the EDX maps after 500 h of exposure
at 650 °C, however, it seemed as if small quantities of Co had diffused into these cracks
(see Figure 4.4b). Fe-rich oxide nodules were only found for the deformed Ce/Co-coated
AISI 441 samples exposed at 650 °C (see Figure 4.4b arrow). These nodules were analyzed
using BIB milled cross-sections and EDX maps and consisted of four oxide layers, which
from the top to the bottom layer were: a thin (0.4μm) relatively pure Co3O4 layer with
less than 10 at% Fe, a (Co,Fe)-rich oxide (∼ 1.5 μm), a relatively pure Fe oxide and finally
Cr2O3 with 10 to 20 at% Fe and up to 3 at% Mn incorporations (see Paper II). The latter
two layers varied in thickness throughout the nodule. Because the nodules were covered in
a top Co-rich oxide with no Cr content, they were not expected to negatively impact the
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Cr evaporation rate. This was confirmed by the evaporation rate, which after a certain
time interval was the same for deformed and non-deformed material, even though only the
former showed the presence of Fe-rich nodules (see Figure 4.3, Figure 4.4 and Paper II).

Figure 4.4: SEM micrographs and quantitative EDX maps (at%) for biaxially deformed
Ce/Co-coated AISI 441 samples that were exposed for 500 h in humid air either at 750 °C
(a), or at 650 °C (b).

After only 71 h at 750 °C, a relatively thick Co-oxide scale, ranging between 300 and
400 nm, had formed on top of the crack (see Figure 4.5). The Co oxide was made up of
20 to 30 cationic% Mn and 7 cationic% Fe, whereas the Co oxide in the non-cracked area
showed high purity with only 5 cationic% Mn and less than 3 cationic% Fe. The high
Mn content in the Co-rich oxide that covered the cracked area is in agreement with what
Falk-Windisch et al. [47, 48] reported. Those authors have suggested that this high Mn
content is due to the initial formation of a (Cr,Mn)3O4 spinel on top of the cracked area.
Only the subsequent lateral diffusion of Co into the cracked area was found to lead to
continuous Co enrichment of the scale. A Cr2O3 scale had formed below the Co-rich oxide
in both the non-cracked and the cracked regions. This Cr2O3 scale was slightly thinner in
the cracked region (∼ 230 nm) than in the non-cracked region (∼ 280 nm), which might
be due to the fact that a substantial amount of Cr, up to 40 cationic%, was found in
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the Co-rich spinel of the former. A seemingly continuous Ce layer was detected in the
non-cracked regions, but not in the cracked regions.

The formation of a relatively thick Co-rich oxide on top of cracked regions after as little
as 71 h of exposure verified the conclusion drawn from the behavior of the Cr evaporation
rate, namely that the self-healing process at 750 °C is complete sometime before 71 h of
exposure.

Figure 4.5: Electron microscopy of a biaxially deformed Ce/Co-coated AISI 441 sample
that was exposed to air for 71 h at 750 °C. The crack marked by the orange box was
investigated with STEM/EDX. A) SEM micrograph with Pt deposited on the area chosen
for the FIB lift-out; b) HAADF micrograph of lift-out, with the area inside of the blue
dashed lines marking the cracked area; c) HAADF image and corresponding EDX maps
in at%. The cracked area is on the right side of the blue dashed line, and the non-cracked
area is on the left side of the line.

The healing process was not yet completed after 111 h of exposure at 650 °C, according
to the Cr evaporation data. However, a very thin Co-rich oxide was found in the cracked
area (∼ 30 nm) with up to 30 cationic% Co, 35 to 40 cationic% Fe, and between 5 to
30 cationic% Cr (see Figure 4.6). A Cr-rich oxide scale had formed below this Co-rich
oxide. The exact composition of this Cr-rich oxide could not be determined accurately,
because of the thinness of this scale (around 20 nm). Similar as to the sample analyzed at
750 °C, no strong Ce signal was detected in the cracked regions at 650 °C, whereas a Ce
signal was clearly visible in the non-cracked regions. The absence of Ce in cracked regions
could explain the formation of the Fe-rich oxide nodules found at 650 °C. Falk-Windisch
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et al. [159, 211] have previously shown that Fe-rich oxides form at 650 °C if no Ce layer is
present to prevent intermetallic diffusion in the initial stages of oxidation. This strongly
suggests that the formation of Fe-rich oxide nodules occurred in the present work, because
the cracks appeared not to contain Ce, or not sufficiently high levels of Ce.

The presence of a thin Co-rich oxide after 111 h of exposure at 650 °C confirmed the
Cr evaporation data, which showed a steep decline in the rate of evaporation after 111 h.
This indicates that the healing process was underway. The Cr evaporation data (see
Figure 4.3) in combination with the SEM top view data collected after 500 h of exposure
(see Figure 4.4) showed that self-healing at a temperature as low as 650 °C does occur,
even though the process is much slower than at 850 °C.

Nevertheless, the Cr evaporation rate for deformed Ce/Co-coated AISI 441 samples
was much lower than that of the uncoated material, even in the initial phases (see Paper
II). Consequently, the Cr evaporation of deformed Ce/Co-coated AISI 441 should not
play a role in the fuel cell degradation caused by cathode poisoning.

Figure 4.6: Electron microscopy of a biaxially deformed Ce/Co-coated AISI 441 sample
that was exposed to air for 111 h at 650 °C. The crack marked by the orange box was
investigated with STEM/EDX. A) SEM micrograph with the area chosen for the FIB
lift-out marked by the dashed white box; b) HAADF micrograph of lift-out. The area inside
of the blue dashed lines marks the cracked area; and c) HAADF image and corresponding
EDX maps in at%.

The self-healing process still occurs at temperatures as low as 650 °C, even though the
process is slower than at 850 °C. This means that economic roll-to-roll manufacturing
processes for coated interconnects can be used without negatively influencing fuel cell
degradation.
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4.1.3 Long-Term Stability of Ce/Co-Coated AISI 441

The two main issues to overcome on the interconnect level to achieve wide-spread com-
mercialization of SOFCs are the limited life-time due to material degradation and high
material cost. As discussed previously (see Chapters 2.3.1 and 2.3.2) the former can be
improved by coatings that mitigate the oxidation of the FSS, for example, the state-of-
the-art coating Ce/Co [56, 57], and the latter issue can be addressed by the use of cheaper
materials, such as AISI 441, instead of expensive steels, such as Crofer 22 APU. The
Ce/Co coating has been shown to excel at Cr retention and improved oxidation resistance
for exposure lengths up to 3 000 h [33–36, 154]. However, very little work has to-date
been carried out on the long-term stability (> 3 000 h) of coated interconnects. Therefore,
the present work analyzes the long-term stability of Ce/Co-coated (10 nm Ce/640 nm
Co) AISI 441. For this purpose AB Sandvik Materials Technology exposed the material
discontinuously for up to 37 000 h at 800 °C in a box furnace. Subsequent analysis was
carried out at Chalmers.

Gravimetric Analysis The mass gain for Ce/Co-coated AISI 441 was near parabolic
even up to 37 000 h of exposure at 800 °C (see Figure 4.7). A slight difference was found
between the two different batches, which could be due to batch variations. The initial
increase in mass gain to 0.21mg cm-2 can be attributed to the oxidation of the Co coating
and is in agreement with previously published work on the same coating [58, 130]. This
also explains why the mass gain of uncoated material is lower than that of the coated
material. The mass gain of isothermally tube furnace exposed Ce/Co-coated samples was
similar to the mass gain of discontinuous box furnace exposed samples after 1 000 h of
exposure, however, a notable difference was found after 3 000 h of exposure, which could
be due to the thermal cycling the latter samples experienced.

Microstructural Analysis The microstructure of Ce/Co-coated AISI 441 was the
same for the three exposure lengths, 7 000 h, 23 000 h, and 35 000 h, (see Figure 4.8). A
thermally grown Cr2O3 layer had formed below a roughly 2.2μm thick (Co,Cr,Mn)3O4

spinel. The thickness of the Cr2O3 layer varied between different exposure times, which
is in agreement with the gravimetric analysis, but the thickness of this layer also varied
significantly within each sample (see Table 4.2).

Table 4.2: Thickness of the (Co,Cr,Mn)3O4 spinel and the thermally grown Cr2O3 layer
that formed on Ce/Co-coated AISI 441, which was exposed for 7 000 h, 23 000 h, and
35 000 h to air at 800 °C. All values are given in μm.

Exposure Time
(Co,Cr,Mn)3O4 thickness (μm) Cr2O3 thickness (μm)
Min Max Avg. Std. Dev. Min Max Avg. Std. Dev.

7 000 h 1.5 2.6 2.0 0.6 4.5 9.8 6.5 1.9
23 000 h 0.7 3.4 2.2 1.1 7.0 15.6 10.9 3.0
35 000 h 2.7 3.1 2.9 0.2 10.9 18.1 14.9 2.8

The Cr content of the steel, which is an important factor when discussing the long-term
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Figure 4.7: Mass gain for AISI 441 exposed up to 37 000 h at 800 °C. Different AISI
441 batches were exposed and are specified in the legend. Samples were exposed either
discontinuously in box furnaces (BF) by Sandvik Materials Technology or isothermally in
tube furnaces (TF) at Chalmers. The mass gain values recorded for box furnace exposed
samples were averaged over a range of samples, whereas all short-term tube furnace exposed
samples (≤ 3 000 h) are specific values measured for one sample. The overall exposure time
for Ce/Co-coated AISI 441 batch C was 37 000 h. These samples were used for subsequent
Cr evaporation measurements. The overall exposure time for Ce/Co-coated AISI 441 batch
D was 35 000 h. These samples were used for subsequent ASR measurements.
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Figure 4.8: Backscattered SEM micrographs for BIB milled cross-sections of Ce/Co-coated
AISI 441 that was exposed to air at 800 °C for 7 000 h (a), 23 000 h (b), and 35 000 h
(c). The ASR of these samples was measured prior to preparing each cross-section. The
phases were identified with EDX analysis and XRD as i) steel substrate, ii) Cr2O3, iii)
(Co,Cr,Mn)3O4, and iv) Pt-electrode.

stability of a FSS, had dropped from 17.8wt% before exposure to 16.5wt% after 7 000 h
of exposure, 13.8wt% after 23 000 h of exposure, and 11.8wt% after 35 000 h of exposure.
The substantially lower Cr content after 35 000 h might signal imminent material failure.
However, the material lasted for at least another 3 000 h (see Cr evaporation data). A
thicker Ce coating could be applied to decrease Cr consumption further [213].

Cr Evaporation Low Cr evaporation rates for Ce/Co-coated AISI 441 were found even
after 37 000 h of exposure (see Figure 4.9) in comparison to the rate for uncoated AISI 441.
The average rate of the latter was 1.8 · 10-4 mgcm-2h-1, while it was 2.5 · 10-5 mgcm-2h-1

for Ce/Co-coated AISI 441 exposed in a box furnace for 37 000 h, and 9.9 · 10-6 mg cm-2h-1

for Ce/Co-coated AISI 441 exposed in a tube furnace for 1 000 h. The difference between
the Cr evaporation rate of the two Ce/Co-coated materials that were exposed for different
time lengths can be explained by the fact that long-term exposed samples had to be cut
down for the Cr evaporation measurements, resulting in an uncoated and unexposed edge.
This unexposed edge could result in slightly elevated Cr evaporation rates for pre-exposed
Ce/Co-coated AISI 441 compared to unexposed Ce/Co-coated AISI 441. The steep decline
for pre-exposed Ce/Co-coated AISI 441 was attributed to an accumulation of Cr in the
Co3O4 scale during the stagnant air exposure in the box furnaces. This accumulated Cr
evaporated in the first 100 hours of tube furnace exposure under high humid air flow.
The Cr-evaporation rate stabilized after the complete removal of the accumulated Cr.

Area Specific Resistance Similar to mass gain, the ASR values also showed near
parabolic behavior for Ce/Co-coated AISI 441, even up to 35 000 h of exposure (see Figure
4.10a), and the ASR values were extremely low after long-term exposure. The parabolic
behavior of the ASR can easily be explained by the fact that the mass gain was due
to the continuous grown Cr2O3 scale, which was the main contributor to the ASR (see
Paper I). Similar to Paper I, the theoretical ASR could also be calculated for these oxide
scales, however, due to the large variation not only in conductivity (see Chapter 2.3.3)
but also in oxide scale thickness (see Table 4.2), the results of these calculations differed
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Figure 4.9: Cr evaporation rate as a function of time for uncoated AISI 441 or Ce/Co-
coated AISI 441 exposed to air for up to 38 100 h at 800 °C. Different AISI 441 batches
were used and are specified in brackets. Samples were exposed either discontinuously for
37 000 h in box furnaces (BF) by Sandvik Materials Technology or isothermally in tube
furnaces (TF) at Chalmers. All Cr evaporation measurements were carried out in tube
furnaces. Rates for uncoated AISI 441 were averaged over the exposure.

62



4.1. NANO-COATINGS AND THEIR INFLUENCE ON CORROSION PROPERTIES

by several orders of magnitude: some matched well with the experimentally measured
values, and others were much higher (see Paper III). In addition to the variation found in
literature values and oxide thickness, doping effects through Fe or Mn contamination, as
well as an oxygen partial pressure gradient through the oxide scale can greatly alter and
specifically enhance the conductivity of an oxide scale. Both factors were present within
thermally grown oxide scales and, thus, the conductivity of a pure Cr2O3 might not be
representative for the conductivity of thermally grown Cr2O3. Nevertheless, the good
reproducibility of the experimentally measured ASR values over a large set of samples with
relatively small error bars and their parabolic behavior strongly suggest high accuracy for
the reported ASR measurements. The credibility of these ASR values can be verified by
the behavior of the ASR during cooling (see Figure 4.10b). The linear behavior verified
semi-conducting behavior, which is described by Equation 2.29. The average activation
energy of all conducted measurements within the scope of this investigation was found to
be 0.51 eV (slope of the straight line in Figure 4.10a). This experimental value is in good
agreement with the median literature value, found over many different publications, for
the activation energy of the conductivity of Cr2O3 below 850 °C (see Chapter 2.3.3).

Figure 4.10: a) ASR as a function of exposure length for uncoated or Ce/Co-coated AISI
441 that was exposed to air up to 35 000 h at 800 °C. Different AISI 441 batches were
used and are specified in brackets. Samples were exposed either discontinuously in box
furnaces (BF) by Sandvik Materials Technology or isothermally in tube furnaces (TF) at
Chalmers. Empty symbols indicate average values with their respective standard deviation
(error bars). Filled symbols indicate samples that were used for microstructural analysis.
b) Arrhenius plot for the ASR of all Ce/Co-coated AISI 441 samples. The slope of the
grey line depicts the average activation energy.
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The long-term stability of Ce/Co-coated AISI 441 was confirmed in this investigation
with regard to good Cr retention even after 38 000 h of exposure at 800 °C, low ASR values
after 35 000 h of exposure, and near parabolic mass gain throughout the entire period
of exposure. However, low Cr content after 35 000 h (11.8wt%) indicates that material
failure might occur soon, but Ce/Co coated AISI 441 remained protective even after
38 100 h of exposure.

4.2 The Dual Atmosphere Effect

Detailed information on the dual atmosphere effect is given in Chapter 2.3.4. To investigate
the dual atmosphere effect, different parameters and how they affected the formation of
breakaway corrosion on the air-facing side were examined: the exposure temperature, the
importance of pre-oxidation, and the influence of material thickness and surface treatment.
By understanding the influence of these parameters on the dual atmosphere effect, the
difference found in the literature for the severity and even existence of the dual atmosphere
effect is explained, and conclusions are drawn on the dual atmosphere mechanism.

4.2.1 Temperature Dependence

Previous work by Alnegren et al. [31, 32] has shown that the dual atmosphere effect
for AISI 441 is severe at 600 °C, and no significant effect was found at 700 and 800 °C.
However, temperatures below 600 °C were not examined by those authors, and it remains
unclear if the dual atmosphere effect was also present below 600 °C. The previous work by
Alnegren et al. [31, 32] also disregarded the potential influence of a pre-formed oxide scale
on the dual atmosphere effect. Therefore, the present research examined exposures of pre-
oxidized and non-pre-oxidized AISI 441 to dual or single atmosphere for 336 h at 500 °C,
550 °C, 600 °C, 650 °C, 700 °C, and 800 °C. By explaining the results with the Wagnerian
theory (see Chapter 2.2.4), conclusions on the mechanism of the dual atmosphere effect
could be drawn.

Protective behavior in single atmosphere was found for all temperatures and regardless
if a pre-oxidation step was implemented or not. For further analysis of single atmosphere
exposed samples, the reader is referred to [31, 32]. Only dual atmosphere exposed samples
will be discussed below.

Non-pre-oxidized AISI 441 Non-pre-oxidized AISI 441 that was exposed to dual
atmosphere for 336 h showed protective behavior only at 500 °C; an Fe-rich oxide scale
covered the entire surface of AISI 441 at all other temperatures (see Figure 4.11). The
surface morphology of this Fe-rich oxide scale changed from whiskers at 600 °C and 650 °C
to undulated porous oxide at higher temperatures.

The cross-sections for non-pre-oxidized and dual atmosphere exposed samples suggested
that the thickest oxide scale had formed at 600 °C, however, there seemed to be little
difference between samples exposed at 550 °C or 600 °C (see Figure 4.12). The phases
were identified using EDX (see Paper IV) and previous knowledge [31, 32]. An internal
oxidation zone (IOZ) was formed at and below 600 °C, and this zone is believed to be
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Figure 4.11: SEM micrographs of the air-facing side of AISI 441 exposed to dual atmosphere
for 336 h at a) 500 °C, b) 550 °C, c) 600 °C, d) 650 °C, e) 700 °C, and f) 800 °C. All samples
were non-pre-oxidized. Except for a, which was covered in a protective oxide scale, all
other samples were covered in Fe-rich oxide.
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a mixture between unreacted metal, and Cr2O3 [31]. Cr2O3 agglomerates had formed
within the IOZ, and to some extent, a thin Cr2O3 scale had formed between the IOZ
and the steel substrate. No IOZ was found at temperatures above 600 °C, and instead, a
continuous and increasingly thicker Cr2O3 scale had formed between the steel substrate
and the (Cr,Fe)3O4 at higher temperatures.

Pre-oxidized AISI 441 Pre-oxidized AISI 441 that was exposed to dual atmosphere
for 336 h was completely covered in Fe-rich oxide at 600 °C, while only protective oxide was
found on the entire sample surface at 500 and 800 °C. The surface was partially covered in
Fe-rich oxide nodules at the intermediate temperatures, 550 °C, 650 °C, and 700 °C, and
partially covered in a protective oxide scale (see Figure 4.13). The nodules were smaller
and fewer at 550 °C than at 650 and 750 °C. This showed that the dual atmosphere effect
was most severe at 600 °C.

The microstructure of the Fe-rich oxides for pre-oxidized samples (see Figure 4.14)
resembled that of the non-pre-oxidized samples (see Figure 4.12), and phases were again
identified using EDX maps (see Paper IV) and previous knowledge. Similar to the
non-pre-oxidized samples, the pre-oxidized samples also showed the presence of IOZ and
agglomerated Cr2O3 below the (Cr,Fe)3O4 scale and sporadically a thin discontinuous
Cr2O3 layer between the steel substrate and the IOZ at 550 °C and 600 °C. However, with
the exception of the sample exposed at 600 °C, all other pre-oxidized samples had large
areas that were covered by a protective oxide scale. This protective oxide scale consisted
of a (Cr,Mn)3O4 scale on top of a Cr2O3 scale. The duality of the protective oxide scale
was clearly differentiated for temperatures at and above 650 °C but was too thin at 550 °C.

The results showed that 600 °C is the temperature at which the most severe dual
atmosphere effect is found. No dual atmosphere effect was found at 500 °C. However, the
dual atmosphere effect was present at the opposite end of the temperature scale, 800 °C,
but only for non-pre-oxidized samples. This indicates that the dual atmosphere effect was
present at 800 °C, but that it could be impeded by the presence of a pre-formed protective
oxide scale. These results are in agreement with Alnegren et al. [32], who have reported
no dual atmosphere effect for pre-oxidized AISI 441 at 800 °C. However, those authors
did not examine non-pre-oxidized AISI 441.

The effect of pre-oxidation on the dual atmosphere effect can partly explain the
discrepancy in the literature. This discrepancy will only be discussed in full in Chapter
4.2.5.

Solving the Dual Atmosphere Mechanism The temperature study can shine some
light on the dual atmosphere mechanism. As mentioned in Chapter 2.3.4, this mechanism
is to-date unclear, and the only consensus in the literature is that hydrogen is to blame.
However, the effects of hydrogen are unknown. The following discussion aims to solve
this and is in large part based on the Wagnerian theory discussed in Chapter 2.2.4 and
Equations 2.23 and 2.24. These equations define the critical Cr content that is needed
to maintain a protective oxide scale. Fe will be preferentially oxidized and breakaway
oxidation will occur below this content.
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Figure 4.12: Backscattered SEM micrographs for BIB milled cross-sections of the air-facing
side of AISI 441 exposed to dual atmosphere for 336 h at a) 550 °C, b) 600 °C, c) 650 °C,
d) 700 °C, and e) 800 °C. All samples were non-pre-oxidized. Using EDX and previous
knowledge, the phases were identified as i) Fe2O3, ii) (Cr,Fe)3O4, iii) Cr2O3, iv) IOZ,
and v) steel substrate.
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Figure 4.13: SEM micrographs of the air-facing side of AISI 441 exposed to dual atmosphere
for 336 h at a) 500 °C, b) 550 °C, c) 600 °C, d) 650 °C, e) 700 °C, and f) 800 °C. All samples
were pre-oxidized for 20 min prior to dual atmosphere exposure. a) and f) were covered
with a protective oxide scale, c) was covered with an Fe-rich oxide scale, and the other
samples had both Fe-rich oxide nodules (marked with X) and a protective oxide scale.
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Figure 4.14: Backscattered SEM micrographs for BIB milled cross-sections of the air-facing
side of AISI 441 exposed to dual atmosphere for 336 h at a) 550 °C, b) 600 °C, c) 650 °C, d)
700 °C, and e) 800 °C. All samples were pre-oxidized for 20 min prior to dual atmosphere
exposure. Two micrographs are shown for samples c) and d), which both had large areas
that were covered by a protective oxide scale and large areas that were covered by Fe-rich
oxide scale. Using EDX and previous knowledge, the phases were identified as i) Fe2O3,
ii) (Cr,Fe)3O4, iii) Cr2O3, iv) IOZ, v) steel substrate, vi) protective oxide scale, and vii)
(Cr,Mn)3O4.
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It was assumed that N crit1
Cr (see Equation 2.23) can be used to describe non-pre-

oxidized samples, because this parameter describes a case with no preformed oxide scale.
On the other hand, N crit2

Cr (see Equation 2.24) describes when a preformed oxide scale
fails and can, therefore, be used for pre-oxidized samples. For the present system, e.g.
the oxidation of Fe-Cr alloy, N crit1

Cr and N crit2
Cr were calculated using Equations 2.23 and

2.24, respectively. The calculated values predict at which minimum Cr concentration
protective behavior of the alloy can be expected. For these calculations, literature values

were chosen for the parameters N
(s)
O , DO, D̃Cr, and kp (see Table 4.3). Paper IV discusses

why certain literature values for these parameters were chosen over others, which will not

be discussed here. The literature values for N
(s)
O and DO reported by Takada et al. [214,

215] were used. The Cr diffusion reported by Williams et al. [216] was chosen for D̃Cr,
and the kp values were taken and extrapolated from Falk-Windisch et al. [117].

Table 4.3: Literature values required to calculate N crit1
Cr and N crit2

Cr according to Equations
2.23 and 2.24, respectively.

T (°C) N
(s)
O DO (m2 s-1) D̃Cr (m2 s-1) kp (m2 s-1) N crit1

Cr N crit2
Cr

[214, 215] [214, 215] [216] [117]

500 3.6 · 10−8 2.9 · 10−13 9.7 · 10−20 1.2 · 10−23 0.127 0.007
550 9.5 · 10−8 6.5 · 10−13 7.0 · 10−19 1.4 · 10−22 0.116 0.009
600 2.3 · 10−7 1.3 · 10−12 4.0 · 10−18 1.3 · 10−21 0.106 0.011
650 4.9 · 10−7 2.5 · 10−12 1.9 · 10−17 5.2 · 10−20 0.099 0.013
700 9.9 · 10−7 4.5 · 10−12 8.0 · 10−17 1.0 · 10−18 0.092 0.015
800 3.3 · 10−6 1.2 · 10−11 9.0 · 10−16 5.5 · 10−17 0.082 0.021
900 8.9 · 10−6 2.7 · 10−11 6.7 · 10−15 3.7 · 10−16 0.074 0.027

It should be noted that the equation used for the non-pre-oxidized samples (see
Equation 2.23) underestimates the actual Cr content needed to avoid Fe oxidation. This
is due to the fact that the equation was formulated based on the assumption that only Cr
would form a thermodynamically stable external oxide scale, and the equation describes
at what critical Cr concentration a switch from internal oxidation to external oxidation
occurs [108]. Gesmundo et al. [217] have shown that the critical Cr content is higher if
Fe can also form a thermodynamically stable external oxide scale. These conditions are
prevalent in dual atmosphere and, therefore, the calculated N crit1

Cr (cal) is lower than the
actual N crit1

Cr (act). Nevertheless, the behavior of N crit1
Cr (see Table 4.3) is in agreement

with the rather high activation energy of Cr diffusivity, on average 210 kJmol-1 [216]. This
results in an inverse temperature dependency, and, thus, lower temperatures require more
Cr content than higher temperatures. This behavior was found in all non-pre-oxidized
samples in the present study, which showed an inverse behavior between 600 °C and 800 °C.
This inverse behavior can be detected by the decrease in the thickness of the entire oxide
scale, including the IOZ from 600 °C to 800 °C. Additionally, internal oxidation of Cr was
detected in the IOZ at 550 °C and 600 °C, but not at higher temperatures.

The behavior of N crit2
Cr in contrast, was the reverse of the behavior of N crit1

Cr , but the
increase in the N crit2

Cr with increasing temperature was much less pronounced than the
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change that occured for N crit1
Cr . Similar to N crit1

Cr , the calculation of N crit2
Cr is also based

on the assumption that only Cr would form a thermodynamically stable external oxide
scale. However, under most exposure conditions, Fe can also form a thermodynamically
stable external oxide scale, and this results in an increase in the N crit2

Cr . Studies [138, 218,
219] have shown that the calculated N crit2

Cr is often underestimated by 8 to 10wt% and,
therefore, this correction factor can be implemented on top of the N crit2

Cr calculated in
Table 4.3. Because the activation energy for oxide scale growth (EA(kp)= 261 kJmol-1

[220]) is very similar to that of Cr diffusion (EA(DCr)= 210 kJmol-1 [216]), N crit2
Cr is very

weakly temperature dependent.
The key to solving the mechanism of the dual atmosphere effect is understanding

which parameter in Equations 2.23 and 2.24 is affected by hydrogen. In theory, three

parameters can be altered by the presence of hydrogen: the oxygen permeability N
(s)
O DO,

the Cr2O3 growth rate kp, and the Cr diffusivity D̃Cr.
One popular theory on the mechanism of the dual atmosphere effect is the increase in

oxygen permeability caused by the presence of hydrogen, which, according to Essuman
et al. [190], is caused by interstitial hydrogen atoms expanding the Fe lattice and, thus,
increasing oxygen diffusivity. However, theoretical considerations carried out in the present
work showed that this is not plausible. For breakaway oxidation to occur at 600 °C and
700 °C, hydrogen would have to increase oxygen permeability by at least a factor of 3 or 4
to increase N crit1

Cr above the Cr content of AISI 441 (just below 18wt%). This massive
increase in oxygen permeability would lead to a doubling of the IOZ thickness, which has
not been reported [138, 221].

Similar considerations can be applied to kp with an even more obvious result. Even if
kp is increased by an order of magnitude, N crit2

Cr will remain below 18wt%. Additionally,
neither Alnegren et al. [32] nor Bredvei Skilbred et al. [180] have seen an increase in oxide
scale thickness between dual and single atmosphere.

These considerations strongly suggest that the only plausible parameter that hydrogen
could influence is Cr diffusion. Even though Ani et al. [222] have shown that hydrogen
does not affect Cr diffusion, their study was carried out on coarse-grained material
and, thus, focused on lattice diffusion and neglected the contribution of grain boundary
diffusion. Grain boundary (GB) diffusion is more relevant at lower temperatures than
at higher ones, and lattice diffusion becomes more relevant at higher temperatures (see
Chapter 2.2.3). This could explain the inverse temperature behavior found for the dual
atmosphere effect. If hydrogen had blocked the grain boundary diffusion paths, the effect
would be more pronounced at lower temperatures than at higher temperatures.

The effects of hydrogen on Cr diffusion can again be verified by theoretical consid-
erations. If D̃Cr is decreased by only a factor of five for the non-pre-oxidized samples
(Criterion 1; see Equation 2.23), breakaway oxidation would occur. For the pre-oxidized

samples (Criterion 2; see Equation 2.24), a decrease in D̃Cr by approximately two orders of
magnitude would lead to the formation of breakaway oxidation. Even though that appears
to be a significant decrease, it is approximately the difference between DGB(600 °C) and
DGB(700 °C).

These considerations have not yet been experimentally proven. However, the theoretical
considerations discussed above, show that it can be excluded that hydrogen affects the
oxygen permeability or the oxide scale growth rate. Instead it is near certain that hydrogen
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affects the Cr diffusion along the grain boundaries.
Nevertheless, even though this explains the inverse temperature effect observed from

600 °C to 800 °C, the theory presented here does not elucidate why no dual atmosphere
effect was found at 500 °C, and why less breakaway oxidation had formed at 550 °C than at
600 °C. One suggestion for this is that the purity of the Cr2O3 scale at lower temperatures
is not as important to maintain protective behavior of the oxide scale. The miscibility of
Cr2O3 and Fe2O3 often leads to the inclusion of increased amounts of Fe into the Cr2O3

scale with decreased exposure temperature. Segerdahl et al. [223] have found that a near
pure Fe2O3 scale had formed at 500 °C on 11wt% Cr-containing steel without resulting
in a non-protective, i.e. fast growing, oxide scale. This result strongly suggests that the
protective behavior found at 500 °C, and to a lesser extent and 550 °C, in dual atmosphere
is because less Cr is needed to maintain a protective oxide scale at these temperatures
than at higher ones. This means that the Cr diffusion was substantially decreased by
the presence of hydrogen even at 550 and 500 °C. However, much less Cr was required to
maintain the protective behavior of AISI 441 at those temperatures.

4.2.2 Pre-oxidation and its Influence on the Dual Atmosphere
Effect

The preceding chapter showed that pre-oxidation influences the dual atmosphere effect.
This can be relevant for real applications, as fuel cells are typically sintered in air before
their first start-up, meaning a pre-oxidation step is the norm. Therefore, the beneficial
effect of a pre-oxidation step will be discussed in the following with regard to two different
parameters: pre-oxidation time, i.e. do longer pre-oxidation times delay the onset of
breakaway oxidation, and pre-oxidation location, i.e. does the beneficial effect result from
the pre-oxidation scale on the fuel-facing side or the air-facing side.

Pre-oxidation Time A correlation between the pre-oxidation time and the onset
of breakaway oxidation was found for AISI 441 in dual atmosphere (see Figure 4.15).
This dependence was expressed by longer pre-oxidation times that led to a delay in the
formation of breakaway oxidation. Accelerated testing could be, within limitations (e.g.
PVD coatings might need longer pre-oxidation times to fully oxidize), possible with shorter
pre-oxidation times.

In addition to visual inspection, scanning electron microscopy also confirmed that longer
pre-oxidation times resulted in greater corrosion resistance against the dual atmosphere
effect (see Figure 4.16). The air-facing side of non-pre-oxidized and 11min pre-oxidized
AISI 441 samples was covered in a thick Fe-rich oxide after 1 000 h of exposure. Iron-rich
nodules had formed on samples pre-oxidized for 45 and 180min, but large areas remained
covered in protective oxide. Very few isolated and tiny Fe-rich oxide nodules were found
on the surface of AISI 441 pre-oxidized for 280min.

The microstructure of the Fe-rich oxide that had formed on the air-facing side of
some samples was like the microstructure found for the Fe-rich oxide that had formed
on the AISI 441 sample pre-oxidized for 20min, which was exposed to dual atmosphere
at 600 °C for 336 h (see Figure 4.14b). The AISI 441 sample pre-oxidized for 11min (see
Figure 4.17), for example, showed the formation of a roughly 37μm thick breakaway
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Figure 4.15: Photographs of the air-facing side of AISI 441 taken during discontinuous
dual atmosphere exposure at 600 °C. The numbers at the bottom of each picture rate the
progress of corrosion. They are defined as follows: 1= only protective behavior present,
2=mostly protective behavior present, 3=mostly corroded surface, and 4= completely
corroded surface.
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Figure 4.16: SEM micrographs of the air-facing surface of AISI 441 exposed to dual
atmosphere for 1 000 h at 600 °C. Five different pre-oxidation times were employed: 0min,
11min, 45min, 180min, and 280min.
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oxidation layer after 1 000 h of dual atmosphere exposure. This layer consisted of a top
hematite layer below which a mixed (Fe,Cr)3O4 spinel had formed with an IOZ under the
spinel. More detailed microstructural investigations on the iron-rich nodules formed on
the air-facing side in dual atmosphere can be found in Paper IV, Paper V, and [31, 32,
224].

A thick Fe-rich oxide had also formed on the hydrogen-facing side for some samples, in
addition to the air-facing side, namely for the non-pre-oxidized and 11min pre-oxidized
samples (see Figure 4.17). Further research is required to analyze this oxide and its
implications. Longer pre-oxidation times than 11min all resulted in a protective Cr-rich
oxide scale on the hydrogen-facing side, even after 1 000 h of dual atmosphere exposure.

Figure 4.17: SEM micrograph of the BIB milled cross-section of AISI 441 that was
pre-oxidized for 11min and, subsequently, discontinuously exposed to dual atmosphere for
1 000 h at 600 °C.

The 5 h pre-oxidized AISI 441 sample still showed protective behavior after 1 000 h
of exposure. However, a separate study conducted within the scope of this work showed
that this material had formed a substantial amount of Fe-rich oxide nodules on the
surface of the samples after 3 000 h (see Figure 4.18 and Figure 4.19a). This suggests that
even though longer pre-oxidation times delay the onset of breakaway oxidation, longer
pre-oxidation times do not prevent breakaway oxidation.

The one-sided Ce/Co-coated AISI 441 sample that was pre-oxidized for 5 h showed
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Figure 4.18: Photographs of the air-facing side of uncoated AISI 441 and one-sided (air-
side) Ce/Co-coated AISI 441. Both samples were pre-oxidized for 5 h at 800 °C using a
heating ramp of 1 °Cmin-1 and subsequently exposed to dual atmosphere discontinuously
for 3 000 h at 600 °C.

Figure 4.19: SEM micrographs of the air-facing side of uncoated AISI 441 (a) and one-
sided (air-side) Ce/Co-coated AISI 441. Both samples were pre-oxidized for 5 h at 800 °C
using a heating ramp of 1 °Cmin-1 and subsequently exposed for 3 000 h at 600 °C to dual
atmosphere.
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the formation of breakaway oxidation after 3 000 h of dual atmosphere exposure (see
Figure 4.18 and Figure 4.19b). The extent of Fe-rich oxide nodules that had formed
on this sample seemed to be even greater than that of the uncoated AISI 441 sample
pre-oxidized for 5 h. The formation of breakaway oxidation on a Ce/Co-coated AISI 441
sample verified that an increase in Cr evaporation caused by hydrogen diffusing through
the material is not the cause of the dual atmosphere effect. This theory had already been
partially excluded by Alnegren at al. [32], who have shown that the dual atmosphere
effect also occurs under dry conditions. The present work strengthens that claim, because
an oxidized Co coating should mitigate Cr evaporation (see Chapter 2.3.2). Nevertheless,
breakaway oxidation had still formed on the Ce/Co-coated AISI 441 that was pre-oxidized
for 5 h, to a similar or even greater extent than for the uncoated material, which was
exposed under the same conditions.

Pre-oxidation Location The beneficial effect of pre-oxidation was demonstrated in
the previous chapter. However, what remained unclear from this work was if the beneficial
effect is due to the oxide layer present on the air-facing side, which leads to a decelerated
oxidation rate, or if it is due to the oxide layer on the fuel-facing side, which mitigates
hydrogen ingress into the alloy. The latter theory was proven true (see Figure 4.20 and
4.21). It was found that the pre-oxidation layer on the hydrogen-facing side acts as a
barrier against hydrogen ingress. No breakaway oxidation on the air-facing side had
formed on samples that had a pre-oxidation scale on the hydrogen-facing side, regardless
if the material had been polished or ground. This is in agreement with Kurokawa et al.
[184, 189], who have shown that hydrogen permeation through Cr2O3 is substantially
lower than through ferritic stainless steels. Those authors reported a 94% decrease in
hydrogen permeation for a 760 nm thick oxide scale (on one side of an alloy) compared to
the bare alloy.

These results suggest that a hydrogen barrier coating on the hydrogen-facing side of
the interconnect should mitigate the dual atmosphere effect, and, consequently, this is the
next step on the application level. Research related to nuclear fusion and hydrogen-based
energy sectors focuses on hydrogen permeation barriers; oxides, nitrides, and pure metals
often have good hydrogen permeation barrier properties [225].

4.2.3 Influence of Material Thickness

It was shown that Cr2O3 is an effective barrier against hydrogen permeation, however,
the question that remains, is if also the steel itself decelerates hydrogen diffusion. The
present work found that also steel has a hydrogen barrier effect, even though this effect
seems to be comparatively weak (see Figure 4.22 and Figure 4.23). Thicker samples were
covered to a lesser extent with Fe-rich oxide nodules than thinner samples. This effect
is not due to a Cr depletion of the bulk material, because the chosen conditions, i.e. a
short pre-oxidation time, 20min, and a short dual atmosphere exposure length, 336 h, at
low temperature, 600 °C, were not expected to result in a depletion of Cr in the material.
Thus, the conclusion is that hydrogen diffusion is decelerated through a barrier function
of the FSS. This is in agreement with Kurokawa et al. [184, 189], who have estimated the
hydrogen permeation coefficient in iron to be 10 000 times greater than that of Cr2O3.
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Figure 4.20: Photographs of the air-facing side of AISI 441 exposed to dual atmosphere
for 500 h at 600 °C. All samples were pre-oxidized for 180min at 800 °C in air prior to
exposure, and, subsequently, the oxide layer was removed from one side of the sample.
The final finish was either achieved by grinding to grit P1200 (a and c) or by polishing
to 0.25 μm with diamond paste (b and d). The photographs a and c were taken with a
camera, while photographs for samples b and d were taken with an optical microscope.
The numbers at the bottom of each picture rate the progress of corrosion and are defined
as follows: 1=only protective behavior present, 2=mostly protective behavior present,
3=mostly corroded surface, and 4= completely corroded surface.

The thickness ratio of oxide to steel in the present study was roughly around 2 000 for
the thinnest material and 14 000 for the thickest. This is in an order of magnitude similar
to the difference in the hydrogen permeation coefficient, resulting in a slight effect of FSS
thickness on hydrogen permeation and, therefore, the extent of the dual atmosphere effect.
Nevertheless, the pre-oxidation layer on the hydrogen-facing side was found to have much
higher hydrogen barrier efficiency than the steel itself, even though the contribution of
the latter was not entirely negligible.

4.2.4 Influence of Surface Treatment

The study on pre-oxidation location (see Chapter 4.2.2 and Paper V) found that grinding
the air-facing surface of AISI 441 samples helped delay the onset of breakaway oxidation
in dual atmosphere. The extent of this beneficial effect was shown for non-pre-oxidized
samples, which were heavily corroded when left as-received or polished but remained
protective when the surface was ground to grit P1200 (see Figure 4.24). The beneficial
effect of grinding can be explained by how grinding affects the microstructure of steel:
it introduces surface defects and leads to a significant reduction in grain size of the
bulk near the steel surface (see Figure 4.24c and 4.25b). The reduction in grain size in
particular, with grain sizes of 10 to 50 nm present directly below the protective oxide scale,
counteracted the dual atmosphere effect. As stated in Chapter 4.2.1, the dual atmosphere
effect is likely due to a reduction of Cr grain boundary diffusion if the density of grain
boundaries increases significantly, as was found for ground samples, the negative effect of
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Figure 4.21: SEM micrographs of the air-facing side of AISI 441 exposed to dual atmosphere
for 500 h at 600 °C. All samples were pre-oxidized for 180min at 800 °C in air prior to
exposure, and, subsequently, the oxide layer was removed from one side of the sample.
The final finish was either done by grinding to grit P1200 (a and b) or by polishing to
0.25 μm with diamond paste (c and d).
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Figure 4.22: Photographs of the air-facing side of AISI 441 samples that were discontinu-
ously exposed to dual atmosphere for 336 h at 600 °C. Prior to dual atmosphere exposure,
all the samples were ground from a 1 mm thick AISI 441 steel sheet to the desired thickness
with a final finish of grit P1200. The samples were subsequently pre-oxidized for 20min.

hydrogen will be counteracted. In contrast, polished samples showed a behavior similar to
as-received samples. This can be explained by the fact that for polished samples hardly
any signs of recrystallization after surface treatment were observed (see Figure 4.25a).
However, some areas of the surface of polished samples showed a slight deformation, which
might be a remainder of the preceding grinding steps. Nevertheless, the difference in
the microstructure of polished or ground samples after surface treatment and without
exposure was obvious (see Figure 4.25).

The effect of surface modification on corrosion behavior has previously been discussed
in different studies [49, 226, 227], and Niewolak et al. [49] observed the beneficial effect of
grinding in particular.

4.2.5 Discrepancy in the Literature

As mentioned previously, the discrepancy in the literature on the severity of the dual
atmosphere effect at 800 °C can be explained by the results of the studies carried out
within this thesis. Factors that influence the dual atmosphere effect, in addition to
exposure temperature, are pre-oxidation, sample thickness, and sample surface treatment.

For example, Alnegren et al. [32] did not find any dual atmosphere effect at 800 °C,
however, the AISI 441 steel in that study had been pre-oxidized for 3 h at 800 °C. Similarly,
also Amendola et al. [228] have implemented a pre-oxidation step prior to dual atmosphere
exposure and found no breakaway oxidation after exposure. On the other hand, Rufner et
al. [181] and Gannon et al. [182] have shown a dramatic dual atmosphere effect with the
formation of a thick hematite scale on the surface of AISI 441, but no pre-oxidation had
been carried out prior to these experiments. All the studies mentioned in this paragraph
were carried out in a similar sample holder that relies on clamping and a gasket as a seal.
Other studies, such as the studies carried out by Kurokawa et al. [189], have instead used
Pyrex as a sealant and required a sealing step, which according to [184] is completed after
1.4 h. This sealing step can be compared to a pre-oxidation step and, therefore, the dual
atmosphere effect was much less pronounced in those studies. Those authors also used
2mm thick material, which could also negate the dual atmosphere effect.
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Figure 4.23: SEM micrographs of the air-facing side of AISI 441 samples that were
discontinuously exposed to dual atmosphere for 336 h at 600 °C. Prior to dual atmosphere
exposure, all the samples were ground from a 1 mm thick AISI 441 steel sheet to four
different thicknesses: 0.7mm (a), 0.5mm (b), 0.2mm (c), and 0.1mm (d), to a final
finish of grit P1200.
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Figure 4.24: Photographs and SEM micrographs of the air-facing side in top-view and of
the BIB milled cross-section of AISI 441 samples that were exposed to dual atmosphere
discontinuously for 336 h at 600 °C. Prior to exposure, the samples were polished to 0.25 μm
with diamond paste (a), left as-received (b), or ground to grit P1200 (c).
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Figure 4.25: SEM micrographs of the air-facing side of unexposed AISI 441 that was
either polished to 0.25 μm with diamond paste (a) or ground to grit P1200 (b). Region
marked with an i shows remainder of deformation caused by preceding grinding steps.
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An added factor that could greatly influence the extent of the dual atmosphere effect
is the material examined, with materials that have a higher Cr content outperforming
materials with a lower Cr content. For example, Bredvei Skilbred et al. have reported
only a minor dual atmosphere effect, even though they also opted for a clamping
mechanism as a sealant, however, they examined Sanergy HT with a Cr content of 22 wt%
in contrast to AISI 441 (17 - 18 wt%).

Nevertheless, some questions remain, for example, why does AISI 441 perform worse
than AISI 430, even though they have a similar Cr content [181]. Gannon et al. [229]
have suggested that this might be due to minor alloying elements, specifically the presence
of Niobium in AISI 441 and the absence of this alloying element in AISI 430. Further
research is required to elucidate the role of minor alloying elements.
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Chapter 5

Summary

The present thesis examined the degradation of FSS interconnects with a focus on two
different aspects. First, PVD coatings and their influence on the degradation and life-time
of fuel cells were analyzed, and second, the dual atmosphere effect was closely investigated.

PVD coatings, specifically the state-of-the-art Ce/Co coating and derivatives thereof,
were analyzed with regard to three different factors: their influence on the overall ASR
value, their self-healing capabilities at temperatures below 850 °C, and their long-term
stability.

By investigating a Co3O4 coating, it was found that even moderately well conducting
coatings do not significantly impact the overall conductivity of an interconnect. Instead,
the ASR values measured for Co3O4-coated AISI 441 were similar, between 8 and
12mΩcm2, regardless of the thickness of the Co3O4 layer. This confirmed that the main
contributor to ASR was the thermally grown poorly conductive Cr2O3 scale underneath the
Co3O4 layer. Theoretical calculations corroborated this conclusion. Therefore, research
must focus on decelerating Cr2O3 scale growth rather than increasing the conductivity of
the coating. Especially reactive elements added to the alloy, or as a coating, are known
to decrease the oxide scale growth rate.

Coatings are often applied to the interconnect before shaping the interconnect into
its final form. However, the reverse would be economically favorable. The drawback of
first coating the interconnect and then deforming it, is that cracks are introduced into
the coating. The present thesis confirmed that these cracks in the coating heal during
exposure. The self-healing capabilities of Ce/Co coatings are present even at low operating
temperatures (650 °C and 750 °C). Even though the decrease in temperature resulted in
a much slower self-healing process than at 850 °C, the Cr evaporation rate of deformed
Ce/Co-coated AISI 441 dropped to that of undeformed material after 71 h or 360 h of
exposure at 750 °C or 650 °C, respectively. Co-containing spinel was found on top of
cracked areas after 71 h at 750 °C and after 111 h at 650 °C. As self-healing occurred at all
temperatures between 650 °C and 850 °C, the economically favorable process of large-scale
roll-to-roll interconnect manufacturing could be implemented, instead of the costly batch
coating process.

The longevity of the Ce/Co coating was confirmed for up to 38 100 h at 800 °C in
the present work. It was found that compared to the Cr evaporation rate for uncoated
AISI 441, the Cr evaporation rate for Ce/Co-coated AISI 441 had increased only slightly
between 1 000 h and 38 100 h of exposure. Additionally, low ASR values, below 40mΩcm2,
were measured even after 35 000 h of exposure, and near parabolic behavior was found for
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both ASR and mass gain values.

To summarize, the present thesis illustrated the effectiveness of a Ce/Co coating
even for long life-times in air-only atmosphere and at 800 °C. It also showed that a Co
coating does not negatively influence the overall ASR of an interconnect. Additionally,
the coating can be applied in a cost-effective manner by using large-scale roll-to-roll
manufacturing processes even for IT-SOFCs. In general, the Ce/Co coating has been
researched quite extensively and not many questions remain. However, research into
the interaction between Ce/Co-coated material and the electrode material is scarce.
Additionally, other coatings are gaining more and more attention in research and in the
industry and Cu-containing coatings might be an alternative for IT-SOFCs.

The second part of this thesis investigated the dual atmosphere effect with regard to
different parameters: exposure temperature, pre-oxidation, sample thickness, and surface
modification.

It was found that the dual atmosphere effect is most severe at 600 °C, and, at this
temperature, the entire sample surface of non-pre-oxidized and 20min pre-oxidized AISI
441 was completely covered in Fe-rich oxide after 336 h of exposure. The dual atmosphere
effect quickly disappeared at lower temperatures, and no Fe-rich oxide had formed on
AISI 441 at 500 °C. Also a decline in the severity of the dual atmosphere effect was found
at temperatures above 600 °C, but this decline was much slower. At 800 °C breakaway
oxidation was observed on non-pre-oxidized but not on pre-oxidized AISI 441. Three
different parameters that could potentially be affected by hydrogen were identified using
the Wagnerian theory. These parameters could be the cause for the dual atmosphere effect:
oxygen permeability, Cr2O3 scale growth rate, and Cr diffusion in the material. The
former two were excluded for theoretical reasons, and it was found that the only parameter
that could be reasonably altered by hydrogen was the Cr diffusion. This was corroborated
by the fact that a more severe dual atmosphere effect was found at 600 °C than at higher
temperatures. It is suggested that hydrogen blocks grain boundary diffusion, which is
the more dominant diffusion path at lower temperatures and would explain the corrosion
behavior between 600 and 800 °C. The protective behavior at temperatures below 600 °C
is explained by the fact that high Fe content in the oxide can be tolerated at lower
temperatures without negatively affecting the protectiveness of the oxide.

Pre-oxidation was found to be a good mitigation strategy against the dual atmosphere
effect, and longer pre-oxidation times resulted in an increase in corrosion resistance against
the dual atmosphere effect. The reverse was also found to be valid and interesting, as
it would allow for accelerated testing within limitations. It was excluded that hydrogen
affects Cr evaporation on the air-facing side, because Ce/Co-coated AISI 441 had also
formed Fe-rich nodules to a similar or even greater extent than uncoated AISI 441 after
3 000 h of dual atmosphere exposure and with an implemented 5 h pre-oxidation step.
Pre-oxidation mitigated the dual atmosphere effect because of the preformed oxide scale
on the hydrogen-facing side of the sample. The preformed oxide scale acted as a hydrogen
barrier. This finding suggests that hydrogen barrier coatings on the fuel-facing side of an
interconnect would be a good mitigation strategy against the dual atmosphere effect and
should be a research topic in the future.

It was further shown that sample thickness and sample surface condition directly
influence the extent of the dual atmosphere effect. The effect of sample thickness was only
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minor, but thicker samples were found to perform better under dual atmosphere conditions
than thinner ones. In contrast, the effect of sample surface condition was significant,
and grinding the air-facing side greatly improved the corrosion resistance of the FSS in
dual atmosphere. A recrystallized area below the oxide scale was found on the ground
samples. This area had evidently formed during grinding and led to extremely small grains
(≤ 50 nm). The reduction in grain size is suggested to counteract the decrease in Cr grain
boundary diffusion caused by hydrogen. This would be a result of increasing the grain
boundary concentration of the bulk alloy at its surface. The polished material performed
similar than the as-received material, and both showed heavy breakaway oxidation after
336 h of dual atmosphere exposure. This outcome was expected, because the polished
material showed nearly no signs of recrystallization close to the sample surface after
polishing and before dual atmosphere exposure.

To summarize the findings on the dual atmosphere effect; a new mechanism for the
dual atmosphere effect was proposed and indirectly verified. It was shown that the extent
of the dual atmosphere effect is greatly influenced by exposure temperature, pre-oxidation
conditions, and sample surface. Sample thickness was found to have a minor effect on the
dual atmosphere effect.

Further research is needed on mitigation strategies against the dual atmosphere effect.
The main focus of this research should be on the fuel-facing side of the interconnect, as
this side seems to be key to preventing the dual atmosphere effect. The oxide on the
fuel-facing side of the FSS should be analyzed in more detail, and fuel-side coatings should
be designed as hydrogen barrier coatings.
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