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Abstract:

Despite the prominence of laser based powder bed fusion (LB-PBF) as an additive manufacturing
technique, the number of alloys that have been approved for the process remains limited. In traditional
manufacturing, ferrous alloys are the most common alloy group, consisting primarily of plain carbon
and low-alloy steels. However, in LB-PBF, the production of ferrous alloys is limited to a small number
of austenitic/precipitation-hardened stainless steels and tool steels. The lack of plain carbon and low-
alloy steels stems from the negative impacts of carbon during processing, which promotes the formation
of cracking defects within the as-built material. Hence, to expand the opportunities of LB-PBF, an
understanding of how to process these carbon-containing ferrous alloys must be established.

This work addresses the LB-PBF processability and microstructure of various plain carbon (0.06 to 1.1
wt.% C) and low-alloy steels (4130, 4140, 4340 and 8620). Microstructural analysis found the as-built
specimens to consist of tempered martensite that formed due to the initial rapid cooling and subsequent
intrinsic heat treatment that takes place during LB-PBF. Additionally, the presence of retained austenite
was observed in alloys with >0.75 wt.% C and was caused by the depression of the martensite
transformation temperatures, which left some austenite untransformed when cooling to room
temperature.

In terms of defects, porosity within the as-built specimens could be related to the chosen volumetric
energy density (VED) and the carbon content of the alloy. At low VEDs, specimens contained large,
irregular pores that related to lack of fusion porosity, while at high VEDs, specimens contained rounded,
medium-sized pores that related to keyhole porosity. In terms of carbon content, increasing the amount
of carbon was found to reduce the amount lack of fusion porosity at low VEDs while increasing the
amount of keyhole porosity at higher VEDs. The decrease in lack of fusion porosity was caused by the
improved wettability and flowability of the melt pool, while the increase in keyhole porosity was caused
by increase in melt pool depth with higher carbon contents.

Besides porosity, cold cracking was observed in some plain carbon and low-alloy steels, forming in
specimens with a hardness above certain thresholds: >425 HV for Fe-C alloys, >460 HV for 4140 alloys
and >500 HV for 4340 alloys. Increasing the VED or the laser power decreased the specimen hardness
as both factors enhanced the intrinsic heat treatment of LB-PBF. This meant that cracking (in some
alloys) could be avoided if a large enough VED or laser power was used. The carbon content also
affected the as-built specimen hardness and thus the cracking susceptibility, a finding that explains why
low carbon alloys (<0.43 wt.% C) did not display cracking at any of the tested VEDs, whereas high
carbon alloys (>0.75 wt.% C) displayed cracking at every tested VED. Using these findings, processing
windows were established that produced high-density (>99.8%), defect-free plain carbon and low-alloy
steel specimens without the requirement of build plate preheating.

Keywords: Additive Manufacturing, Laser Based Powder Bed Fusion, Plain Carbon Steel, Low-
Alloy Steel, Lack of Fusion Porosity, Keyhole Porosity, Cold Cracking, Intrinsic Heat Treatment
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CHAPTER 1 — INTRODUCTION

Additive manufacturing (AM) offers a design freedom that is not available in traditional manufacturing.
This freedom, combined with the ability to consolidate parts, produce components with high
material/functional complexity and reduce lead time, has created a use-case for AM in the aerospace,
automotive, tooling and medical industries [1]. Growth has been particularly significant for metal-based
AM: Over the past decade, annual growth rates have exceeded 20%, and the metal AM industry was
expected to reach a value of $20 billion by 2020 [2].

One of the most prominent metal AM techniques is laser based powder bed fusion (LB-PBF), which
uses thermal energy from a focused laser source to selectively fuse regions of a powder bed. Yet, even
with the noticeable growth of metal AM, LB-PBF remains limited to a select group of alloy systems,
namely aluminum alloys, titanium alloys, nickel based alloys, stainless steels, tool steels and precious
metals [1]. In traditional manufacturing, ferrous alloys are by far the most commonly used set of
metallic materials, where more than 90% of said alloys are classified as either plain carbon or low-alloy
steels [3]. Comparatively, in LB-PBF, ferrous alloys are limited to austenitic stainless steels,
precipitation-hardened stainless steels or tool steels. This lack of plain carbon and low-alloy steels
severely hinders the application of LB-PBF components and represents a large gap within the
technology.

One of the main reasons why plain carbon and low-alloy steels are not commonly used relates to the
challenges brought on by carbon during processing, as this carbon can induce cracking within the
material [4] [5]. Due to the rapid solidification that takes place during LB-PBF, carbon will promote
the formation of the hard and brittle martensite phase. This result, combined with the residual stresses
that form due to rapid solidification [6] and due to the formation of martensite [4] [7], can lead to
cracking and delamination of the material. Such cracking must be avoided as internal defects, especially
those close to the surface [8] [9] and those with an elongated shape [10] [11], can severely reduce the
mechanical property performance of AM components. The current understanding of how to
successfully process carbon-containing ferrous alloys comes from the analysis of tool steels, where it
was found that the application of build plate preheating can limit this cracking issue [4] [12] [13].

Despite this knowledge base, limited data is available regarding the processing of carbon-containing
ferrous alloys in literature, especially when working with plain carbon and low-alloy steels.
Additionally, there is a general lack of knowledge regarding how changes in the carbon content will
affect the processability, crack susceptibility and microstructure of ferrous alloys. Hence, to expand the
use of LB-PBF, the processability of plain carbon and low-alloy steels must be better understood.

1.1 RESEARCH OBJECTIVES

The objective of this research is to provide a basic understanding of the processability and
microstructure of LB-PBF-produced plain carbon and low-alloy steels when no build plate preheating
is applied. Understanding the effect of both the carbon content and the processing conditions will allow
for the establishment of robust processing windows that produce high-density, defect-free components.
These objectives are summarized in the following research questions:

RQ1: How does the carbon content affect the microstructure and defect formation of LB-PBF-produced
plain carbon and low-alloy steels?

RQ2: How can the processing conditions affect defect formation?

RQ3: What are the limits of carbon content for LB-PBF fabrication of high-density, defect-free
specimens without the use of build plate preheating?
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CHAPTER 2 — BACKGROUND

2.1 PLAIN CARBON AND LOW-ALLOY STEELS

Plain carbon and low-alloy steels represent one of the most prominent alloy groups and are used in
applications where hardness, strength, ductility, toughness and wear resistance are required while still
maintaining a low materials cost. The hardness and mechanical properties are primarily derived from
the carbon content, as this will dictate the alloy hardenability [14]. Plain carbon and low-alloy steels
are typically used in structural components, ranging from bolts and studs to more advanced applications
such as pressure vessels [15] [16].

Plain Carbon Steels

Plain carbon steels refer to ferrous alloys with less than ~2 wt.% of alloying elements, where the Mn,
Si, Cu, P and S content cannot exceed 1.65 wt.%, 0.6 wt.%, 0.6 wt.%, 0.04 wt.% and 0.06 wt.%,
respectively [15]. This alloy group can be further subdivided based upon the carbon content. Low-
carbon steels contain up to 0.3 wt.% C and are commonly used in applications where high formability
is required (e.g. automotive body panels and wire products) [17]. Medium-carbon steels contain 0.3 to
0.6 wt.% C and are used when better mechanical properties are required (e.g. gears, bolts, hand tools
and wear resistant parts) [17]. High-carbon steels contain 0.6 to 1.0 wt.% C and are used as edge tools
or in wear-resistant parts [15]. However, these alloys are limited in their application as their high
hardenability reduces their formability and weldability. Finally, there are ultra-high-carbon steels (1.25
to 2 wt.% C), which are used in similar applications as high-carbon steels.

Low-Alloy Steels

Low-alloy steels refer to ferrous alloys with less than ~10 wt.% of alloying elements, where the Mn, Si
and Cu contents cannot exceed 1.65 wt.%, 0.6 wt.% and 0.6 wt.%, respectively [15]. These alloys can
be further subdivided based upon their carbon content, either as low-carbon (<0.3 wt.% C) or medium-
carbon (0.3 to 0.6 wt.% C) grades. Low-alloy steels exhibit superior mechanical properties in
comparison to plain carbon steels as the increased amount of alloying additions improves alloy
hardenability. Such alloying additions also affect the transformation and stability of phases within the
material. In low-alloy steels, alloying elements are categorized as either austenite or ferrite stabilizers,
where austenite stabilizers refer to elements that widen the temperature stability of austenite (e.g. C, Ni,
Co and Mn), while ferrite stabilizers refer to elements that narrow the temperature stability of austenite
and instead promote the formation of ferrite (e.g. Cr, Si, S, P and Mo).

Although a wide range of low-alloy steels exists, the current study focused on Cr-Mo (4130 and 4140)
and Ni-Cr-Mo (4340 and 8620) low-alloy steels. The typical alloying elements in these alloys are Ni,
Cr, Mo, Mn and Si, and the general effects of each alloying element can be summarized as follows [15]
[16]:

e Nickel: Added to act as an austenite stabilizer and to improve corrosion resistance.

o Chromium: Added to improve alloy hardenability, to promote carbide formation and to
improve corrosion/oxidation resistance.

o  Molybdenum: Added to improve alloy hardenability and to promote carbide formation.

o Manganese: Added to increase alloy hardenability at moderate cost, to form non-harmful
sulfides and to promote carbide formation.

e Silicon: Added to help with deoxidation and to improve material strength in the quenched and
tempered condition.



2.2 ADDITIVE MANUFACTURING

Additive manufacturing (AM) represents a group of processing techniques that utilize a layer-by-layer
approach to produce components directly from computer-aided designs (CAD). At the beginning of the
AM process, a CAD file provides a digital, 3D representation of the component. Next, this file is
converted into an STL format that will segment the original 3D file into a collection of 2D
representations. Once converted, this STL file is sent to the AM machine for printing. After printing,
the component is removed and undergoes the required post-processing steps so it can be used in its
intended application. To date, the major AM processes can be separated into seven main categories
according to the ASTM-52900 standard [18]:

Directed energy deposition
Sheet lamination

1. VAT photopolymerization
2. Powder bed fusion

3. Material extrusion

4. Material jetting

5. Binder jetting

6.

7.

The focus of this study was on the production of plain carbon and low-alloy steels when using the AM
technology of laser based powder bed fusion (LB-PBF).

2.3 LASER BASED POWDER BED FUSION (LB-PBF)

2.3.1 Background

LB-PBF is an AM technique that uses thermal energy, provided by a focused laser source, to selectively
fuse regions of a powder bed layer-by-layer to produce 3D components. The ability to make these
components directly from CAD files allows for a design freedom that cannot be achieved when using
conventional processes. LB-PBF can also produce functionally graded materials [19] and can produce
components on demand, reducing lead time and the need for maintaining large component inventories.
These capabilities have made LB-PBF an attractive manufacturing technique within the aerospace,
medical, tooling and automotive sectors [1].

Despite these advantages, there are limitations associated with the technology. First, the process has
low build rates and small build volumes. These factors lead to long processing times and a limitation in
the size/number of components that can be produced during a single process run. LB-PBF also requires
noticeable post-processing to: (i) remove support structures (ii), heat treat the material to achieve the
required microstructure and to remove residual stresses and (iii) improve the surface roughness to
improve the mechanical property performance. All these post-processing steps increase not only the
final production time but also the final production cost. The last and arguably most important limitation
of LB-PBF is the limited number of materials that have been approved for the process. Currently, fewer
than 40 metal alloys are commercially available for LB-PBF, which is significant fewer than those
available in other powder-based production techniques.

Considering these factors, the current use-case for LB-PBF is the production of small, complex
components of which relatively small quantities are required (Figure la). This is because unlike
traditional processes, LB-PBF can add both individualization and complexity “for free”” depending upon
the lot size and the part complexity (Figure 1b-c).
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Figure 1: (a) Comparison of laser based powder bed fusion (LB-PBF) to conventional techniques with respect to
parts per year and part complexity. (b) Comparison of LB-PBF to conventional processes with respect to cost
and number of parts. (¢) Comparison of LB-PBF to conventional processes with respect to cost and part
complexity. Adapted from [20].

2.3.2 Working Principle

A typical LB-PBF machine is composed of a powder reservoir, a recoating mechanism, a building
platform, a collector bin and a laser source that are all enclosed within a building chamber (Figure 2).
The LB-PBF build cycle begins when a thin layer of metal powder (supplied by the reservoir) is spread
across the building platform by the recoating mechanism. After the spreading of this powder layer, the
laser source selectively exposes regions of the powder bed. Following this selective exposure, the build
platform is lowered, the recoating mechanism moves back to its original position and the described
process repeats itself until all layers of the component have been printed. This processing occurs in an
inert environment that is maintained via a constant flow of inert gas within the building chamber.

Laser Source

Recoating Mechanism

i
T

Powder Reservoir

Build Platform Collector Bin

Figure 2: Schematic of the typical components of an LB-PBF machine. The powder is depicted as the light grey
regions, while the arrows indicate the typical motion of the specified components during the build cycle.



2.3.3 Feedstock Material

In LB-PBF, metal powder (with a size range of 10 to 60 um) is used as the feedstock material. This
metal powder is typically manufactured using gas atomization as this technique can produce spherical
powders with high packing density and a controlled particle size distribution while maintaining lower
costs and high powder yields [20]. Examples of gas atomized powder are shown in Figure 3.

Figure 3: Example of gas-atomized Fe-1.1C alloy powder.

Gas atomization uses the pressurized flow of inert gas to facilitate the atomization process (Figure 4).
At the beginning of inert gas atomization, molten material within a tundish flows into the atomization
chamber. This molten material is subsequently atomized by the flow of inert gas (Ar or N), which
facilitates the breakup of the material into many small droplets. As these droplets fall, they solidify and
are collected at the bottom of the atomization chamber.

Tundish

Inert Gas

Nozzle \ ,.

Atomization
Chamber

Collector
Bin

Figure 4: Schematic of the gas atomization process. Adapted from [20].
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The quality of LB-PBF components can be affected by the characteristics of the powder feedstock,
specifically the chemical composition, particle size distribution, powder morphology and rheological
properties [20]. The importance of these characteristics is primarily related to their effect on powder
flowability and powder packing density, as these factors can affect defect formation during LB-PBF
[21] [22]. Having relatively spherical powders with a controlled particle size distribution is important
as this can improve powder flowability and packing [23] [24]. The characteristics of the powder
feedstock are dependent on the chosen manufacturing process [25] as well as the number of times the
powder has been recycled [21] [26] and how this powder recycling was conducted [27]. However, a
clear correlation between powder properties and component performance has yet to be firmly
established and is the subject of ongoing research [27].

2.3.4 Processing Parameters
In LB-PBF, the important processing parameters can be broken into three main groups: (i) process-
related parameters, (ii) laser-related parameters and (iii) scan-related parameters.

Process-Related Parameters

Process-related parameters refer to a variety of aspects such as the recoater speed, powder layer
thickness, processing atmosphere, and build plate preheating. The speed of the recoater is important as
it influences the surface uniformity and packing of the powder bed [28]. While increasing the layer
thickness can increase the build rate, it can also increase the surface roughness [29] and lead to the
formation of large defects within the as-built material [29] [30]. With respect to the processing
atmosphere, many aspects must be considered. The first is control of the oxygen content as this can
induce defect formation [31]. Additionally, the flow of inert gas must be large enough to remove
unwanted process by-products from the laser exposure area [32] Lastly, the chosen inert gas (Ar, N» or
He) will affect the rate of heat extraction and subsequently the as-built microstructure [33]. As for build
plate preheating, this is typically used to reduce the residual stress within the as-built material [4] [34]
as preheating can lower both the thermal gradient and the cooling rate [35].

Laser-Related Parameters

Laser-related parameters refer to characteristics such as the laser source, wavelength, power and beam
diameter. Most LB-PBF machines are equipped with Yb-fiber lasers as their shorter wavelength
promotes improved absorptivity in metal powders (when compared to CO; lasers) [36]. In addition, Yb-
fiber lasers provide improved efficiency and stability and entail lower maintenance costs (when
compared to Nd:YAG lasers) [37]. The ability of the heat source to fully melt the material is paramount
during LB-PBF and is primarily controlled by the power density distribution, which is a function of the
total power (P), heat source radius (1p), radial distance from the heat source axis (r) and distribution
factor (f) [35]:

fP ?
Pq = zexp (—f T,) 2.1)

To date, most work with laser based parameters has focused on the laser power and the laser beam
diameter, as both are key components of the power density distribution and will affect melt pool
formation during LB-PBF [38] [39] [40] [41] [42]. In LB-PBF most lasers utilize a Gaussian power
density distribution [43]. This type of distribution has the greatest laser intensity and inputted energy at
the center of the laser beam, with the intensity decreasing as the radial distance from the center increases
(Figure 5).



R

Figure 5: Schematic outlining a Gaussian power density distribution. The area under the curve represents the
inputted laser power at a specific distance from the center of the laser beam. Adapted from [43].

Scan-Related Parameters

Scan-related parameters control how the laser scans across the powder bed and include characteristics
such as the scanning speed, the spacing between scan tracks and the scanning strategy. Maintaining a
proper scan speed is important as this will influence the size and stability of the melt pool [40] [44] [45]
[46], while the scan spacing must be controlled to ensure adequate overlap between deposited melt
tracks [47] [48]. The other important scan-related parameter is the scanning strategy, which refers to
the specific path of the laser as it moves across the area of exposure. The first aspect of the scanning
strategy relates to the various regions of exposure (Figure 6). The core exposure relates to the exposure
of the bulk area, while the contour exposure relates to the exposure along the edges. This contour
exposure is beneficial as it can improve surface roughness [49] and can be utilized to remove porosity
that forms when the laser turns around at the end of a scan track [50].

Contour

/

Figure 6: Schematic outlining the regions of core exposure (dark grey) and contour exposure (light grey).

During core exposure, different paths of the laser can be applied. The most basic is unidirectional
scanning, in which the laser vectors all travel in the same direction (Figure 7a). The other basic scan
pattern is bi-directional scanning, in which the direction of the laser vectors alternates (Figure 7b). More
complicated core exposure strategies have also been developed. One is the island scan strategy, which
divides the area of exposure into several regions that are individually exposed (Figure 7c). Another is
the stripe scan strategy, which is the most commonly used exposure pattern and divides the area of
exposure into several stripes (that are individually exposed), where the translational direction of the
laser is alternated by 180° after each stripe (Figure 7d). The last component of the scanning strategy is
the angle of rotation between layers. Typically, LB-PBF uses a rotation angle of 67° as this orientation
provides the maximum number of orientations before the original orientation is repeated [51].



Figure 7: (a) Unidirectional scanning pattern, (b) bi-directional scanning pattern, (c) island scanning pattern, (d)
stripe scanning pattern where the dark grey arrows represent the translational direction of the laser.

Volumetric Energy Density

In LB-PBF the main goal is to produce a fully dense material. To achieve this goal, an adequate energy
input is required that induces full melting of the material while also ensuring adequate overlap between
deposited melt tracks and between deposited layers. A combined processing parameter that describes
these requirements is the volumetric energy density (VED); see Figure 8.

P
VED = —— (2.2)
Laser
Power (P)
Scan
Speed (v)
Hatch
Spacing (h)
b > Layer

Thickness ()

Figure 8: Schematic outlining the parameters of volumetric energy density (VED), which provides a
representation of the total inputted energy as a function of the laser power (P), scan speed (v), hatch spacing (h)
and layer thickness (t).

There are limitations with the VED as it is only describes the inputted energy from the laser source and
does not provide information regarding the complex heat and mass transport that occurs within the melt
pool. At the same time, the parameters of the VED have been shown to affect the melt pool size and
morphology [40] [44] [45] [46]. This means that while VED is not a magic number that describes all
aspects of LB-PBF, it still represents a combination of important processing parameters that can be used

to outline specific processing windows.



2.3.5 Melt Pool Formation and Dynamics

During LB-PBF the formation of the melt pool is dependent upon the interaction of the laser source and
the powder feedstock. When the laser beam first contacts a powder particle, some of the inputted energy
is absorbed, while the rest is reflected away. This reflected energy then contacts another powder particle,
and the process repeats itself until the intensity of the reflected energy becomes negligible or the laser
beam is reflected outside of the powder bed [52]. Due to the rapid scan speeds that are used during LB-
PBF, the irradiation of the powder occurs over very short time scales of around 0.2 to 8 ms [53]. Hence,
the melting of a powder particle also occurs rapidly (~2 pus for Ti powder [54]) due to the high-power
density of the laser source. As several powder particles melt and coalesce, a melt pool is formed.

The morphology of the melt pool is first dependent upon the mode of heat transfer between the laser
and the powder bed. Typically, in other laser based production techniques (e.g. welding), the heat
transfer is considered to be either in conduction mode or in keyhole mode [55]. During conduction
mode, heat is transferred to the material via conduction from the heated surface, forming a wide but
shallow melt pool. Conversely, during keyhole mode, a deep, keyhole-shaped depression forms due to
material evaporation. This causes heat transfer to occur not only via conduction from the heated surface
but also via conduction from the interior of the keyhole depression [56], thus leading to a deeper and
narrower melt pool when compared to conduction mode melting. Typically, the transition between the
two modes occurs when the power density is high enough to initiate material evaporation [38].

The peak temperatures during LB-PBF can reach as high as the vaporization temperature [57] [58].
When these temperatures are reached, a metallic vapor jet forms, creating a high recoil pressure that
exerts a downward force on the melt pool and causes a keyhole-shaped depression to form [57]. Past
studies [40] [58] have found that this depression is a common characteristic of the melt pool during LB-
PBF, in the range of relevant processing parameters, pointing to some amount of vaporization taking
place. This recoil pressure can also lead to the ejection of powder particles when it exceeds the surface
tension forces within the melt pool [59]. Ejection of powder particles is also influenced by the ambient
gas flow within the processing chamber, where said flow will accelerate entrained particles towards the
vapor jet, causing them to be (i) pulled into the melt pool, (ii) ejected out as a cold particle or (iii) pulled
into the laser beam and ejected out as hot spatter [57] (Figure 9).

1: Melt Pool Entrainment
2: Cold Ejection

Induced
Gas Flow

Induced
Gas Flow

§/

Figure 9: Schematic outlining the formation of a melt pool depression due to recoil pressure. Additionally, the
various types and paths of entrained particles during LB-PBF are highlighted. Adapted from [57].
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Upon cooling below the vaporization temperature, surface tension begins to dominate the movement of
molten material within the melt pool, creating a strong convective flow referred to as Marangoni flow.
This Marangoni flow is a result of the non-uniform temperatures within the melt pool, which create
surface tension gradients, typically inducing flow from regions with low surface tension to regions with
high surface tension. The strength of this convective flow can be estimated using the Marangoni
number:

_ dyLy dT L
Mo = dT ds 2nd (2.3)

dyLy . . . dT. . . -
Where ;/;V is the surface tension gradient, PRt the thermal gradient, L is the characteristic length of

the melt pool, 1 is the viscosity and o is the thermal diffusivity. The direction of Marangoni flow is
dependent upon the sign of the surface tension gradient. Typically, for pure metals and many alloys, a
negative surface tension gradient is present [45]. In such a scenario, flow within the melt pool moves
away from the center, leading to a wider and shallower melt pool that has a surface profile with more
material located at the melt pool edges (Figure 10). However, if an alloy contains the noticeable
presence of surface-active elements (e.g. O, S, N) then the surface tension gradient will shift to a positive
value [60] [61]. This causes flow towards the melt pool center, promoting a deeper and narrower melt
pool that has a surface profile with more material located at the melt pool center (Figure 10).
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Figure 10: Schematic outlining the direction of Marangoni flow within the melt pool depending upon the sign of
the surface tension gradient. Adapted from [61] [62].

2.4 MICROSTRUCTURE OF PLAIN CARBON AND LOW-ALLOY STEELS PRODUCED BY LB-
PBF

As with other processes, the microstructure of plain carbon and low-alloy steels produced by LB-PBF
is dependent on the experienced thermal history. In LB-PBF, the thermal history can be divided into
two stages: (i) the initial solidification of the material and (ii) the intrinsic heat treatment that occurs
during processing (Figure 11).

LB-PBF Thermal History

1) Initial Solidification of Material == 2) Intrinsic Heat Treatment
i. Above Tg i.  During layer deposition
ii. Below Tg i. Conductive heat flow
towards base-plate

Figure 11: Stages of the thermal history during LB-PBF.
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Stage 1: Initial Solidification

The initial solidification of the material can be divided into two parts: (i) cooling to the solidus
temperature (Ts) and (ii) cooling below the solidus temperature (Ts). In plain carbon and low-alloy
steels, cooling to the T; is important as this will affect the solidification structure. The growth of this
structure is controlled by the temperature gradient (G) and the growth rate (R), where G/R determines
the structure morphology, while G*R (e.g. cooling rate) determines the structure fineness [62] (Figure
12). Since cooling rates of up to 10° K/s [58] [63] can be achieved during LB-PBF, very fine
solidification structures can be obtained. As for the solidification morphology, ferrous alloys produced
by LB-PBF typically display a cellular structure [64] [65] due to the large thermal gradients and cooling
rates that are present during processing.

Increasing
G*'R

il

Planar
Cellular

Columnar
Dendritic

Equiaxed
Dendritic

Temperature Gradient (G)

Growth Rate (R)

Figure 12: Schematic outlining the influence of growth rate (R) and temperature gradient (G) on the morphology
of the formed solidification structure. Adapted from [62].

As for the cooling that occurs below the Ts temperature, this is where the martensite transformation
takes place. The formation of martensite is both diffusionless and athermal, occurring when the cooling
rate exceeds the diffusion rate of carbon atoms [66]. Under these conditions the carbon atoms have
insufficient time to diffuse and form the typically stable cementite (Fe;C). Instead they become
entrapped at octahedral interstitial sites of the face-centered cubic (FCC) austenite lattice, transforming
it into the strained body-centered tetragonal (BCT) lattice structure of martensite.

Since the transformation is athermal, the amount of transformed martensite is dependent upon the
undercooling of the system. The temperature at which this transformation begins is referred to as the
martensite start (M;) temperature and represents the required thermodynamic driving force to initiate
the shear transformation of austenite to martensite [66]. Increasing the carbon content will lower the M,
as a greater amount of carbon will be in solution, increasing the shear resistance of the parent austenite
phase. The temperature that marks the full transformation of austenite to martensite is referred to as the
martensite finish (My) temperature, which is also depressed as the carbon content increases. If the carbon
content is high enough, then the full transformation to martensite cannot be achieved at room
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temperature, leading to the presence of untransformed austenite [67] [68]. The M; is also influenced by
other alloying elements, the addition of which (except for cobalt and aluminum) will lower the
transformation temperature [66] [69]. In addition to alloy composition, a relationship between the parent
austenite grain size and the M, temperature has been reported [70] [71], where a decrease in the parent
austenite grain size will depress the M temperature due to a non-chemical contribution to the Gibbs
energy of the martensite transformation.

The factors that determine the morphology and substructure of the transformed martensite remain
poorly defined. However, considerations such as the M, temperature, the austenite stacking fault energy,
the critical resolved shear stress for slip/twinning and the strength of the austenite/martensite phases are
important factors to consider [72]. In carbon-containing steels, two major martensite morphologies are
present, lath and plate martensite. The ranges at which these morphologies form is dependent on the
carbon content (Figure 13). A dominant lath morphology is present at carbon contents of < 0.6 wt.% C,
while a dominant plate morphology is present at carbon contents >1 wt.% C [72]. In between these
compositions, a mixed morphology of lath and plate martensite is expected.

Lath

Ms Temperature

Mixed
Plate

0 02 0.4 0.6 08 1.0 1.2 1.4
Carbon Content (wt.%)

Figure 13: Schematic outlining the evolution of martensite morphology in Fe-C alloys as a function of the
carbon content. Adapted from [67].

Stage 2. Intrinsic Heat Treatment

After rapid quenching from the liquid state, the deposited material will undergo an intrinsic heat
treatment as new layers are deposited on top of previously solidified layers. When a new layer is
deposited during LB-PBF, the powder plus solidified material that is heated above the liquidus
temperature (Tr) will form the new melt pool, while the material that is heated above the stability
temperature of austenite (A.3) will reform into austenite and subsequently into untempered martensite
upon rapid cooling. The rest of the material (that is not re-melted or retransformed) will undergo an
intrinsic heat treatment that relates to a cyclic type of re-heating, consisting of many short spikes in
temperature [73] [74] [75].

There is also an intrinsic heat treatment that occurs progressively during LB-PBF and is a result of the
conductive heat flow that moves in the direction of the build plate. Past studies have demonstrated that
the thermal conductivity of the solidified material is approximately 100 times larger than that of the
surrounding powder bed [76]. Additionally, the build plate has been shown to act as a heat sink [35].
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These factors lead to a consistent, conductive heat flow that is directed towards the build plate through
the already solidified material.

Understanding this intrinsic heat treatment is important as it will noticeably alter the martensite that
initially formed during the first stage of the thermal history. When first formed, the martensite will be
in a non-equilibrium, highly unstable state due to a variety of factors, including the supersaturation of
alloying elements, the high density of martensite crystal interfaces, the high dislocation density and the
potential presence of retained austenite [72]. Freshly formed martensite is thus highly susceptible to
phase transformations during heat treatment. The classic stages of martensite tempering in ferrous alloy
can be described as such [72]:

o Stage 1 (100-200 °C): Involves the precipitation of fine transitional carbides (e.g. Fe,C).

o Stage 2 (200-300 °C): Involves the decomposition of untransformed or retained austenite
into a mixture of cementite + ferrite.

o Stage 3 (< Eutectoid Transformation Temperature [A.]): Involves the replacement of
transitional carbides with cementite (FesC).

o Stage 4 (< Eutectoid Transformation Temperature [A.1]): Relates to the alloy-dependent
stage of tempering that can overlap with the tempering that occurs in Stage 3.

Despite this classical understanding of martensite tempering, it is difficult to directly apply it to what
happens during LB-PBF because the intrinsic heat treatment is location dependent, takes place over
very short time scales and will occur each time a new melt track is deposited. Due to this complexity,
the understanding of the as-built microstructure in LB-PBF-produced plain carbon and low-alloy steels
is not fully developed and is an area of ongoing research.

2.5 DEFECTS IN PLAIN CARBON AND LOW-ALLOY STEELS PRODUCED BY LB-PBF
This section outlines the relevant defects that can form in plain carbon and low-alloy steels produced
by LB-PBF. Additionally, it discusses why each defect should be limited and what mitigation strategies
can be used.

2.5.1 Balling

Balling is a phenomenon in which the deposited melt track does not wet the underlying substrate and
instead spherodizes into agglomerates due to surface tension forces [77]. This spherodization creates a
beaded melt track that obstructs the deposition of subsequent powder layers and detrimentally affects
the as-built specimen density [77] [78]. Past research has found that increasing the VED can reduce
balling; as increasing the laser power [77] [78] [79], decreasing the scan speed [78] [79] and decreasing
the layer thickness [78] have proven to be effective mitigation strategies. In addition, reducing the
oxygen content within the processing atmosphere [78] and within the powder feedstock [80] have also
proven effective. However, the current understanding of balling primarily relates to the deposition of a
layer onto a substrate made of a different material, leaving a limited understanding of how or when
balling occurs during the deposition of subsequent layers during LB-PBF when non-equilibrium wetting
conditions are present [81]. Additionally, balling has been found to be more prevalent during the
production of single tracks than during the production of multiple layers [45].

2.5.2 Porosity
Lack of Fusion Pores

Lack of fusion porosity relates to irregular pores that form between deposited layers and between
deposited melt tracks due to an insufficient energy input (Figure 14). Inter-layer lack of fusion occurs
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when the penetration of the melt pool is insufficient to bond with the substrate or with the previously
deposited layer, while lack of fusion between melt tracks occurs when the overlap between tracks is
insufficient. Lack of fusion can also occur due to ejected particles that subsequently interfere with the
interaction between the laser source and the powder bed [82]. Limiting lack of fusion porosity is of high
importance as its presence negatively affects both tensile [ 10] [83] [84] and fatigue properties [11] [85].
This effect is due to the large size and irregular shape of said pores, which causes them to act as stress
concentrators where failure or fatigue cracks can initiate.

Figure 14: Lack of fusion porosity in Fe-0.2C specimen produced at 60 J/mm? using a 110 W laser power.

To limit lack of fusion porosity, the correct processing parameters must be selected. Increasing the laser
power and decreasing the scan speed will reduce lack of fusion porosity as both increase the depth and
width of the formed melt pool [39] [40] [44], ensuring better overlap between layers and between melt
tracks. Reducing the hatch spacing has also been shown to reduce lack of fusion porosity [86] [87], as
this lowers the required overlap between melt tracks. Additionally, decreasing the value of the layer
thickness has been found to reduce the formation of lack of fusion porosity [29] [30].

Besides the processing parameters, the material properties will also influence the formation of lack of
fusion porosity as these properties affect the size and wetting behavior of the melt pool. The melt pool
size is influenced by the materials’ absorptivity, melting temperature, thermal conductivity, density and
heat capacity [47] [48], while the wetting behavior is primarily dependent on the alloys’ surface tension
and viscosity [76] [81].

Keyhole Pores

Keyhole porosity relates to rounded pores that form due to instabilities of the vapor depression during
keyhole mode melting (Figure 15) [88] [89]. Typically, this porosity forms when using high laser
powers and low scan speeds, as both factors increase the likelihood and depth of the vapor depression
[40]. However, the laser beam diameter and the materials’ boiling temperature can also play a role [90].
In comparison to lack of fusion porosity, keyhole pores are not as detrimental to the mechanical
properties of the as-built specimens [11] [83]. However, if they have a pronounced presence [83] or are
located close to the specimen surface [8] [91], they can still lead to a reduction in mechanical property
performance, especially fatigue strength.
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Figure 15: Keyhole pores in an Fe-0.75C alloy specimen produced at 160 J/mm? using a 110 W laser power.

The mechanisms behind the formation and entrapment of keyhole porosity during LB-PBF are still
being developed. Recently, in-situ observations by Martin et al. [92] found that keyhole porosity during
LB-PBF forms from bulges or instabilities within the vapor depression that become entrained within
the solidifying material via Marangoni convection. Martin et al. [92] suggested that the circular shape
of the keyhole pores was caused by pore spheroidization as they try to reduce their surface area. Bayat
et al. [93] similarly suggested that the rounding of keyhole pores was a result of the hydrostatic pressure
of the liquid metal that was acting on all sides of the pore.

Entrapped Gas Pores

Entrapped gas porosity relates to small (<20 pwm), circular pores that can be found within as-built LB-
PBF specimens [35] [86]. Their primary cause is the transfer of residual gas porosity from the powder
feedstock to the as-built specimens. Gorden et al. [89] and Bobel et al. [94] observed this transfer in-
situ, where entrapped gas pores from the powder would first transfer into the melt pool before becoming
entrained during solidification. However, the relative transfer of these gas pores is quite low (<10%) as
it seems that a significant number can escape prior to solidification [86] [89]. Besides this porosity
transfer, the re-melting of other defects that contain entrapped gas (e.g. lack of fusion and keyhole
porosity) [86] and the low packing density of the powder bed [95] have been identified as other potential
sources of entrapped gas porosity.

2.5.3 Residual Stresses and Cracking

As discussed in Section 2.4, the rapid cooling rates of LB-PBF allow for the martensitic transformation
to take place, creating an as-built material with a low ductility. This rapid cooling also results in the
formation of internal residual stresses that, combined with the brittle martensite, can lead to cracking
and delamination of the as-built component [5] [96] [97]. Processing parameters can be tailored to
address this issue. While past studies have found that the magnitude of internal residual stresses
decreases as the VED decreases [98] [99] [100], the most common mitigation strategy is the use of build
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plate preheating, which lowers the magnitude of the internal residual stresses and helps prevent cracking
defects in the as-built specimens [4] [5] [101].

Residual stresses are classified based upon the scale at which they operate [6]. Type I residual stresses
are macro-stresses that relate to the component as a whole; Type Il residual stresses are micro-stresses
that relate to the stresses of individual grains; and Type III residual stresses are nano-stresses that relate
to the stresses present at the atomic scale. In LB-PBF the focus has primarily been on Type I stresses
as they can cause part distortion [6] and can negatively affect mechanical properties [102].

The formation of Type I residual stresses during LB-PBF can be described using two mechanisms. The
first is the temperature gradient mechanism, which describes the formation of residual stresses within
the solidified layers that are located directly underneath the layer being processed [103]. Due to the
rapid heating of the uppermost surface and the relatively slow heat conduction through the layers below,
a steep temperature gradient develops, causing the upper layer to expand and the lower layers to restrict
this expansion. These changes lead to compressive strains within the material (Figure 16). Eventually,
if these strains rise above the yield strength, plastic deformation occurs within the top layer. As this
plastically deformed layer cools, the initial compressive strain is converted into residual tensile stress
that can induce cracking (Figure 16). The second mechanism indicates that during solidification, the
volume shrinkage that occurs within the melt pool will be restricted by the layers below it, again leading
to the formation of residual tensile stress that can cause cracking within the component. Although these
mechanisms provide a basic understanding of residual stresses, the reality during LB-PBF is much more
complicated, as the non-uniform and highly localized solidification means that different sections will
be heated and cooled differently, creating a non-uniform distribution of residual stresses within the as-
built component [6].
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Figure 16: Schematic outlining the temperature gradient mechanism. Adapted from [103].

T e
=

Heating Cooling

In addition, residual stresses form due to the martensitic transformation, as it causes a volume increase
within the material [72] that induces compressive stresses at the specimen surface. These compressive
residual stresses were found by both Yan et al. [7] and Mertens et al. [4] in LB-PBF-produced H13 tool
steel. Mertens et al. [4] also examined the influence of build plate preheating and found that at low
preheating temperatures (<200°C), a compressive stress was present at the specimen surface due to the
martensitic transformation. However, as the preheating increased to temperatures above 300°C, the
residual stresses changed from a compressive state to a tensile state. The cause was that at these
preheating temperatures the martensitic transformation could be suppressed, allowing for thermally
induced tensile stresses to form instead.
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2.6 LB-PBF OF PLAIN CARBON AND LOW-ALLOY STEELS
This section provides an overview of the published research on the LB-PBF production of plain carbon
and low-alloy steels.

2.6.1 Plain Carbon Steels

To date, a limited number of studies have examined the laser-based AM production of plain carbon
steels. The most recent such study was conducted over 10 years ago, when the capabilities of laser-
based AM could only sinter the material and not achieve full melting.

The first study on plain carbon steels was conducted by Murali et al. [104] and dealt with the laser
sintering of a powder mixture of iron and graphite (0.78%) using an Nd:YAG pulsed laser source. The
authors found that the laser was not powerful enough to fully melt the material, leading to a partially
melted and sintered structure. This partially sintered structure led to noticeable porosity within the as-
built specimens, with specimen densities of approximately 91%.

Simchi and Pohl [105] examined the role of graphite addition (0.4, 0.8, 1.2 and 1.6 wt.%) on the laser
sintering of iron powder using a continuous CO; laser source. They found that the addition of graphite
would increase the sintering kinetics, which was mainly attributed to the role of dissolved carbon.
However, if intense energy inputs were applied, then large cracks would form within the specimens and
cause delamination of the sintered layers. Using the highest-performing processing parameters,
specimen densities of approximately 80% could be achieved.

Rombouts et al. [45] examined the selective laser melting of Fe and Fe-C powder mixtures using an
Nd:YAG laser source. They found that the addition of carbon improved the surface quality of the
produced components and caused the internal porosity to become less irregular and more spherically
shaped. They attributed these differences to the improved wetting behavior when the carbon content
was greater. Using the highest-performing parameters, specimen densities of ~93% could be achieved.

The most comprehensive research on the subject, conducted by Nakamoto et al. [106], dealt with the
laser sintering of carbon steel powders (between 0.33 to 1.04 wt.% C) using a CO» laser source. They
were able to achieve fully dense specimens (according to Archimedes measurements) and found that
increasing the carbon content decreased the volume fraction of porosity and decreased the VED that
was required to achieve fully dense specimens. Single- and double-track experiments also found that
increasing the carbon content improved the wettability between the melt track and the substrate as well
as the overlap between neighboring melt tracks. This improved wetting behavior was attributed to the
lowered surface tension and melting temperature of the alloys with increased carbon content.

2.6.2 Low-Alloy Steels

Like plain carbon steels, limited studies have examined the LB-PBF production of low-alloy steels.
However, studies on low-alloy steels have been conducted relatively recently (within the last five years)
and have used modern AM equipment that can achieve full melting of the material during processing.

Cr-Mo Low-Alloy Steels

Wang and Kelly [107] examined the LB-PBF production of 4140 low-alloy steel using an EOS M280
machine equipped with an Yb-fiber laser and a build plate preheating of 80°C. Mechanical testing found
the as-built specimens to have comparable properties to wrought 4140 alloys, with the as-built
specimens displaying a slightly higher yield/tensile strength, a lower elongation and a comparable
Charpy toughness. With respect to the as-built specimens, some directional anisotropy was observed as
specimens oriented in the x-axis displayed a slightly higher yield strength, tensile strength, elongation
and Charpy toughness in comparison to z-axis specimens.

18



Li et al. [46] focused on parameter development and mechanical property testing of a micro-lattice
structure made from 4130 low-alloy steel that was produced using an SLM 280 HL machine equipped
with an Yb-fiber laser. They found that both the tensile and energy absorption properties of the as-built
4130 material were high and attributed these values to the heterogeneously tempered martensitic
microstructure that they found within their as-built material.

Lastly, Damon et al. [108] examined parameter optimization and mechanical property testing of a 4140
low-alloy steel using an SLM 290 machine equipped with an Yb-fiber laser and a build plate preheating
of 200°C. After parameter optimization, they achieved specimen densities of up to 99.8%, although
micro-cracks could still be found within these specimens. Subsequent mechanical testing found the LB-
PBF specimens to have comparable properties to conventionally quenched and tempered and as-built
plus quenched and tempered specimens. They attributed this finding to the intrinsic heat treatment that
takes place during LB-PBF, giving the as-built material a tempered state. Additional testing found that
the hardness of the as-built specimens was dependent upon the VED, where increasing the VED lowered
the material hardness. The authors attributed this effect to a greater intrinsic heat treatment as the VED
increased.

Ni-Cr-Mo Low-Alloy Steels

Jelisetal. [109],[110], [111] conducted studies on 4340 low-alloy steel utilizing an EOS M270 machine
equipped with an Yb-fiber laser, in which the use of build plate preheating was not specified.

The first study [109] focused on parameter development and mechanical property testing of stress-
relieved specimens that were produced using virgin and once-recycled powder. They found that the
stress-relieved specimens displayed similar tensile properties to conventionally wrought material.
Additionally, they found that the virgin and once-recycled powder specimens had similar tensile
properties.

The second study [110] focused on mechanical property testing in the as-built, stress-relieved and heat-
treated states. It also examined the influence of build orientation. Results indicated that in the as-built
and stress-relieved states, the mechanical properties were inferior to those of a wrought material and
below those of an as-built material that had been subsequently heat treated. Additionally, the as-built
and stress-relieved specimens displayed some directional anisotropy, with specimens oriented in the x-
axis displaying slightly improved mechanical properties in comparison to z-axis specimens.

The third study [111] examined the influence of layer thickness and internal powder porosity on the
mechanical properties of heat-treated specimens. Results indicated that using a layer thickness of 40
pm (versus 20 pm) improved the build rate by up to 40% while maintaining similar mechanical
properties. However, an increased layer thickness caused a reduction in the materials’ ductility. In terms
of powder porosity, it was found that if a substantial number of pores were present within the powder,
then they would be transferred to the as-built specimens.
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CHAPTER 3 — EXPERIMENTAL METHODS

3.1 MATERIALS
Plain Carbon Steels

Pre-alloyed, inert gas atomized powder, supplied by Hogands AB, was used as the feedstock material
for the analyzed plain carbon steels. Seven different plain carbon steel grades were examined across
carbon contents of 0.03 to 1.1 wt.% C (Table 1), with each examined powder grade having a supplied
sieve fraction of 20—63 pm.

Table 1: Chemical composition (wt.%) of the examined plain carbon steels as stated by the powder supplier.

C Si Mn S 0) N
Fe-0.03C 0.03 0.09 0.05 0.008 0.21 0.007
Fe-0.06C 0.06 0.10 0.06 0.008 0.12 0.006
Fe-0.12C 0.12 0.09 0.09 0.011 0.05 0.008
Fe-0.2C 0.20 0.10 0.09 0.007 0.04 0.007
Fe-0.45C 0.45 0.18 0.15 0.007 0.03 0.012
Fe-0.75C 0.75 0.18 0.08 0.007 0.07 0.013
Fe-1.1C 1.10 0.16 0.08 0.007 0.05 0.008

Low-Alloy Steels

Pre-alloyed, open furnace metallurgy and inert gas atomized powder, supplied by Sandvik Additive
Manufacturing and Hégands AB, was used as the feedstock material for the analyzed low-alloy steels.
Five different low-alloy steel grades were examined (Table 2), with the analysis of the 4140 alloy
involving two alloy compositions, a low-carbon and a high-carbon variant that were referred to as
4140LC and 4140HC, respectively. These powder grades had supplied sieve fractions of 1545 um
(4140LC, 4340, 8620) and 20-53 pm (4130, 4140HC), respectively.

Table 2: Chemical composition (wt.%) of the examined low-alloy steels as stated by the powder suppliers.

C Ni Cr Mo Mn Si P S
4130 0.34 - 1.0 0.20 0.60 0.30 0.01 0.006
4140 HC | 0.47 - 1.0 0.20 0.60 0.20 0.011 0.007
4140 LC | 0.43 - 1.0 0.20 0.75 0.29 0.006 0.004
4340 0.43 1.9 1.0 0.30 0.60 0.17 0.010 0.005
8620 0.20 0.7 0.5 0.23 0.80 0.35 0.010 0.005

3.2 LB-PBF PROCESSING

Laser based powder bed fusion (LB-PBF) was conducted using an EOS M 100 machine (EOS GmbH,
Germany) equipped with an Yb-fiber laser. The laser had a maximum laser power of 200 W and a beam
diameter of ~40 pm. During processing, the build plate was not preheated, and an oxygen content of
~0.1% was maintained within the building chamber using Ar gas. In terms of the scanning strategy,
only core exposure was used when producing the plain carbon and low-alloy steel specimens. For the
exposure, a S-mm stripe scan pattern was used along with a scan rotation angle of 67°.
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3.3 SPECIMEN PREPARATION
Metallography

Analysis of the plain carbon steels involved the production of 5 x 5 x 5 mm? specimens, while analysis
of the low-alloy steels involved the production of 10 x 10 x 10 mm® specimens. After LB-PBF, these
specimens were removed from the build plate and subsequently sectioned along the XZ plane using a
Buehler ISOMET 2000 precision saw (Figure 17). They were subsequently mounted using a Struers
Citopress machine then ground and polished down to 1 um with diamond paste using a Struers TegraPol
machine. After polishing, select specimens were etched using Nital etchant (3%).
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Figure 17: Schematic outlining where sectioning of the as-built specimens was conducted.
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Fractography Specimens

Fractography analysis was conducted on select plain carbon and low-alloy steel specimens that
displayed cracking defects. These specimens were prepared by making a 1-2 mm incision on the
specimen surface in a direction that was parallel to a revealed crack on the opposite specimen surface.
This incision was then used to facilitate fracturing of the specimen to reveal the crack, which was then
analyzed using scanning electron microscopy (SEM).

Post-LB-PBF Heat Treatment

After LB-PBF, select low-alloy steels specimens underwent additional heat treatment using a Carbolite
CWF 1200 box furnace that maintained an inert Ar atmosphere during heat treatment. The first heat
treatment was a quenching procedure in which the specimens were first austenitized at 900°C for one
hour, followed by quenching in oil. The second heat treatment involved the same quenching procedure
followed by tempering at 500°C for two hours.

3.4 ANALYSIS TECHNIQUES
Optical Microscopy

A Zeiss Axiovision 7 light optical microscope (OM) was used to capture images of polished and etched
specimen cross-sections. The microscope was equipped with an automated stage that allowed for image
stitching when using the Zeiss Zencore 2.7 software.

Using OM images (with a resolution of at least 1.08 pum/pixel), two sets of image analyses were
conducted. The first involved the measurement of the as-built specimen density using Image J software.
This approach was chosen due to the relatively high accuracy of the technique in relation to computer
tomography analysis [112]. Initially, the OM image of a specimen cross-section was loaded into the
ImagelJ software. Next, this image was cropped and converted into a binary image format to help
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separate the pores from the specimen bulk (Figure 18). In this binary form, the area percentage of the
pores could be measured. For each set of parameters, two to three specimens were analyzed.

Figure 18: Initial optical microscopy image (left) of an 8620 alloy specimen that was subsequently cropped and
converted into a binary image format (right) so it could be analyzed using the ImageJ software.

The second set of image analyses involved a quantitative characterization of individual pores within
select plain carbon and low-alloy steel specimens. Using the same technique as before, the original
image was cropped and converted into a binary format. Next, the shape characteristics of each pore
were measured using the shape descriptor plug-in of the ImagelJ software. During this analysis, non-
porosity defects (e.g. cracks) were excluded, and any pore smaller than 20um? was filtered out to reduce
noise.

The analyzed shape descriptors included the roundness, aspect ratio and feret diameter. The feret
diameter was used to define the size of each pore, as it represents the longest distance between any two
points (Figure 19), while the aspect ratio and roundness were used to define the shape characteristics of
each pore. The aspect ratio is a dimensionless shape factor that represents the ratio between the largest
dimension (c) and the smallest dimension (a) that is perpendicular to ¢ (Figure 19), where a value of 1
represents a perfect circle and any value above 1 represents a deviation to a more irregular shape. The
roundness is also a dimensionless shape factor that describes how close a pore is to a perfect circle, with
0 representing a completely irregular shape and 1 representing a perfectly round circle. This shape factor
is calculated using the pore area and the length of the major axis (c):

4xArea

Roundness =

3.1)

2

c
Aspect Ratio = —
a

Figure 19: Schematic outlining the feret diameter and the aspect ratio.
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Melt pool depth measurements were conducted on plain carbon and low-alloy steel specimens using
the top layer of etched XZ specimen cross-sections (Figure 20). For each parameter set, 10 to 15
measurements of the melt pool depth were conducted.

Figure 20: Melt pool depth measurement in a 4340 low-alloy steel specimen produced a 160 J/mm? using a
140 W laser power.

Scanning Electron Microscopy

SEM is a powerful characterization technique that produces high-magnification images and can reveal
the microscopic information of a specimen such as the phase composition, topology, composition and
crystallography, in addition to other physical and chemical properties [113]. The operating principle of
SEM involves the creation of a focused beam of energized electrons via emission from a high-voltage
electron source (up to 30 keV). After emission and subsequent beam refinement, the electron beam
penetrates the specimen and interacts with specimen electrons down to a depth of 1 to 5 um depending
upon the specimen’s atomic mass, the beam incidence angle and the accelerating voltage of the beam
[114]. This interaction produces secondary electrons (SE), backscattered electrons (BSE), Auger
electrons and characteristic X-rays (Figure 21).

Electron Beam

Auger Electrons

Secondary Electrons

Backscattered
Electrons

X-Rays

Figure 21: Schematic of the interaction volume during scanning electron microscopy. Adapted from [114].

SE are electrons that escape from the specimen at energies below 50 eV and are mainly knocked out of
their atomic orbit by incoming incident electrons (Figure 22a). Since SE only escape from the near-
surface regions, they provide topological information about the specimen. BSE, on the other hand, relate
to higher-energy incident electrons that approach and interact with the atomic nucleus before being
scattered and re-emerging out of the specimen (Figure 22b). Since the interaction depth of these
electrons is greater, they do not provide the same topological contrast as SE. However, they can provide
compositional contrast as the atomic mass of the element will influence the observed brightness of the
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scattered electrons [114]. Besides SE and BSE, there is also the emission of Auger electrons and
characteristic X-rays. Auger electrons are emitted from the atomic layers near the specimen surface,
providing information on the surface chemistry, while characteristic X-rays are generated when an
incident electron knocks out an inner-shell electron, causing an outer-shell electron to migrate and fill
its place (Figure 22¢). As this migration occurs, characteristic X-rays are emitted and can be used to
obtain information regarding the chemical composition [114].

BSE

Figure 22: a) Schematic outlining the generation of secondary electrons (SE); b) schematic outlining the
generation of backscattered electrons (BSE); ¢) schematic outlining the generation of characteristic X-rays when
an electron from a higher-energy state fills the place of an ejected electron. Adapted from [114].

In this study, polished and etched specimen cross-sections were studied using a Leo Gemini 1550 high-
resolution scanning electron microscope.

Electron Backscatter Diffraction

Electron backscatter diffraction (EBSD) is a SEM-based characterization technique that provides
information regarding the morphology and crystallography of a material [115]. This is done by
analyzing the diffraction patterns (captured by a fluorescent screen detector) when an electron beam
contacts a slanted specimen. When this interaction occurs, the diffracted electrons create a group of
large-angle cones that impinge upon the fluorescent screen, generating visible lines that are referred to
as Kikuchi bands [115]. These lines are projections of the crystalline lattice geometry, providing
information on the crystal structure and crystallographic orientation of a specimen that can be used to
identify phases and crystallographic features.

In this study, EBSD analysis of select Fe-0.45C alloy specimens was conducted using a Nordlys II
detector (Oxford Instruments) attached to a Leo Gemini 1550 SEM. During operation, an accelerating
voltage of 20 kV was applied, at a working distance of 10 mm, with a step size of 0.25 um. The collected
EBSD data was subsequently analyzed using ARPGE 2.4 software [116] to reconstruct the parent
austenite grains and to measure their size.

X-Ray Diffraction

X-ray diffraction (XRD) is an analysis technique that can be used to identify the crystallographic
structure of a specimen. The working principle of XRD begins with the irradiation of X-rays onto a
specimen while simultaneously varying the angle of incidence of the X-rays. These X-rays are then
diffracted from the specimen and collected by detectors to measure the returned signal at specific
incidence angles. With these values, the present phases can be identified by relating the diffraction angle
to the inter-planar spacing using Bragg’s law:
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niA = 2dsinf (3.2)

Where n is the diffraction order, A is the X-ray wavelength, d is the inter-planar spacing and 0 is the
angle at which the incident X-rays hit the specimen. Specific crystal structures have distinct signals at
specified incidence angles, making it possible to identify a crystalline structure by comparing the
measured signals to a known database. In this study, XRD analysis of select plain carbon steel
specimens was carried out using a Bruker AXS D8 Advance diffractometer equipped with a Cr K,
source and operated at 35 kV using a beam current of 50 mA.

Chemical Analysis

Inert gas fusion was used to measure the oxygen content within select low-alloy steel specimens. To
conduct this analysis, specimens were heated in a graphite or ceramic crucible to ~3000°C in an inert
gas atmosphere. At this high temperature, the dissolved gases are driven off and, in the case of oxygen,
will react to form carbon monoxide (CO) and carbon dioxide (CO,). This CO and COx is then quantified
by infra-red detectors that measure the total released oxygen content [117]. A LECO ON836 elemental
analyzer was used to conduct the inert gas fusion analysis.

Combustion analysis was used to measure the carbon content of the examined plain carbon and low-
alloy steel powders. To conduct this analysis, specimens were combusted within an induction furnace
that had a high flow of oxygen. The carbon present within the specimens reacted to form CO and CO»,
which was subsequently detected and measured using infrared absorption [118]. A LECO CS844
elemental analyzer was used to conduct the combustion analysis.

Simulation and Material Modeling

In this study, simulation and material modeling involved the use of two types of software. The first was
ThermoCalc 2020b [119] with access to the TCFE10 database. This software utilizes a CALPHAD
methodology for materials modeling, which is a phenomenological approach for the calculation of
thermodynamic and kinetic properties of multi-component material systems [120]. Here, newly
developed property model calculations were used to predict the martensite fraction and the martensite
transformation temperatures. The calculation of the martensite fraction was based on an analytical
equation derived by Huyan et al. [121], while the calculation of the martensite transformation
temperatures was based on the modeling of the transformation barrier with fitted analytical equations
[69]. The second software program was JMatPro v.11, which uses physically based material models to
predict and calculate the properties of multi-component material systems [122].

3.5 MECHANICAL TESTING
Hardness

Vickers hardness (HV) testing was used to measure the macro- and micro-hardness of specimens across
loads of 100 g to 10 kg. During this testing, a chosen load was applied to the specimen using a diamond
indenter, creating a square-like indentation. Using the average diagonal of the indentation along with
the applied force, the HV could be calculated, where F is the force (kgf) and d is the average diagonal
(mm):
1.8544+F
d?

HV = (3.3)

Measurement of the Vickers micro-hardness was conducted on plain carbon and low-alloy steel
specimens using a DuraScan 70-G5 machine in accordance with the ASTM E384-17 standard [123].
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CHAPTER 4 — SUMMARY OF RESULTS

This chapter summarizes the results of the appended papers. The first paper conducted an examination
with Fe-0.03C powder to determine an acceptable set of laser based powder bed fusion (LB-PBF)
parameters that were subsequently used to produce Fe-0.03C, Fe-0.45C and Fe-0.75C alloy specimens.
The second paper investigated the LB-PBF fabrication of Fe-C alloys between 0.06 and 1.1 wt.% C,
focusing on their as-built microstructure and processability. The third paper investigated the as-built
microstructure and processability of low-alloy steels produced by LB-PBF, namely 4130, 4140, 4340
and 8620 alloys. In this summary, the results of the appended papers have been segmented into sections
that focus on (i) the initial selection of the processing parameters, (ii) the as-built state of the
microstructure and (iii) the LB-PBF processability of the examined alloys.

4.1 SELECTION OF ADEQUATE PROCESSING PARAMETERS

In Paper I, an initial investigation regarding the influence of hatch spacing and laser power was
conducted on Fe-0.03C alloy specimens produced at layer thicknesses of 20 um and 40 pm. The
investigation determined that at a layer thickness of 20 pum, a hatch spacing of 70 pm and a laser power
of 110 W was an adequate set of parameters to achieve high-specimen densities (>99%). When using a
layer thickness of 40 um, a hatch spacing of 40 um and a laser power of 170 W was an adequate set of
parameters to achieve high-specimen densities (>99%). Using each parameter set, Fe-0.03C specimens
were produced at volumetric energy densities (VED) between 60 and 200 J/mm?. This investigation
found that the 20-um specimens outperformed the 40-pm specimens at each tested VED. The inferior
performance of the 40-um specimens was caused by the presence of large, irregular pores (Figure 23).
Since these pores occurred in all specimens (even those produced at high VED), their formation was
attributed to process instabilities that were likely connected to issues of powder spreading and powder
bed packing density when using a larger layer thickness.

Figure 23: a) Fe-0.03C alloy produced at 130 J/mm? using a 20-pm layer thickness; b) Fe-0.03 alloy produced at
130 J/mm? using a 40-um layer thickness showing large, irregular pores.

4.2 AS-BUILT MICROSTRUCTURE
In Paper II and Paper 111, the as-built microstructure of the plain carbon and low-alloy steel specimens
was found to consist of tempered martensite that displayed an overlapping boundary structure (Figure
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24a). These boundaries related to the heat-affected regions of deposited melt tracks and were
preferentially revealed after Nital (3%) etching, becoming more prominent as the carbon content of the
alloy increased. Additional scanning electron microscopy (SEM) analysis in Paper II revealed that
alloys with >0.75 wt.% C contained retained austenite within these boundary regions (Figure 24b),
where the fraction of retained austenite increased as the carbon content increased. This retention of
austenite was due to the depression of the martensite transformation temperatures at these elevated
levels of carbon content.

Figure 24: a) Heat-affected boundary structures in an Fe-0.75C alloy specimen produced at 150 J/mm?>. b)
Retained austenite located within the heat-affected boundary structure of an Fe-0.75C alloy specimen produced
at 200 J/mm3. Results from Paper IL

In Paper II and Paper III, the tempered state of the martensite was correlated by both SEM and
hardness testing. SEM analysis revealed the presence of nano-scale precipitates (<100 nm) within the
martensite (Figure 25), which are likely cementite or transitional carbides that form during the intrinsic
heat treatment of LB-PBF. Hardness testing, meanwhile, found the as-built specimens to have a similar
hardness to quenched and tempered specimens, supporting the hypothesis that tempering of the
martensite occurs in-situ during LB-PBF.

Figure 25: SEM images of nano-scale precipitates found in: a) Fe-0.2C alloy specimen produced at 130 J/mm?;
b) 4140LC alloy specimen produced at 60 J/mm? using a 110 W laser power.

Results in Paper III also revealed that most tempering within the as-built specimens occurred during
the deposition of a new layer onto a previously solidified layer, as micro-hardness testing indicated that
the regions directly below a new layer had already transitioned into a tempered state (Figure 26).
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Figure 26: Micro-hardness along the z-direction in a 4140LC alloy specimen produced at 110 J/mm?. Average
as-built hardness of specimen bulk is depicted as the grey region. Results from Paper II1.

4.3 PROCESSABILITY BY LASER BASED POWDER BED FUSION

4.3.1 Porosity Defects in As-Built Specimens

Results in Paper I, Paper II and Paper III indicated that the specimen density was dependent on the
chosen VED and that their relationship could be segmented into three regions (Figure 27a). At low VED
(Region I), specimens contained large, irregular pores (Figure 27b). As these pores formed at low VED
and contained un-melted/partially sintered particles, they could be identified as lack of fusion porosity.
Conversely, at high VED (Region III), specimens contained rounded, medium-sized pores (Figure 27d).
As these pores formed at high VED and were located at the bottom of melt pool boundaries, they could
be identified as keyhole porosity. In between these VED regions, high-density (>99.8%) specimens
could be produced (Region II; Figure 27¢). Results in Paper III also determined that the VED range of
Region Il increased as the laser power increased.
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Figure 27: a) Schematic outlining the trend between the specimen density and the VED. b) Characteristic
specimen from Region I with lack of fusion porosity (4340 alloy produced at 60 J/mm? using a 140 W laser
power). b) Characteristic specimen from Region II with minimal porosity (4340 alloy produced at 110 J/mm3
using a 140 W laser power). c¢) Characteristic specimen from Region III with keyhole porosity (4340 alloy
produced at 185 J/mm? using a 110 W laser power).
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Paper III also involved a detailed image analysis of the present porosity within the three regions. It
was found that the porosity in Region I was the most numerous, largest and most irregular in terms of
its shape (Table 3 and Figure 28), which corresponded to the visual observations of lack of fusion
porosity. Region II specimens contained the fewest number of pores that were relatively small (<20
um) and circular in shape, while Region III specimens contained circular pores that were more
numerous and larger than the porosity in Region II specimens, but smaller than the porosity in Region
I specimens. These characteristics pointed to the presence of keyhole porosity as well as the enhanced
presence of small (<20 um), circular pores.

Table 3: Average pore characteristics in 4140HC alloy specimens. Results from Paper II1.

Number of Average Average |Porosity Area
Pores Aspect Ratio | Roundness | Faction (%)
Region I (4140HC) 5000 2.0+ 0.9 0.58+0.2 4.6
Region 11 (4140HC) 1000 1.6+ 1.2 0.72+0.2 0.1
Region I11I (4140HC) 2900 1.5+0.5 0.69 = 0.2 1.4
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Figure 28: Histogram and cumulative porosity area in 4140HC alloy specimens from each process region.
Results from Paper I11.

Paper II showed that in addition to the VED, the specimen density was dependent on the carbon content
of the alloy, with two major impacts identified. The first was that at low VED, the specimen density
improved as the carbon content increased, as increasing the carbon content limited the formation of lack
of fusion porosity (Figure 29). The second was that at high VED, the specimen density deteriorated as
the carbon content increased, as increasing the carbon content promoted the formation of keyhole
porosity (Figure 29). The reduction in lack of fusion porosity at lower VED was due to the influence of
carbon on the wettability and flowability of the melt pool, as increased carbon contents lower the surface
tension and the viscosity, improving the infiltration behavior. Concerning the increase in keyhole
porosity, it was observed that the melt pool depth increased as the carbon content increased, pointing to
a greater likelihood for keyhole porosity to form.
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Figure 29: Cross-sections of Fe-C alloy specimens produced at 60 J/mm?® revealed a decrease in lack of fusion
porosity with higher carbon content, while cross-sections of Fe-C alloy specimens produced at 150 J/mm?
revealed an increase in keyhole porosity with higher carbon content. Results from Paper II.

4.3.2 Cracking Defects in As-Built Specimens

In Paper I, Paper I1 and Paper 111, cracking was observed in all Fe-0.75C and Fe-1.1C alloy specimens
and in select 4140LC, 4140HC, 4340 and Fe-0.45C alloy specimens. These cracks originated at the
specimen surface and grew towards the specimen center (Figure 30a). In Paper II and Paper III,
observation of the microstructure as well as micro-hardness measurements across the crack interface
revealed similar characteristics in both regions, pointing to a cold cracking phenomenon. This was
confirmed via SEM analysis of fractography specimens (Figure 30b), which found that transgranular
cleavage was the dominant micro-failure mechanism.

Figure 30: a) Cracking in an Fe-0.75C alloy specimen produced at 130 J/mm?. b) SEM image of the crack
fractography in an Fe-0.75C alloy specimen produced at 160 J/mm? at 5-kx magnification.
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In Paper II and Paper III, cracking in the 4140LC, 4140HC, 4340 and Fe-0.45C alloy specimens only
occurred below certain VEDs. For the Fe-0.45C alloy, cracking occurred in specimens produced below
90 J/mm?, while cracking in the 4140LC, 4140HC and 4340 alloy specimens was dependent upon the
laser power (Table 4), where increasing the laser power reduced the VED that prevented cold cracking.

Table 4: Maximum VED at which cold cracking occurred for the listed low-alloy steels. Results from Paper III.

110W 140W 170W
4140LC 110 Jmm® | 100 YVmm’ | 80 J/mm’
4140HC 110 J/mm® | 110 Jmm® | 110 J/mm’

4340 110 J/mm® | 110 Jmm’ | 80 J/mm’

This susceptibility to cracking at lower VED and laser power is due to the higher hardness of the as-
built specimens produced at these conditions (Figure 31 and Figure 32), which, in turn, is the result of
a less intensive intrinsic heat treatment during LB-PBF. Paper II and Paper III found that the melt
pool depth was linearly proportional to both the VED and the laser power (Figure 31 and Figure 32).
This meant that as these parameters increased, the volume of material that was melted and subsequently
re-heated also increased, enhancing the in-situ tempering and ultimately reducing the specimen
hardness until said specimen could accommodate its internal residual stresses without cracking. From
these results, specific hardness thresholds could be established that defined whether cold cracking
would occur: >425 HV for Fe-C alloys, >460 HV for 4140 alloys and >500 HV for 4340 alloys.
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Figure 31: Melt pool depth and hardness as a function of the VED for the investigated Fe-C alloys. Results from
Paper I1.
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Figure 32:Variation in specimen hardness and melt pool depth as a function of the VED for the 4130, 4140HC,
4140LC, 4340 and 8620 alloys. Hardness is displayed as a scatter chart, while the melt pool depth is displayed
as a bar chart. The VEDs at which cold cracking occurred are indicated with red fill. Results from Paper II1.

In addition to the VED and laser power, the as-built specimen hardness was dependent on the carbon
content, with increased levels of carbon increasing the specimen hardness (Figure 31 and Figure 32).
This explains why alloys with lower carbon contents (4130, 8620 and all Fe-C alloys <0.45 wt.% C)
did not display cracking regardless of the chosen processing parameters and also why alloys with high
levels of carbon (Fe-0.75C and Fe-1.1C) were unable to avoid cracking.

4.3.3 Processing Windows for High-Density, Defect-Free Specimens

From the results of Paper II, a processing window for the Fe-C system could be established that
produced high-density (>99.8%), defect-free specimens without the requirement of build plate
preheating (Figure 33). If one assumed the use of build plate preheating, it would further expand the
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processability window, improve the process robustness and decrease the cracking susceptibility of the
as-built specimens.
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Figure 33: Processing window for the Fe-C system as a function of the VED and the carbon content. Results
from Paper II.

From the results of Paper III, processing windows were established for each low-alloy steel that
produced high-density (>99.8%), defect-free specimens without the requirement of build plate
preheating (Table 5).

Table 5: Processing windows that produced high-density (>99.8%), defect-free specimens for each low-alloy
steel at laser powers of 110 W, 140 W and 170 W. Results from Paper II1.

110W 140W 170W
4130 3 3 3
100-140 J/mm® | 110-180 J/mm' | 110-180 J/mm

4140 LC 110-185 J/mm’ | 110-180 J/mm’ | 110-200 J/mm’
4140 HC 130160 J/mm' | 110-160 J/mm’ | 110-180 J/mm’
4340 110130 J/mm’ | 110-130 J/mm’ | 100180 J/mm’
8620 110130 J/mm' | 100-160 J/mm’ | 100-200 J/mm’
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CHAPTER 5 — CONCLUSIONS

From the results of this licentiate thesis study, the following conclusions can be made:

The as-built microstructure of the plain carbon and low-alloy steel specimens was primarily composed
of tempered martensite that resulted from the intrinsic heat treatment of laser based powder bed fusion
(LB-PBF). In alloys with >0.75 wt.% C, retained austenite was observed in the heat-affected boundary
regions of the as-built microstructure, forming due to the depression of the martensite transformation
temperatures at these elevated levels of carbon.

Porosity within the as-built specimens was dependent on the chosen volumetric energy density (VED)
and could be categorized using three regions. At low VED (Region I), specimens contained large,
irregular pores that related to lack of fusion porosity, while at high VED (Region III), specimens
contained rounded, medium-sized pores that related to keyhole porosity. At VED ranges between these
two (Region II), high-density (>99.8%) specimens could be produced, with the range of Region 11
increasing as the laser power was increased. Porosity within the as-built specimens was also dependent
on the carbon content of the alloy, where increasing the carbon content limited the formation of lack of
fusion porosity at low VED while increasing the formation of keyhole porosity at high VED. These
effects were due to the increase in melt wettability and flowability and the increased melt pool depth at
higher carbon contents, respectively.

Cracking was observed in some plain carbon and low-alloy steel specimens and was the result of a cold
cracking phenomenon. Its occurrence was dependent on the hardness of the as-built material, and
hardness thresholds could define whether cold cracking would occur: >425 HV for Fe-C alloys, >460
HV for 4140 alloys and >500 HV for 4340 alloys. Due to this hardness dependence, the VED, laser
power and carbon content were important factors that influenced crack susceptibility. Increasing the
VED or laser power, reduced the hardness of the material as these factors enhanced the intrinsic heat
treatment that took place during LB-PBF. This means that for some alloys, if the VED or laser power
were large enough, cold cracking can be avoided. The carbon content directly influenced the specimen
hardness, helping explain why plain carbon (<0.45 wt.% C) and low-alloy steel (4130 and 8620)
specimens with low carbon contents did not display cracking defects, as well as why plain carbon steels
with high carbon contents (>0.75 wt.% C) could not avoid cracking even when using the largest VED
and laser power.

From these findings, robust processing windows were established for the plain carbon and low-alloy
steels that could produce high-density (>99.8%), defect-free specimens without the requirement of build
plate preheating. For the plain carbon steels, these processing windows were based on the VED and the
carbon content, while the processing windows for the low-alloy steels were based on the VED and the
laser power.
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CHAPTER 6 — FUTURE WORK

From the results of this licentiate thesis study, the following is recommended for future research:

A deeper investigation regarding the influence of the intrinsic heat treatment on the produced
microstructure is recommended. Specifically, future research might examine the transition between the
newly deposited layer and the re-heated regions directly below this layer, as results in Paper III indicated
that most material tempering occurred between these two regions.

Results in Paper II revealed the noticeable loss of oxygen between the powder feedstock and the as-
built specimens, where the oxygen loss was somewhat dependent on the carbon content of the alloy. As
such, it would be of interest to conduct a more thorough investigation into how the carbon content and
the processing conditions influence the loss of alloying elements during LB-PBF.

Lastly, it would be of interest to translate the developed processing parameters of the low-alloy steels
to a larger machine that is more commonly used in serial production (e.g. EOS M290). Work with the
larger LB-PBF machine should also examine the influence of build plate preheating and be used to
produce mechanical property specimens with the necessary statistics. Further work on the tailoring of
the heat treatment for these alloys should also be performed to maximize the mechanical properties, and
to provide a comparison to specimens that have been conventionally produced and heat treated.
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