
Temperature dependent load partitioning and slip mode transition in a
eutectic AlCoCrFeNi<inf>2.1</inf> high entropy alloy

Downloaded from: https://research.chalmers.se, 2025-07-01 22:53 UTC

Citation for the original published paper (version of record):
Jaladurgam, N., Lozinko, A., Guo, S. et al (2021). Temperature dependent load partitioning and slip
mode transition in a eutectic
AlCoCrFeNi<inf>2.1</inf> high entropy alloy. Materialia, 17.
http://dx.doi.org/10.1016/j.mtla.2021.101118

N.B. When citing this work, cite the original published paper.

research.chalmers.se offers the possibility of retrieving research publications produced at Chalmers University of Technology. It
covers all kind of research output: articles, dissertations, conference papers, reports etc. since 2004. research.chalmers.se is
administrated and maintained by Chalmers Library

(article starts on next page)



Materialia 17 (2021) 101118 

Contents lists available at ScienceDirect 

Materialia 

journal homepage: www.elsevier.com/locate/mtla 

Temperature dependent load partitioning and slip mode transition in a 

eutectic AlCoCrFeNi 2 . 1 high entropy alloy 

Nitesh Raj Jaladurgam 

a , Adrianna Lozinko 

b , Sheng Guo 

b , Tung-Lik Lee 

c , Magnus Hörnqvist 
Colliander a , ∗ 

a Department of Physics, Chalmers University of Technology, Gothenburg SE-41296, Sweden 
b Department of Industrial and Materials Science, Chalmers University of Technology, Gothenburg SE-41296, Sweden 
c ISIS Neutron Facility, STFC Rutherford Appleton Laboratory, Harwell Campus, Didcot OX11 0QX, Oxfordshire, United Kingdom 

a r t i c l e i n f o 

Keywords: 

Eutectic high entropy alloy 
Neutron diffraction 
Load distribution 
Cube slip 
Elastic lattice strains 

a b s t r a c t 

Eutectic high entropy alloys are gaining increasing attention due to their excellent castability and combination of 
strength and ductility in the as-cast state. However, the detailed behavior of the nano-scale lamellar microstruc- 
ture during deformation, and in particular the interaction between the phases, is not well understood. Here we 
use in-situ neutron diffraction during tensile testing over a wide temperature range (77–673 K) to obtain new 

insights into the temperature dependent mechanical interactions between and within phases during initial plas- 
tic deformation of an AlCoCrFeNi 2 . 1 eutectic high entropy alloy. The load was transferred from the L1 2 to the 
B2 phase during the yielding process, and the changing load distribution within the L1 2 phase with increasing 
temperature strongly suggests that 

⟨
110 

⟩
{ 001 } cube slip is activated at room temperature and above. This points 

towards alloying design for delayed octahedral-to-cube slip transition as a possible strategy for increasing the 
high temperature strength of material. 
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. Introduction 

Since the introduction of the high entropy alloy (HEA) concept in
004 [1,2] , extensive efforts have been made to develop materials suit-
ble for industrial applications in demanding environments. The vast
ajority of the work has been devoted to single phase alloys with either

ace centered cubic (FCC) or body centered cubic (BCC) crystal struc-
ures. While FCC HEAs typically show excellent ductility, they suffer
rom low strength [3,4] . The BCC structure, on the other hand, provides
uperior strength levels, but typically at the cost of much lowered duc-
ility [5] . 

A new design strategy for improving the mechanical properties of
EAs, based on combining the principles of a eutectic microstructure
ith the high entropy alloy concept, lead to the development of eutectic

igh entropy alloys (EHEAs) [6] . Lu et al. [7] successfully developed an
lloy AlCoCrFeNi 2 . 1 with excellent castability at industry scale with few
efects. The eutectic microstructure consists of ordered L1 2 and ordered
2 phases [8,9] , exhibiting Kurdjumov-Sachs (K-S) orientation relation-
hip [10–12] . The complex lamellar microstructure with soft (L1 2 ) and
ard (B2) phases contribute to an excellent combination of strength and
uctility both at elevated [7] and cryogenic temperatures [13] . 

With respect to the origin of the mechanical properties of AlCoCr-
eNi , micro-pillar compression of the individual phases in as-cast ma-
2 . 1 
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erial showed that the B2 phase has a significantly higher critical re-
olved shear stress (CRSS), whereas L1 2 showed higher elastic stiffness
14] . Through nano-indentation testing, the strain rate sensitivity of the
2 phase was shown to be higher compared to L1 2 , and very close to
hat observed from micro-indentation of the bulk alloy, suggesting that
he deformation response is largely controlled by the hard B2 phase
ather than the soft L1 2 . Compression of bi-crystal micro-pillars contain-
ng both L1 2 and B2 showed that the L1 2 phase indeed yielded before
2, and that the interface remained intact without cracking or separa-
ion during the process, suggesting that the interphase boundaries have
 strong influence on the resulting properties. The compliance of the
nterface could be explained by sliding through movement of screw-like
artials on the FCC {111} interfacial planes, as suggested by molecular
ynamics simulations of FCC/B2 composite materials with K-S orienta-
ion relationship by Choudhuri et al. [15] . 

Based on microstructural investigations of tensile tested specimens,
ao et al. [16] suggested that the lamellar structure lead to the cre-
tion of large back-stresses in the L1 2 phase due to extensive dislocation
torage and pile-up at the interface between L1 2 and B2, which in turn
romoted increased slip activity in B2. This was also confirmed by the
imulations by Choudhari et al. [15] , who demonstrated the occurrence
f FCC-to-B2 slip transfer at the semi-coherent K-S interfaces, thereby
llowing B2 to retain a stable flow stress during deformation. Such ef-
rialia Inc. This is an open access article under the CC BY-NC-ND license 
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Table 1 

Average chemical composition of EHEA and the respec- 
tive phases (in at. %) obtained from EDS. 

Elements Al Co Cr Fe Ni 
Average 17.88 16.24 16.16 16.08 33.64 

L1 2 10.58 18.43 20.72 19.43 30.83 

B2 21.30 15.35 13.67 14.56 35.12 
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ects have also been observed during in-situ tensile testing in a trans-
ission electron microscope (TEM), where the semi-coherent interfaces
ere suggested to increase the ability of B2 to deform plastically and

hus avoid cracking of the otherwise typically brittle phase [10] . From
he in-situ measurements it was also concluded that the L1 2 phase itself
ay contribute significantly to the strength of the alloy by extensive
ork hardening. The back-stress concept to describe the L1 2 /B2 cou-
ling effects on the strength and deformation behaviour of the eutectic
icrostructure was recently incorporated into a constitutive model by
ang et al. [17] , which also indicated the strong influence of interfaces

n the resulting macro-scale properties. 
The complex interplay between the soft and hard phases and their

nterfaces clearly warrants further understanding of the progressive re-
istribution of the stress and strain between the phases during plastic
eformation. In particular, such investigations should be performed on
ulk specimens, rather than at the micro-scale, to retain the complex
ffects resulting from elastic interactions between the different phases
nd orientations. In the present work, we therefore use in-situ neutron
iffraction during tensile testing of as-cast AlCoCrFeNi 2 . 1 at ambient
onditions as well as cryogenic (77 K) and elevated (673 K) temperatures
o study the development of phase-averaged and orientation-specific re-
ponses during the early stages of plastic deformation. In particular we
ould show how the load is transferred from the L1 2 phase to the B2
hase during yielding, and that there is a pronounced temperature in-
uced change in the response of the L1 2 phase, which is proposed to
e a result of the activation of dislocation slip on cube planes at room
emperature and above. The outcomes of this study points towards alloy
esign for delayed octahedral-to-cube slip transition as a new strategy
or increasing the high temperature strength, and can thereby benefit
he future design and optimization of eutectic alloys. 

. Materials and methods 

The EHEA was produced by vacuum induction melting of the ele-
ents in high purity Ar atmosphere to avoid contamination. The as-cast

amples were machined for tensile tests with the gauge length and di-
meters of 40 mm and 8 mm, respectively. In-situ tensile tests were
arried out at the time-of-flight (TOF) neutron diffractometer ENGIN-
, ISIS Neutron and Muon source, Rutherford Appleton Laboratory, UK.
he tensile sample was loaded with the tensile axis inclined at 45 ◦ to the

ncident neutron beam. Two detectors are placed at 2 𝜃 = ±90 ◦ to mea-
ure the lattice strains parallel and perpendicular to the tensile direction
18,19] . The chopper settings allowed recording of diffraction spectra
overing a usable 𝑑-spacing range of 1–2.2 Å. Note that superlattice
eaks were too weak to be observed in the in-situ diffractograms (see
ig. S1 in supplementary material for representative diffractograms),
ut the ordered L 1 2 and B2 structures were confirmed by a dedicated
eutron and electron diffraction experiments (see Results and Discussion
ection). Cryogenic tests were performed in vacuum using a dedicated
esting chamber [20] , whereas the room and elevated temperature tests
ere performed in air, the latter using a radiant furnace [21] . Acquisi-

ion were performed at constant load in the elastic regime, and subse-
uently in displacement control. To resolve the behaviour during elasto-
lastic transition the density of data points was increased in the region
orresponding to initial yielding, and the tests were stopped once fully
lastic response had been achieved. Each diffraction pattern collection
onsumed about 20-30 minutes (after an initial waiting time of 5–10
in, depending on temperature, at each load/displacement level before

tarting the acquisition to allow for initial relaxation) with a gauge vol-
me of 4 × 4 × 4 mm 

3 for all test conditions. 
As-cast samples were sectioned along the axis corresponding to the

ensile direction and prepared for imaging, chemical analysis using
nergy dispersive X-ray spectroscopy (EDS) and electron back-scatter
iffraction (EBSD) in scanning electron microscopes (SEMs: TESCAN
AIA 3 and FEI Quanta 200). TEM investigations were performed at
2 
00 keV acceleration voltage in an FEI Tecnai G20 to record the diffrac-
ion patterns of both phases. 

. Results and discussion 

.1. Microstructure 

The as-cast microstructure, as shown in Fig. 1 (a), has a lamellar
tructure consisting of approximately 65 vol.% L1 2 (bright contrast) and
5 vol.% B2 (dark contrast). The SEM-EDS maps Fig. 1 (b,c) confirms the
reviously reported element distribution in the individual phases [8,22] ,
here Ni and Al enrich B2 and Fe, Co and Cr dominate the L1 2 phase.
he average chemical composition measured using EDS is shown in Ta-
le. 1 , together with the composition of the individual phases, which
s in agreement with values reported in the literature [7,9,23] . Also,
he previously observed K-S orientation relationship was confirmed, see
ig. 1 (e) and (d), where the vast majority of the phase boundaries lay
ithin 5 ◦ of the ideal orientation. 

Fig. 2 (a) shows the neutron diffractograms obtained at room tem-
erature with long counting time and chopper settings selected to cover
arger 𝑑-spacings, where more superlattice peaks can be expected. Note
hat B2 peaks were clearly observed, whereas no signs of L 1 2 superlattice
eaks could be seen ( Fig. 2 (b,c)). However, the as-cast microstructure
bserved in TEM ( Fig. 2 (d,f)) revealed the presence of superlattice re-
ections in both phases, indicating the phases are indeed ordered L1 2 
nd ordered B2, which is consistent with the reported literature [22] .
e also note the presence of nano-scale (around 20 nm) precipitates in

he B2 phase ( Fig. 2 (e)). These has previously been shown to be Cr rich
articles, coherent with the B2 matrix, which would have a strength-
ning effect by impeding dislocation motion [9,16] . However, as the
articles are not observable in the diffractograms, we do not treat them
urther here. Instead their effects are indirectly included in the measured
esponse of the B2 phase. 

.2. Macroscopic stress–strain response 

The macroscopic stress-strain response (average stress from stress rig
nd strain calculated from compliance-corrected displacements during
ach neutron collection interval) at 77 K, 293 K and 673 K are shown in
ig. 3 , including the approximate 0.1 % offset yield strengths, YS(0.1%).
he flow curves follow the expected trends, with increasing stress levels
s the temperature decreases from 673 K to 77 K. The stress-strain data
as compared to literature [13] as well as separate ex-situ tests with
aterial from a different batch and showed excellent agreement (see

ig. S2 in supplementary material). The full stress versus displacement
urves and stress relaxation are shown in Fig. S3 in the supplementary
aterial for reference. Note that the tensile test at 673 K took about
2 hours. This long duration might affect the microstructure, which in
urn could affect the mechanical response. While good agreement was
een with ex-situ test performed at 673 K (see Fig. S2 in supplementary
aterial) an un-deformed as-cast sample was heat treated separately for
2 hours at 673 K and the hardness was measured using micro-hardness
HV5g, average of 20 individual indents for each condition) before and
fter heat treatment in order to rule out such effects. Only a very small
ncrease, from 292 ± 4 to 300 ± 3 HV5g (2.7%), could be observed, sug-
esting that the effect on microstructure due to long test duration at 673
 is negligible. 
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Fig. 1. (a) Eutectic structure along with EDS maps showing the rich contrast of (b) Ni and Al to B2, and (c) Fe,Co, Cr to L1 2 . (d) The phase map shows L1 2 in red and 
B2 in blue. The yellow lines mark phase boundaries with less than 10 ◦ deviation from the Kurdjumov-Sachs (K-S) orientation relationship, and the actual distribution 
of deviations from K-S is shown in (e), respectively. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of 
this article.) 

Fig. 2. (a)-(c) Neutron diffractogram obtained with long counting time and chopper setting selected to cover large 𝑑-spacings with access to more potential super- 
lattice peaks. (a) Full diffractogram with filled circles and triangles indicate the positions of fundamental peaks form the L 1 2 and B2 phases, respectively. (b) and (c) 
Magnified views of regions indicated in (a). Nominal positions of superlattice peaks for L 1 2 and B2 are indicated by open circles and triangles, respectively. (d) The 
TEM micrograph of EHEA confirms the presence of ordered L1 2 and B2 phases from the corresponding SAED patterns (blue and red squares), obtained with zone 
axis [110]. (e) The particles in B2 are imaged in dark field. (f) The intensity variations of superlattice and fundamental spots are measured using a line drawn across 
the SAED patterns of L 1 2 and B2. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.) 
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.3. Phase-averaged response 

Fitting of the individual fundamental ( hkl ) peaks belonging to in-
ividual grain families (grains with the hkl direction parallel with the
ensile axis) using GSAS-II [24] allowed extraction of orientation-specific

attice strain, i.e. the elastic strain in the corresponding grain fam-
ly, in each phase ( 𝑝 ) to be calculated as 𝜖ℎ𝑘𝑙 

𝑝 
= 𝑑 ℎ𝑘𝑙 

𝑝 
∕ 𝑑 ℎ𝑘𝑙 

𝑝, 0 − 1 , where

 

ℎ𝑘𝑙 
𝑝, 0 is the un-strained lattice parameter (here taken from the fits ob-
ained at zero load, thus neglecting any initial internal stresses). The
hase-averaged elastic strains, 𝜖𝑝 , were subsequently calculated as the
ultiplicity-weighted average of the individual grain families [25] . The
hase-averaged lattice strains against applied stress are shown in Fig. 4 .

Note that the phase-averaged lattice strains in the transverse direc-
ion could not be calculated for the B2 phase at 293 K. The reason is
3 
he absence of the (200) peak (see Fig. S1(b2) in the supplementary
aterial), presumably due to unfortunate orientation of the specimen

n the stress rig. As will be shown later, the (200) oriented grains be-
ave distinctly different from other orientations in the B2 phase, and the
bsence of this peak therefore prevents reliable calculation of the phase-
veraged strains. The L1 2 phase yields well before YS(0.1%) is reached,
nd after yielding the elastic lattice strains in L1 2 remain approximately
onstant, which indicates that plastic deformation with very limited
ork hardening occurs. The load is instead transferred to B2, where the

ncreasing lattice strains indicates that the phase carries much higher
oads compared to L1 2 (as the phase-averaged stress is proportional to
he phase-averaged elastic strain). Although the present measurements
ere not optimized for extraction of the elastic properties (with only

hree to four points being in the elastic region), approximate values of
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Fig. 3. Macroscopic stress–strain curves measured at 77 K, 293 K and 673 K. 
Dashed lines indicate the 0.1% offset yield strengths. 
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he phase-averaged modulii can be extracted by a linear fit to the macro-
copic stress–phase-averaged lattice strain data before yielding. At room
emperature, we find 𝐸 

293K 
L1 2 

= 210 GPa and 𝐸 

293K 
B2 = 193 GPa, in good

greement with Muskeri et al. who reported values of 216 GPa for the
1 2 phase and 180 GPa for B2 [14] . At 77 K, we find 𝐸 

77K 
L1 2 

= 238 GPa

nd 𝐸 

77K 
B2 = 219 GPa, and at 673 K 𝐸 

673K 
L1 2 

= 149 GPa and 𝐸 

673K 
B2 = 141

Pa. Based on the measured phase-specific strains and modulii, phase-
ig. 4. Phase-averaged lattice strain (a-c) and stress (d-f) response measured at (a,d
he B2 phase at 293 K (see text for more details). Dashed lines in (a)-(c) indicate YS
ransfer is first observed. Dotted lines in (d)e-(e) indicate average stresses calculated 

4 
veraged stresses can be calculated as 

𝑝 = 

𝐸 𝑝 

(1 + 𝜈𝑝 )(1 − 2 𝜈𝑝 ) 

[
(1 − 𝜈𝑝 ) 𝜖𝑎 𝑝 + 2 𝜈𝑝 𝜖𝑡𝑟 𝑝 

]
(1) 

here 𝜖𝑎 
𝑝 

and 𝜖𝑡𝑟 
𝑝 

are the phase-averaged elastic strains in the axial (ten-
ile) and transverse direction, respectively, and 𝜈𝑝 is Poisson’s ratio. As
he quality of the data in the transverse direction was not sufficient to
llow reliable determination of 𝜈 for the different phases we assume

L1 2 = 𝜈B2 = 0 . 3 , which does not significantly affect the results (see Fig.
4 and discussion in supplementary material). Due to the absence of
hase-averaged transverse elastic strains for the B2 phase at 293 K,
q. (1) could not be used. Instead, for this particular case approximate

tresses where calculated as ̄𝜎77K B2 = 𝐸 

𝑎, 77K 
B2 𝜖77K B2 (Eq. 2). The difference be-

ween the approximate stresses and the stresses calculated by Eq. (1) was
hecked for the other cases, and the error was found to be negligible
see supplementary material, Fig. S5). Consequently, the approximate
tresses were used for the B2 phase at 293 K. 

The phase-averaged stress of L1 2 and B2 are plotted against the
acroscopic strain along with the stress–strain curve in Fig. 4 (d–f). Very
igh stresses (exceeding 2 GPa at 77 K) in the B2 phase are clearly
bserved, whereas L1 2 behaves almost perfectly plastic for all temper-
tures, which appears to contradict the suggested effect of extensive
train hardening of this phase on the macroscopic response [10] . How-
ver, Wang et al. [10] used cold rolling to larger strains to demon-
trate the hardening effect, whereas our observations are limited to
mall strains in tension. Also included in Fig. 4 (d–f) is the average stress
ccording to the rule-of-mixture (ROM) 𝜎̄ = 𝑣 𝑓 𝜎B2 + (1 − 𝑣 𝑓 ) 𝜎L1 2 , where
 𝑓 = 0 . 35 is the volume fraction of B2 according the EBSD measurement.
he macroscopic stress–strain curves agree reasonably well with the av-
rage stress, but, particularly at 77 K, falls closer to the response of
he L1 2 phase. This is not surprising, as the softer L1 2 is the continu-
us phase, but is nevertheless in contrast to the previously suggested
2 dominance on the bulk response derived from indentation measure-
) 77 K, (b,e) 293 K and (c,f) 673 K. Note the absence of transverse strains for 
(0.1%), whereas dash-dotted lines indicate the data point where distinct load 
from the rule-of-mixtures (ROM). 



N.R. Jaladurgam, A. Lozinko, S. Guo et al. Materialia 17 (2021) 101118 

Fig. 5. Elastic lattice strains from fundamental peaks for L1 2 (a-c) and B2 (d-f) at 77 K (a,d), 293 K (b,e) and 673 K (c,f), respectively. Dashed lines indicate YS(0.1%), 
whereas dash-dotted lines indicate the data point where distinct load transfer is first observed. 
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ents [14] . Here, we also note a difference in the temperature depen-
ence of the phase-averaged response of the phases. The B2 phase shows
rastically decreasing stress levels with increasing temperature, whereas
he phase-averaged stress in the L1 2 phase decrease between 77 K and
93 K, but then remains at similar levels at 673 K. 

.4. Orientation-specific response 

Fig. 5 shows the evolution of orientation-specific lattice strains de-
ived from four fundamental peaks of L1 2 and three fundamental peaks
f B2 (the strains of the (220) peak was also measured but not included
n Fig. 5 in order to increase the readability of the figure, as it almost
ompletely overlapped with (110), as expected). The difference in slope
f lattice strains in the elastic regime strongly indicates the presence of
lastic anisotropy in L1 2 . After yielding at 77 K ( Fig. 5 (a)), grains with
he (220) planes perpendicular to the loading direction yield first, and
eform without significant work hardening. The remaining orientations
ehave almost linear, with only a slight upward bending after yielding,
ndicating work hardening. The behaviour is similar at room tempera-
ure, Fig. 5 (b), but we also notice that the (200) and (311) orientations
tart to bend towards larger lattice strains at higher stresses. At 673 K,
he behaviour of (220) is similar to lower temperatures (77 K and 293
), with early yielding and no work hardening, but the response of the
ther orientation changes drastically, see Fig. 5 (c). The (200) and (311)
rientated grains of L1 2 now deviate more significantly towards larger
attice strains, and the first stage (small upward deviations) is absent.
ven more pronounced is the very early yielding of (111), which appears
o deform plastically even before (220). 

Here, it should be noted that the diffraction data was collected at
onstant displacement in the plastic region, which could allow stress
elaxation to occur. However, the examination of the load - time data
rom the stress rig showed that the relaxation at the last few data points
highest stresses) at 673 K translates to changes in elastic strains in the
rder of 150 𝜇𝜀 during data acquisition, and much smaller values at
5 
ower stresses and temperatures (see supplementary material Fig. S3).
iscous effects are therefore not expected to be the cause of the change

n behaviour at 673 K. We also note that the plastic strains were too
mall to allow detectable changes in peak width and intensity, so de-
ormation induced texture evolution will not affect the results. Instead,
he changes in lattice strain response in L1 2 at 673 K (earlier yielding in
111) oriented grains compared to (220)) strongly indicates a change in
ominating deformation mechanism compared to lower temperatures. 

While the behavior at 77 K and 293 K are consistent with 
⟨
110 

⟩
{ 111 }

ctahedral slip, early yielding of the (111) orientation could be ex-
lained by the occurrence of slip on the favourably oriented { 001 }
ube planes. Cube slip on 

⟨
110 

⟩
{ 001 } systems is well known to oc-

ur in L1 2 single crystals above a critical temperature, in particular
hen loaded along the 

⟨
111 

⟩
direction [26–29] . The effect of cube slip

n the response of the L1 2 phase is even more clear in the approxi-
ate orientation-specific axial stress evolution ( ̄𝜎ℎ𝑘𝑙 L1 2 

= 𝐸 

ℎ𝑘𝑙 
L1 2 

𝜖ℎ𝑘𝑙 L1 2 
) shown

n Fig. 6 (the contribution from the transverse interaction stresses were
eglected due to insufficient data quality in the transverse direction and
he extra degree of freedom of the grain orientations). At 77 K ( Fig. 6 (a)),
here octahedral slip prevails, the (111) oriented grains, which are un-

avourably oriented for slip activation (high maximum Schmid factor
n Table 2 ) are subjected to high stresses, whereas near-ideal plastic
ehaviour is observed in the (220) oriented grains and intermediate re-
ponse is seen in (200) and (311). While, the Schmid factor for octahe-
ral slip is actually identical for (200) and (220) ( Table 2 ), the lower
lastic stiffness leads to lower resolved shear stresses for (200) oriented
rains, and hence less slip activation. 

At room temperature ( Fig. 6 (b)), on the other hand, the stress in the
111) oriented grains is similar to (200) and (311) orientations, indi-
ating that cube slip is likely activated already at this temperature. The
ritical temperature depends on the alloy chemistry, but many systems
ave been shown to undergo cube slip at room temperature [29,30] ,
r even below [30] , when deformed in the 

⟨
111 

⟩
direction. While cube

lip has a large effect on the response of the (111) grains, due to the
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Fig. 6. Orientation-specific stress in different L1 2 grain families as a function of macroscopic strain. 

Table 2 

Maximum Schmid factors on 
⟨
110 

⟩
{ 001 } cube ( 𝑚 

cube 
max ) and ⟨

110 
⟩
{ 111 } octahedral ( 𝑚 

oct 
max ) slip systems in grain families with 

different tensile axes. 𝑁 

cube 
max and 𝑁 

oct 
max are the number of indepen- 

dent system experiencing the maximum Schmid factor for cube 
and octahedral slip, respectively. 

Tensile axis 𝑚 cube max 𝑁 

cube 
max 𝑚 oct max 𝑁 

oct 
max 𝑚 cube max / 𝑚 

oct 
max 

(111) 0.4714 3 0.2722 6 1.73 

(200) 0 – 0.4082 8 0 

(220) 0.3536 4 0.4082 4 0.86 

(311) 0.3857 1 0.4454 2 0.86 
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ery high Schmid factor compared to octahedral slip systems, the effect
s negligible in (220) and (311) grains, as the Schmid factor for cube
lip in these grains are lower than for octahedral slip ( Table 2 ), and the
RSS is likely higher due to a smaller interplanar spacing. 

Finally, at 673 K ( Fig. 6 (c)), extensive activation of cube slip leads
o low stresses in the (111) grains, but here also a lowering of stresses
n the (311) grains can be observed. The occurrence of cube slip is pri-
arily related to the increased mobility of 

⟨
110 

⟩
dislocations on the

 001 } plane as thermal activation allows recombination of the partials
nvolved in the non-planar dissociation [31] , and the anomalous tem-
erature dependence of the octahedral slip systems [26] . As the CRSS
or slip on 

⟨
110 

⟩
{ 001 } has been shown to have a large positive strain

ate sensitivity [27] , the combination of increased temperature, low de-
ormation rate and dwell time during neutron diffraction measurements
ould be expected to promote the activation of cube slip also in the (311)
riented grains. Consistent with the suggested transition to cube slip, the
200) orientation appears to be unaffected as the Schmid factor for cube
lip is zero ( Table 2 ). As the octahedral-to-cube slip transition is known
o reverse the anomalous temperature dependence of the strength of
1 2 , the observation of cube slip in the EHEA could point towards al-
oy design for delaying this transition as a possible strategy for further
ncreasing the strength at elevated temperatures. We also note that as
he temperature range covered by the present investigation contains the
ntire transition from octahedral to cube slip it offers the possibility to
alibrate and use crystal plasticity models, either finite element based or
elf-consistent, in order to more fully explore the transition. Such sim-
lations would for example allow estimation of the CRSS and relative
lip activity of the different slip systems, as well as effects on e.g. latent
ardening. 

Contrary to L1 2 , the elastic response of B2 is approximately isotropic
n the elastic region ( Fig. 5 (d-f)). Furthermore, load redistribution re-
ponse in B2 is similar at all temperatures. The evolution of lattice
trains in the (110) and (211) orientations follow each other closely,
howing only small deviations towards larger strains, whereas the (200)
rientation accommodates very large elastic lattice strains, i.e. carries
he majority of the load. Load transfer to (200) orientation within FCC
6 
s commonly observed in e.g. austenitic/ferritic duplex steels [32,33] ,
ut not to the extreme levels observed here. At the end of the 673 K test,
he (200) lattice strain is in the order of 2 %, corresponding to stress lev-
ls around 3 GPa. Wollmershauser et al. [34] examined the evolution
f lattice strains during deformation of several single-phase B2 alloys
including NiAl) in compression, and observed very similar behaviour,
ith very large lattice strains in (200) oriented grains. Furthermore, the
ronounced K-S orientation relationship could play a role through the
1 2 -to-B2 load transfer process, which remains to be investigated. 

. Conclusions 

In summary, in-situ neutron diffraction during uniaxial tensile tests
ere performed on newly developed EHEA at 77 K, 293 K and 673 K,

n order to understand the load distribution between and within the or-
ered L1 2 and B2 phases. The phase-averaged lattice strains were found
o indicate a distinct load transfer from L1 2 to B2 at all three measured
emperatures. The B2 phase behaved similar over the entire temperature
ange, with the (200) direction carrying most of the load, whereas a de-
ailed investigation of the orientation-specific response of the L1 2 phase
ndicates that cube slip becomes predominant at higher temperatures,
n particular in grains loaded in the 

⟨
111 

⟩
direction. The load distribu-

ion within the eutectic microstructure, and in particular the suggested
ctivation of cube slip in L1 2 already at room temperature, significantly
ncreases our understanding of the deformation of this promising class of
lloys, and paves the way for further alloy development to optimise the
igh temperature properties, as well as development of accurate crystal
lasticity models to describe the mechanical response. 
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