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� Load distribution in a c0 strengthened
superalloy is measure by in-situ
neutron diffraction.

� The effect of particle size on Load
distribution at cryogenic
temperatures is studied.

� Co-deformation of phases leads to
intergranular load transfer between
in matrix.

� Coarse c0 microstructure experience
both intergranular and intragranular
load transfer.

� Coarse particles initially behave
elastically but yield at higher stresses.
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a b s t r a c t

In-situ neutron diffraction was performed during tensile deformation of a Ni-based superalloy, Haynes
282, at 20, 100 and 300 K. Two distinct uni-modal microstructures with fine (20 nm) and coarse
(200 nm) c0 particles were investigated. On the macro-scale yield strength increased and ductility
decreased with decreasing temperature, although the most significant decrease in ductility occurred
between 100 and 20 K. The work hardening differed between the two microstructures, but was indepen-
dent of temperature for each microstructure. On the micro-scale intergranular elastic interactions mainly
lead to a transfer of the load to grains with the 200h i orientation parallel to the tensile axis. No further
load re-distribution between matrix and particles occurred in the microstructure with fine c0, where
shearing of precipitates lead to co-deformation at all temperatures. In the coarse c0 microstructure, the
load was transferred intragranularly from matrix to particles, in addition to the intergranular load trans-
fer. The particles initially behaved elastically while the matrix deformed plastically, but at higher stresses
a change in load partitioning indicated that also the c0 phase underwent plastic deformation as a result of
the stress build-up from the load partitioning. The tendency for, and effect of, plastic deformation of c0

increased with decreasing temperature.
� 2021 The Author(s). Published by Elsevier Ltd. This is an open access article under the CC BY license

(http://creativecommons.org/licenses/by/4.0/).
1. Introduction and energy sectors where a combination of high microstructure
Ni-based superalloys is an important class of structural materi-
als used in challenging high temperature applications in aerospace
stability, strength and resistance to creep, fatigue and oxidation
is required [1]. The mechanical properties depend critically on
the deformation mechanisms, and Ni-base superalloys are known
to exhibit transitions between different mechanisms depending
on loading condition and temperature. Slip-mode transition [2],
twinning during intermediate temperature creep [3–6] and
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thermomechanical fatigue loading [7–9], temperature dependent
dislocation coupling [10,11], and microstructure-dependent load
partitioning between matrix and strengthening phases [12–14]
have all been reported. The effects of such transitions on the
phase-specific mechanical response in precipitation strengthened
alloys have been previously investigated using in situ neutron
diffraction, where e.g. octahedral-to-cube slip could be directly
measured [2].

Furthermore, as they retain, or even improve, many critical
properties such as toughness and ductility [15] and fatigue resis-
tance [16–18] at cryogenic temperatures, they have found exten-
sive applications in e.g. aerospace applications [19,20] and
superconducting magnet systems, e.g. for use in the International
Thermonuclear Energy Reactor (ITER) [21]. At cryogenic tempera-
tures, several superalloys have been reported to undergo extensive
micro-twinning, which can lead to ductility levels being higher
than at room temperature [22–24]. However, while there are sev-
eral reports of strength, ductility, fatigue properties etc (see e.g.
[25] for a compilation of cryogenic mechanical data), there is a lack
of studies regarding phase-specific response in order to fully
understand the deformation process at these temperatures. In par-
ticular, the well known effect of strengthening particle size on the
load transfer between c and c0 in these alloys, has not been previ-
ously investigated at sub-zero temperatures.

Here we report the first study of load partitioning in a c0

strengthened Ni-base superalloy at cryogenic temperatures. The
relatively recent alloy Haynes 282 in two different heat treatment
conditions was subjected to tensile testing at 20, 100 and 300 K,
and the phase and orientation-specific mechanical response was
recorded by in situ neutron diffraction. The results shows complex
temperature dependent interactions involving both intergranular
(between grains with different orientation) and intragranular (be-
tween phases in each grain) load transfer.
2. Experimental

Haynes 282 is a relatively recently introduced c0 (L12, Ni3(Ti,Al))
strengthened Ni-based superalloy, specifically developed in order
to have better weldability than similar alloys [26], which could
make it interesting for cryogenic applications such as pressure ves-
sels. The nominal composition is (in wt.%) 19.52Cr-10.33Co-8.56
Mo-2.13Ti-1.52Al with a balance of Ni and other elements such
as Fe, B, P, S and Si in minor amounts. The average grain size was
150 lm and texture was random. Tensile samples with a diameter
of 6 mm and gauge length of 30 mm were machined from forged
bars. The samples were subjected to a solution treatment at 1120
�C for 30 min followed by either (a) water quenching, carbide sta-
bilization at 1010 �C for 1 h and ageing at 788 �C for 8 h; or (b) fur-
nace cooling to 950 �C, ageing at 950 �C for 30 min followed by
slow cooling (�0.1 �C min�1) to 500 �C and then water quenching.
Further details are given in [14]. Heat treatment (a) resulted in a
uni-modal c0 distribution with an average size around 20 nm (here-
after denote as fine c0), whereas heat treatment (b) produce a
nearly uni-modal c0 distribution with an average size of around
200 nm (coarse c0). The volume fraction of precipitates was approx-
imately the same in both cases, around 0.2. In the coarse
microstructure smaller secondary c0 particles were occasionally
seen, but the fraction was very low, and these particles are
assumed not to influence the mechanical behaviour. The heat
treatments did not affect the grain size of the material. The heat
treated samples were subjected to in situ neutron diffraction dur-
ing tensile testing at the time-of-flight (TOF) engineering diffrac-
tometer Engin-X [27] located at ISIS Neutron and Muon Source,
UK, following the methodology described in reference [14]. Full
diffractograms were collected with the scattering vector (mea-
2

sured strain direction) in the tensile direction using a
4�4�4 mm3 gauge volume and acquisition times of around one
hour per data point. Tests were performed at room temperature
in air as well as at cryogenic temperatures 20 and 100 K in vacuum
by using a dedicated chamber [28] which enables diffraction mea-
surements during deformation [29–32]. Note that the room tem-
perature data was derived from the same data set as used in
[14]. Representative diffractograms from the unloaded state at
each temperature are shown in Fig. S1 in the supplementary mate-
rial. Single peak fits in GSAS-II [33] was used to obtain interplanar
d-spacing from the different peaks as a function of applied stress,
which allowed subsequent calculation of orientation specific elas-

tic lattice strains according to �hklðrÞ ¼ dhklðrÞ=d0
hkl � 1, where d0

hkl

and dhkl are the d-spacings of the ðhklÞ peak measured in the
unloaded state and at applied stress r, respectively. As the phases
are coherent, the fundamental peaks consist of contributions from
both c and c0, and require deconvolution using information from
fitting of the corresponding superlattice peaks. This can only be
done for the (200) and (220) doublets, as there are no superlattice
peaks corresponding to (111) and (311). However, as we have pre-
viously shown that the effect of deconvolution on the c d-spacings
is negligible for the material and microstructures investigated here
[14], we consider the undeconvoluted fits of (111) and (311) peaks
to be representative of the behaviour of their respective orienta-
tions in the c phase. Deconvolution of the (200) and (220) peaks
was facilitated by fixing the d-spacing of the c0 contribution based

on the fit of the corresponding superlattice peak, i.e. dc
0

200 ¼ 1=2dc
0

100

and dc
0

220 ¼ 1=2dc
0

110. In the subsequent refinements of the doublet
peak the intensity, position and width of the c contribution were
refined, whereas only intensity and width (without further con-
straints) were refined for c0. This approach was previously shown
to give consistent results for the particular alloy [14], where the
validity of the convolution is further discussed. Examples of dou-
blet peak fits are shown in Fig. S2 in the supplementary material.
Phase-averaged lattice strains were subsequently calculated by
averaging the orientation-specific values, weighted for multiplicity
[34]. During the cooling to 20 K diffractograms were also collected
from coarse c0 samples at selected temperatures inorder to mea-
sure the coefficient of thermal expansion (CTE) and the constrained
lattice misfit. Similar measurements were not made for the fine c0

microstructure due to the large uncertainties associated with the
low intensity of the superlattice peaks.
3. Results and discussion

3.1. Thermal expansion and lattice misfit

To determine the CTE, a, and lattice misfit, d, lattice parameters
determined as the average of the (100) and (110) superlattice
peaks for c0, and the average of the decomposed (200) and (220)
peaks for c, were used. The lattice parameters were measured from
two different samples, denoted S1 and S2. S1 was measured at 300,
200, 100 and 20 K, whereas S2 was measured at 250, 150 and 20 K.
As can be seen from Fig. 1, where the lattice parameters from S1
and S2 are plotted against temperature, there is a small but sys-
tematic difference in ac, where S1 appears to show slightly larger
values. This is likely caused by a small difference in residual intra-
granular stresses between the two sample, which becomes visible
as only two peaks are used for lattice parameter estimation. For the
CTE calculations we therefore only consider data from S1, which
covers the entire temperature range of interest. The lattice param-

eter of each phase p; ap, where fitted with a 2nd order polynomial

(a ¼ a0 þ cT2, where a0 and c are constants) with respect to tem-
perature, T, to calculate the phase-specific CTE, ap, according to



Fig. 1. (a) Lattice parameters of c and c0 , with associated 2nd order polynomial fits,
and resulting CTE calculated from Eq. 1. Note that the CTE curves for c and c0

overlap, and the curve for c0 is hidden behind the curve for c. The CTE data for
Waspaloy was taken from the values reported for the age-hardened condition in
[35]. (b) Lattice misfit calculated according to Eq. 2. The solid and dashed lines
represent the average values � one standard deviation, respectively.
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apðTÞ ¼ 1
ap

@ap
@T

: ð1Þ

The CTE is compared to data measured for Waspaloy [35], which is a
relatively similar Ni-base superalloy, in Fig. 1, and excellent agree-
ment can be seen. It should be noted that while the limited number
of data points did not allow reliable fitting of more physically suit-
able models for apðTÞ, the agreement shows that literature data for
Waspaloy can be safely used to estimate thermal contraction of
Haynes 282 at cryogenic temperatures.

The constrained lattice misfit can be calculated from the lattice
parameters as

d ¼ 2
ac0 � ac
ac0 þ ac

: ð2Þ

The misfit is essentially independent of temperature, with a small
negative average value of �0:04� 0:01 % (see Figure 1(b)). This
agrees well with the predicted c/c0 misfit in Haynes 282 reported
in [36] after extrapolation to room temperature, which lies in the
range �0:08 to �0:04 % depending on exact composition within
the specification limits. The negative misfit is likely related to the
relatively high amount of Mo in Haynes 282, which is known to par-
tition to the c phase and increase the lattice parameter [37]. Good-
fellow et al. [38] showed that the lattice misfit of model Ni-based
superalloys decreased with increasing Mo content, becoming nega-
tive above around 4 at.%.

3.2. Macroscopic mechanical response

Representative images of the fine and coarse c0 microstructures
are shown in Fig. 2(a) and (b), respectively, and the corresponding
set of true stress–strain curves for all temperatures are shown in
(c) and (d). In general, stress levels decrease with increasing tem-
perature and, as can be seen in Fig. 2(e), the yield strength
decreases almost linearly with temperature for both microstruc-
tures. The difference in yield strength between the samples
remain approximately constant with temperature, being around
100 MPa higher for fine c0 as a result of the more effective
3

strengthening associated with particle shearing. The ductility is
consistently higher for coarse c0, and is only slightly lower at
100 K compared to room temperature, but decreases drastically
at 20 K (Fig. 2(e)).

The work hardening rates for the respective microstructures are
independent of temperature, see Fig. 2(f) and (g). The fine c0 sam-
ples show an extended period of gradually decreasing work hard-
ening followed by a slower decrease at higher strains. The work
hardening rate of coarse c0 shows a more abrupt change from the
elasto-plastic transition region to a linear region, defined as stage
II work hardening. The behaviour is consistent with previous
observations for this alloys [39]. The linear stage II hardening rates
agree well with theoretical values hII ¼ M2l=300�M2l=200,
where M is the Taylor factor (3.06 for fcc materials with random
texture) and l is the shear modulus. Here we use a shear modulus
of 81 GPa [40], and neglect the temperature dependence as results
for other Ni-base superalloys suggest that it should be negligible
[41]). Similar stage II hardening has been observed at room tem-
perature in other precipitation strengthened Ni-base alloys [42–
44], but most extensively studied in X-750 [42]. The linear harden-
ing rate hII was shown to increase with particle size for diameters
up to around 120 nm, but at larger diameters it decreased to values
similar to those observed for small particles (<50 nm) [42]. This is
consistent with Fig. 2(f) and (g) where the hardening rates for fine
and coarse microstructures are similar at larger strains. Here we
also note that SEM and EBSD investigations of the samples
deformed at the lowest temperature, 20 K, did not reveal any signs
of deformation twinning, and effects of twinning are therefore
neglected in the following.
3.3. Phase-averaged response

Fig. 3 shows the evolution of the phase-averaged elastic lattice
strains. In fine c0, Fig. 3(a)-(c), matrix and precipitates deform
together at all temperatures, and the elastic lattice strains increase
almost linearly with applied stress, without load partitioning
between c and c0. This is consistent with shearing of particles by
pairs of coupled dislocations, which has been shown to occur at
room temperature in the present alloy for this particle size [14].
We note that there is a slight difference in response between c
and c0 at 100 K (Fig. 3(b)), present also in the elastic region, but
as will shown later this is due to problems with fitting the very
weak (100) superlattice peak.

The coarse c0 microstructure, on the other hand, shows signifi-
cant load partitioning between the phases after the yield point
(yellow dashed line), see Fig. 3(d)-(f), associated with looping of
dislocations around the coarse particles [14]. While the lattice
strains in the c phase increases linearly with applied stress (similar
to fine c0), the coarse c0 particles accommodate a larger share of the
load as seen by the rapid accumulation of elastic lattice strains
after yielding. The c0 lattice strain undergoes two stages after yield-
ing, seen as a change in slope at stress levels around 200 MPa
above the yield stress (approximately marked by red arrows in
Fig. 3(d)-(f)). The temperature dependent development of the par-
titioning can be seen in Fig. 4, where the load redistribution (char-
acterised by the partitioning of the phase-averaged elastic lattice
strains, D� ¼ �c0 � �c, is plotted against the increase in stress
beyond the yield stress. The rate of load transfer is constant in
the initial stage at all temperatures, but decreases at higher strains.
The decrease is more pronounced at 100 K compared to 300 K, but
at 20 K fracture occurs too early to determine if the behaviour
extends to this temperature as well. We will return to the effect
of temperature on the load partitioning later, when examining
the orientation specific behaviour of the phases.



Fig. 2. Illustration of two-unimodal microstructures of Haynes 282, (a) fine c0 and (b) coarse c0 . Global stress–strain curves measured at 20 K, 100 K and 300 K with (c) fine c0 ,
(d) coarse c0 followed by the (e) variation of yield stress and ductility with temperatures for both microstructures. Strain hardening behavior of (f) fine c0 and (g) coarse c0

microstructures at respective temperatures.

Fig. 3. Phase-averaged lattice strains in case of (a-c) fine and (d-f) coarse c0 microstructures at (a,d) 20 K, (b,e) 100 K and (c,f) 300 K, respectively. The yellow dashed lines
indicate the yield stress and the blue solid lines shows the slope of the c lattice strain evolution in the elastic region. Red arrows in (d-f) indicate approximate stress levels
where a change in slope of the elastic lattice strain development can be seen.
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3.4. Orientation-specific response

In order to further understand the connections between the
macroscopic and the phase-averaged behaviour, we examine the
orientation dependence of the lattice strain evolution in grain fam-
4

ilies with different orientations (i.e. all grains with specific hklh i
direction aligned with the tensile axis, measured from the ðhklÞ
diffraction peak) for the two phases. Here we must point out that
a specific c grain will be subject to elastic interactions with grains
of different orientations (intergranular interactions), as well as with



Fig. 4. Elastic lattice strain (equivalent to load) partitioning between c and c0 as a
function of stress increase above the yield stress in the coarse microstructure.
Arrows indicate the approximate positions identified in Fig. 3(d)-(f).
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the embedded coherent particles inside the grain which share the
same orientation (intragranular interaction). The c0 particles, on
the other hand, only interact (intragranularly) with their parent
grain but not between themselves or directly with particles with
different orientation. During deformation the 111h i and 311h i ori-
ented grains in the c matrix show very limited changes in slope
upon yielding (Fig. 5). This behaviour is common for both coarse
and fine c0. The 220h i oriented grains undergo early yielding (seen
as an increase in the slope), which leads to intergranular load
transfer to the 200h i orientation in the matrix. In the fine c0

microstructure, the load transfer in the matrix phase is directly
reflected in the strengthening particles seen as an increased accu-
Fig. 5. The elastic lattice strains against applied stress of the fundamental FCC peaks of (a
yellow dashed lines indicate the yield stress.

5

mulation of elastic lattice strains in the 100h i orientation (Fig. 6(a)-
(c)). Apart from yielding of the 110h i orientation, which is neces-
sary due to lattice coherence and particle shearing, also the 210h i
and 211h i orientations in c0 show an increase in the slope after
the yield stress (Fig. 6(a)-(c)). This suggests that the matrix grains
with the same orientation also yield, which is expected due to their
high Schmid factor, although the associated diffraction peaks are
not available in the current diffractograms. The intergranular load
transfer to 200h i in the coarse c0 microstructure is seen as a parti-
tioning to 100h i also in the particles. However, no signs of yielding
can be seen in c0 at the early stages of deformation, not even in the
110h i orientation. Interestingly, there is a pronounced change in
slope of 110h i at higher stresses (red arrows), indicating that yield-
ing does occur in the later stage of deformation. Yielding of the
110h i is not associated with increased load transfer to 100h i orien-
tation, which instead also appears to undergo yielding at higher
stresses (blue arrows), although less obvious compared to 110h i.

This situation is more clearly seen in Fig. 7 where the behaviour
of the c0 superlattice 100h i and 110h i peaks are directly compared
to the corresponding fundamental 200h i and 220h i peaks from the
c matrix. The previously described behaviour is confirmed, where
the 100h i and 200h i in the fine c0 samples overlap, as expected from
the precipitate shearing induced co-deformation, and increase lin-
early (Fig. 7(a)-(c)). The 110h i and 220h i strains also overlap, but
clearly exhibit an almost ideally plastic behaviour after yielding
followed by a linear development with smaller slope (except at
20 K, due to the early fracture). From Fig. 7(b) we can also note
the reason for the previously mentioned separation of the phase-
averaged c and c0 lattice strains in Fig. 3(b). Whereas the 110h i
and 220h i agree closely, the 100h i appear to be off-set from the
200h i data points, even in the elastic region. As 100h i and 200h i
agree well at both higher and lower temperatures, and 110h i and
-c) fine and (d-f) coarse c0 at (a,d) 20 K, (b,e) 100 K and (c,f) 300 K, respectively. The



Fig. 6. The elastic lattice strains against applied stress of the superlattice c0 peaks of (a-c) fine and (d-f) coarse c0 at (a,d) 20 K, (b,e) 100 K and (c,f) 300 K, respectively. The
yellow dashed lines indicate the yield stress. Blue and red arrows in (d-f) indicate yielding of the <100> and <110> orientations, respectively.

Fig. 7. Load distribution between c0 <100>/ c <200> and c0 <110>/ c <220> in (a-c) fine and (d-f) coarse c0 microstructures at (a,d) 20 K, (b,e) 100 K and (c,f) 300 K, respectively.
The yellow dashed lines indicate the yield stress. Blue and red arrows in (d-f) indicate yielding of the <100> and <110> orientations, respectively.
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Fig. 8. Elastic lattice strain (equivalent to load) partitioning between c and c0 for grains with (a) 100h i/ 200h i orientation and (b) 220h i/ 110h i orientation parallel to the tensile
direction, as a function of stress increase above the yield stress. Arrows mark approximate points identified in Figure 6(d)-(f) and Figure 7(d)-(f).
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220h i agree at all three temperatures, this is likely an artefact
attributed to problems of fitting the smaller 100h i peak in the sam-
ple tested at 100 K.

The comparison of c and c0 lattice strain evolution in the coarse
microstructure provides a clearer picture of the load partitioning.
At 300 K, the 220h i oriented grains yield early and transfer the load
to the impenetrable c0 110h i oriented particles within the grains.
The yielding also leads to intergranular load transfer to the 200h i
grains which accumulate elastic strain (i.e. load) more rapidly after
the yield point. However, intragranular load partitioning occurs
also within the 200h i oriented grains, from the matrix to the c0 par-
ticles. The previously described changes in the slope for the 100h i
and 110h i orientations, which was suggested to indicate yielding,
occur at a global stress of around 700 MPa, approximately
200 MPa above the yield stress (blue and red arrows, respectively).
The situation is similar at 100 K, but the second change in slope
occurs at higher stresses (�800 MPa), corresponding to similar val-
ues of the stress increase above yield stress (�200 MPa). At 20 K
similar observations can made, but the early fracture prevents
the complete analysis.

Fig. 8 shows the strain partitioning between the two phases in
grains with specific orientations. Similar to Fig. 4, the partitioning

is defined as D�hkl ¼ �c
0

hkl � �chkl. Both orientations show approxi-
mately constant rate of partitioning for all temperatures in the
early stage, but the behaviour at higher stresses is temperature
dependent, as discussed above. The 100h i orientation show a more
pronounced decrease in partitioning rate at 100 K compared to
300 K (Fig. 8(a)). The effect is even more pronounced in the
110h i orientation, where the partitioning rate becomes almost
independent of applied stress at higher stresses (Fig. 8(b)).

4. Conclusions

In summary, we present the first report on microstructure
dependent micro-mechanical response of a precipitation strength-
ened Ni-based superalloy at cryogenic temperatures. In-situ neu-
tron diffraction during tensile testing at 20, 100 and 300 K was
used to investigate the orientation and phase-specific response of
Haynes 282 with fine (20 nm) and coarse (200 nm) c0 particles.
From this study we report that:

� The yield strength and elongation are both strongly tempera-
ture dependent, whereas the work hardening response of each
microstructure is essentially independent of temperature. In
particular, the coarse microstructure exhibited linear hardening
7

at all temperatures, consistent with theoretical values of stage II
behaviour. Fine particles lead to co-deformation and coarse par-
ticles induced load partitioning at all temperatures.

� While the phase-averaged lattice strain in the matrix phase in
both coarse and fine microstructures develop linearly with
applied stress, pronounced intergranular load partitioning
occurs between different orientations within the c phase due
to elastic interactions. The 200h i and 220h i orientations deviate
most from linearity, with early yielding of the 220h i orientation
leading to load transfer to 200h i.

� In the fine microstructure the load transfer to the 200h i orienta-
tion also leads to accumulation of larger lattice strains in the
coherent 100h i oriented c0.

� The lattice strain in the coarse c0 microstructure exhibits a more
complex behaviour. As the 220h i oriented matrix grains yield
early, they intragranularly transfer the load to the large impen-
etrable embedded c0 particles and intergranularly primarily to
the 200h i oriented grains. Within the more highly loaded
200h i orientation, the load is, in turn, preferentially transferred
to the c0 particles. At higher stresses the response of the 200h i
and 220h i oriented grains exhibit a change in slope which indi-
cates that the coarse c0 do indeed undergo yielding in the later
stages of deformation. As a result the rate of load partitioning is
approximately constant in the early stages of deformation, but
decreases at large strains (high stresses) due to the yielding of
c0. This effect is more pronounced in the 110h i orientation, com-
pared to 100h i, and appears to increase with decreasing
temperatures.

Further understanding of the yielding of c0 at high stresses is
required, and the phenomenon should be considered in develop-
ment of models for predicting the effect of impenetrable coherent
particles on the mechanical behaviour.
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