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Corrosion of Ferritic Stainless Steels used in Solid Oxide Fuel Cells 

Investigation of Novel Coatings in Single- and Dual-Atmosphere Conditions 

MATTHIEU TOMAS 

Department of Chemistry and Chemical Engineering 

Chalmers University of Technology 
 

Abstract 
 

Solid Oxide Fuel Cells (SOFCs) are systems that convert chemical energy into electrical 

energy. Their high electrical efficiency and clean emissions (when H2 is used as fuel) make 

them a strong candidate for replacing conventional conversion systems, such as combustion 

engines. However, the high costs and limited life-times of SOFCs have hindered their 

widespread commercialisation. 

One of the main costs in a fuel cell stack is for the interconnect, which connects the cells 

electrically. Interconnects are, nowadays, made of Ferritic Stainless Steel (FSS) and, when 

exposed to fuel cell operating temperatures, typically between 600℃ and 900℃, they suffer 

severe corrosion. The Cr2O3 layer that forms on the interconnects upon exposure to high 

temperatures mitigates the corrosion process to some extent. However, the formation of a 

chromia layer leads to two major issues: a) the volatilisation of Cr(VI) species, which poisons 

the cathode; b) an increase in the electrical resistance of the interconnect caused by the 

continuously growing oxide scale. Both of these issues can be mitigated by using coatings. The 

optimal candidates are spinel oxide coatings, due to their effectiveness at decreasing Cr 

evaporation and their high conductivity. 

The first part of this thesis investigates the efficiency of Cu-based coatings for mitigating 

Cr(VI) evaporation, as compared to the Co-based coatings currently used. Two different 

processes are used for deposition of the coatings: a) Physical Vapour Deposition (PVD); and 

b) Thermal Spray (TS). It was found that, thin PVD coatings are as efficient as much thicker 

TS coatings at mitigating Cr(VI) evaporation when exposed at 650℃ in humid air. Area-

specific resistance measurements showed that the PVD Ce/Cu coating is as good as the state-

of-the-art PVD Ce/Co. The TS MnCo-oxide (MCO) coating, even if its microstructure differs, 

also display a good ASR. 

The second part of this thesis focuses on the abilities of coatings that are exposed under 

simulated SOFC operating conditions, i.e. the simultaneous exposure to air and H2/H2O, to 

mitigate the so-called ‘dual-atmosphere effect’. Samples that were coated with Ce/Co on the 

air-side and uncoated on the fuel-side, as well as samples that were coated with Al or Al2O3 on 

the fuel-side and uncoated on the air-side were exposed at 600℃ for 3,000 h under dual-

atmosphere conditions. It was found that applying a  coating on the air-side delays the onset of 

break-away oxidation, although the best effect was seen for samples with Al and Al2O3 coatings 

on the fuel-side and the coating combination Al//Ce/Co. A significant reduction of the dual-

atmosphere effect was observed once a coating was applied on the fuel-side of the interconnect. 

 

Keywords: SOFC, Corrosion, Interconnect, Dual Atmosphere, Coatings, Area-Specific 

Resistance, Alumina, Copper  
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1 Introduction 
 

1.1 Background 
 

In 2021, the UN Climate Change Conference (COP26) brought together world leaders to 

find solutions and to accelerate actions to deal with climate change. Now, more than ever, the 

world needs new ways to produce clean/renewable energy. Scientists have warned that global 

warming will have significant consequences. An elevation of the global temperature by as little 

as 2℃ will have a disastrous impact on the world [1-3]. Global energy consumption still relies 

heavily on fossil fuels, and much less so on renewable sources of energy (Figure 1). Today, 

countries such as India, China, Canada, the United States, and Australia still rely primarily on 

fossil fuels to produce the energy necessary for Society. 

 

 
Figure 1: Per capita energy consumption by source [4]. 

Societies need to switch from fossil fuels, such as coal, oil, and shale gas, to more-

sustainable energy sources, such as solar energy, wind energy, geothermal energy, to reduce 

greenhouse gas emissions. The switch relies heavily on advanced renewable energy generation 

systems, such as solar panels and wind turbines. However, the main drawback of these systems 

is their intermittent nature, so research has focused more on electricity storage systems 

combined with more-flexible and green energy conversion systems. In this context, Fuel Cells 

(FCs) represent one of the main candidates. FCs can be found in various forms [5]. One of the 

most widely used forms is Proton Exchange Membrane Fuel Cells (PEMFCs). These have the 

advantages of: attaining efficiencies of up to 60% when high purity hydrogen is used, having 

low operating temperatures of around 80°C, being suitable for mobile applications due to quick 

start-up times, and having good power output levels. However, PEMFCs need a catalyst to 

work, for example platinum, which is expensive. In addition, pure hydrogen must be used as 
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the fuel, and it should not be contaminated with carbon monoxide (CO) [6, 7]. The limitation 

of high-purity H2 significantly affects the application of this technology for some uses. 

Therefore, the Solid Oxide Fuel Cell (SOFC) technology is being considered owing to its 

greater fuel flexibility. In SOFC, a solid oxide electrolyte that is permeable to oxygen ions is 

used instead of, for example, a proton exchange membrane. The main drawback of this 

technology is its high operating temperature, which ranges from 600℃ to 900℃, as compared 

to the low operating temperature of PEMFC, which is around 80℃. However, the additional 

heat can be used in Combined Heat and Power (CHP) units or for further energy generation in 

gas or steam turbines. SOFCs have high electrical efficiency (>60%), and by utilising the heat 

produced, the efficiency can be increased up to 90% [8-10].  

The interconnects or bipolar plates are essential for any FC system, in that their primary 

function is to connect multiple FCs in series, to form an FC stack with reasonable voltage 

output. Nowadays, interconnects in SOFCs are constructed of Ferritic Stainless Steels (FSS) 

and account for around 34% of the overall cost for a 1 kW stack, with a production of 50,000 

units [11]. For the SOFC technology to become commercially attractive, the price per kWh 

must be reduced. This will involve reducing material costs by using commercially available 

FSS, decreasing the total cost of coating the steel, and reducing the operating temperature [10, 

12, 13]. Another challenge to SOFC system adoption is its limited life-time. For stationary 

systems to have commercial feasibility, an expected life-time of at least 40,000 h is needed. 

However, the use of FSS as interconnects makes this goal more challenging to reach. Metallic 

interconnects suffer from corrosion when exposed to high temperatures of ≥600℃. Phenomena 

such as increased electrical resistance, Cr evaporation, and the dual-atmosphere effect exert 

strong impacts on the life-times of the interconnects and the FCs [14, 15]. 

Understanding the corrosion mechanism allows for the development of mitigation 

strategies. One example is the reduction of Cr evaporation through the application of a coating 

to the air-facing side of the interconnect, such as the state-of-the-art coating (Mn,Co)3O4 

(MCO); thus, depletion of Cr from the steel and Cr poisoning can be avoided [16-18]. In 

addition, some coatings, such as Ce, decrease the growth rate of the oxide scale that forms on 

top of the substrate at high temperatures, thereby increasing the interconnect life-time as less 

Cr is consumed [19, 20]. A thinner oxide scale also means reduced electrical resistance, which 

leads to an improvement of the overall power output of the stack. Another important corrosion 

phenomenon is the dual-atmosphere effect, which entails increased corrosion on the air-facing 

side of the interconnect if the material is exposed simultaneously to hydrogen on the other side 

of the interconnect [21]. To make SOFCs commercially attractive, additional research is 

needed to understand and mitigate the corrosion phenomena, so as to prolong the life-time of 

the stack and reduce its production cost. 

 

1.2 Aim of this Thesis 
 

The present work focuses on the use of different coatings to mitigate the corrosion 

phenomena occurring in interconnects when exposed to different SOFC-operating conditions. 

 

The first part of this thesis focuses on novel coatings and the efficiency levels of different 

deposition process, towards a switch from the state-of-art Ce/Co coating to Cu-based coatings. 
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Coatings are applied to SOFC interconnects to reduce Cr evaporation and decrease oxide scale 

growth [10, 14, 22]. One has to keep in mind that interconnects have to be electrically 

conductive and that applying a coating might increase electrical resistance. In recent years, 

there has been a focus on spinel coatings owing to their high Cr mitigation rates and high 

theoretical conductivities [16, 23]. The switch from Co-based coatings to Cu-based coatings 

could open new avenues for cost reduction, improve safety by avoiding exposition to Co dust, 

and have a positive geopolitical impact in poorer countries by reducing the use of Co, and thus 

its extraction [24, 25]. 

 

The second part of this thesis discusses the effects of coatings on interconnects when these 

are exposed to real-life SOFC conditions, i.e., a dual atmosphere. In SOFCs, interconnects 

experience a dual atmosphere, with hydrogen on the fuel-side and humid air on the air-side. 

This triggers an increase in the degradation of the FC stack. The effect has been found to be 

most-prominent at 600℃ [21]. This so-called ‘dual-atmosphere effect’ is not yet fully 

understood but is under active research [26-32]. To the best of the author's knowledge, this is 

the first time that protective coatings, designed to inhibit hydrogen diffusion, have been 

investigated in a dual atmosphere at 600℃.  
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2 Theory 
 

2.1 Fuel Cell 
FCs convert chemical energy into electrical energy through a controlled chemical reaction 

of a fuel with air. The working principle was discovered independently by William Grove and 

Christian Friedrich Schönbein in 1830s [22]. They discussed a simple system that converts 

chemical energy set free during the formation of H2O, from hydrogen and oxygen, to electrical 

energy [33]. A fuel cell is composed of an anode, a cathode and an electrolyte. The electrolyte 

is located between the cathode and anode. The ingenuity of this system is its simplicity. A 

simple chemical redox reaction allows the reduction of oxygen and the oxidation of hydrogen, 

allowing the safe conversion of chemical energy to electrical energy. The overall chemical 

reaction is shown in Equation (2.1): 

1

2
𝑂2 + 𝐻2  → 𝐻2𝑂   (2.1) 

The electrolyte must have high ionic conductivity and poor electronic conductivity. At the 

anode, the oxidation of hydrogen occurs, and at the cathode, the reduction of oxygen occurs. 

The electrons are led through an external circuit [34]. The type of electrolyte typically 

categorises FCs, as this defines the operating temperature, the types of ions conducted, and 

which fuel can be used for the FC. One example is the PEMFC, which conducts protons and is 

the most commonly used FC type. As fuel, only high-purity H2 without contaminating CO can 

be used. The operating temperature range is 70℃–110℃ [7].  

On the other hand, the operating temperature of an SOFC is between 600°C and 900°C, 

which means that it does not need a noble metal catalyst and can work with a wide variety of 

fuels, such as methane or hydrogen. The high temperature entails a slower start-up time 

compared to the PEMFC, but also increased corrosion of certain components [10, 22]. Given 

the slow start-up, the two technologies can be applied in various ways. While PEMFCs are 

considered mainly for mobile applications and transportation purposes, SOFCs are mainly 

considered for Auxiliary Power Units (APUs) in trucks, stationary applications such as back-

up power in data centres, and in CHP units in residential applications [34, 35]. The necessity 

to operate at high temperature also has some advantages, as the extra heat can be collected and 

used to heat hot water systems in building (for example), thereby increasing the overall 

efficiency. One advantage that SOFCs have over PEMFCs is their high-level efficiency. While 

PEMFCs achieve up to 50% efficiency [7], SOFCs reach efficiencies of >60% and have 

potential overall efficiencies of 90% if the system exploits the exhaust heat in CHP units [36]. 

The SOFC technology holds promise for the future as the system can be used in reverse 

mode, in the form of a Solid Oxide Electrolyser Cell (SOEC). The SOEC can produce green 

H2 as it emerges as the new sustainable fuel for the future and is attracting increasing interest 

from different fields worldwide. While this work focuses on SOFCs, most of the acquired 

knowledge is expected to be equally applicable to SOECs [37]. The SOFC will be described in 

more detail in the next section.  
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2.2 Solid Oxide Fuel Cell 
The SOFC is based on a ceramic electrolyte that is permeable to O2- ions. Figure 2a shows 

the working principle of an SOFC that uses H2 as the fuel. The oxidation of H2 into H2O occurs 

at the anode [Equation (2.2)]. The electrons set free during the oxidation are transferred through 

an external circuit to the cathode, where O2 is reduced to O2- [Equation (2.3)]. The O2- ions can 

then diffuse through the solid electrolyte to the anode, where they react with the protons and 

form water. When hydrogen is used as the fuel, the overall reaction is as shown in Equation 

(2.4). 

Oxidation reaction:            H2  + O2− → H2O + 2e−   (2.2) 

Reduction reaction:            
1

2
O2 + 2e−  → O2−  (2.3) 

Overall reaction:                 
1

2
O2 + H2  → H2O   (2.4) 

Because of thermodynamics limitations, one cell can deliver up to 1.2 V [38]. Therefore, 

multiple cells have to be stacked and electrically connected in series with interconnects to form 

an FC stack (Figure 2b). Due to the high operating temperatures, all the components must have 

a similar Thermal Expansion Coefficient (TEC), to avoid thermal stresses during start-up and 

shut-down. 

 

Figure 2: Solid oxide fuel cell: a) Operating principle; and b) Fuel cell stack. Based on [39] 
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2.2.1 Cathode  

 

The cathode must be stable at high temperatures and in oxidising atmospheres. The material 

must be porous to allow a good gas flow and have high electron conductivity to maintain good 

catalytic activity for oxygen reduction [Equation (2.3)] [40]. A frequently used cathode 

material is Sr-doped LaMnO3
 (LSM). The addition of Yttria-stabilised zirconia (YSZ) 

increases the oxygen ion conductivity [41, 42]. The most commonly used cathode material in 

Intermediate-Temperature Solid Oxide Fuel Cells (IT-SOFCs) is (La,Sr)(Co,Fe)O3 (LSCF) 

[43, 44]. 

 

2.2.2 Electrolyte  

 

The electrolyte must be stable in both anode and cathode atmosphere and have sufficiently 

high ionic conductivity (>0.05 S∙cm-1) and low electron conductivity. Moreover, the material 

must be shaped into a thin, strong film that allows no gas leaks. Commonly used electrolyte 

material at high temperatures is Yttria-stabilised zirconia (YSZ) (>700°C). It has been 

suggested that zirconia (ZrO2) doped with 8-10 mol% yttria (Y2O3) is the optimal option for 

ion conduction [7]. For applications at lower temperatures, Gadolinia-doped ceria (GDC) is a 

popular electrolyte which display higher conductivity (two order of magnitude) than YSZ. 

However, GDC has a higher electronic conductivity at lower oxygen pressures (anode side), 

leading to higher leakage current decreasing the power output [45]. 

 

2.2.3 Anode  

 

Similar to the cathode, the anode materials must be stable at high temperatures. However, 

in contrast to the cathode material, the anode materials must be stable also in reducing 

atmospheres. The material also needs to be a good electron conductor, exhibit good catalytic 

properties for oxidation of the fuel [see Equation (2.2)], and be porous to allow sufficient gas 

flow. A common anode material used is a porous cermet (ceramic-metallic composite) that 

consists of a mixture of nickel and YSZ (Ni-YSZ) [46]. This mixture of the electrolyte material 

and a material with high electron conductivity, allows for a good TEC match between the anode 

and electrolyte and ensures pore formation [47]. 

 

2.2.4 Interconnect 

 

The interconnects (bipolar plates) connect single cells to form an FC stack (Figure 2b). Their 

main functions are to connect electrically the anode to the cathode of the neighbouring cell, 

and to separate the anode and cathode gases. Interconnects need to exhibit high electronic 

conductivity, low ionic conductivity, high mechanical strength, high thermal conductivity, and 

chemical stability regarding other cell components and in reducing and oxidising atmospheres 

[48].  

 

In the past, efforts to develop interconnects primarily focused on ceramic oxides with a 



8 

 

perovskite structure as the interconnect material. Only a few oxides, e.g., lanthanum chromite 

(LaCrO3), satisfied the rigorous requirements. However, these oxides are all very costly and 

have several disadvantages, such as low formability. 

 

Due to a decrease in the operating temperature from 1,000°C to <800°C, as a result of 

improvements in electrolytes and electrode materials, current research is focusing on metallic 

interconnects instead of ceramic interconnects. Several candidates have been studied, but FSS 

with a chromium content in the range of 16%–22% are the most commonly used. The 

chromium oxide (Cr2O3) layer formed at high temperature is a protective oxide. The protective 

oxide property of Cr2O3 ensures sufficient corrosion resistance for the FSS at the operating 

temperature. The semiconducting property allows for sufficiently high electrically conductivity 

of the interconnect at the operating temperature. Besides the above-mentioned required 

properties, metallic interconnects are easier to shape, have good workability, and are cheaper 

than ceramic interconnects.  

 

2.3 Oxidation of Metals 
When most metals, are exposed to oxygen-containing atmospheres, oxidation phenomena 

occur, according to Equation (2.5): 

 

xM(s) +
𝑦

2
𝑂2(g) ↔ 𝑀𝑥O𝑦(s)   (2.5) 

  

The metallic surface will almost instantly be covered by an oxide layer (metal oxide) that 

prevents direct metal-oxygen contact. For further metal oxidation to occur, one of the reactants, 

the metal or oxygen, must diffuse through the oxide scale. Usually, both phenomena happen 

simultaneously, although one is dominant. The speed with which a metal can oxidise is often 

determined by the rate at which ions can diffuse through the oxide scale. 

 

2.3.1 Thermodynamics  

 

To determine if a metal is stable under certain conditions, e.g., temperature, atmosphere, 

etc., the Gibbs free energy of a system can be calculated according to Equation (2.6): 

 

𝐺 = 𝐻 − 𝑇𝑆 (2.6) 

 

where G is the Gibbs free energy, H is the enthalpy, T is the temperature, and S represents the 

entropy.  

For systems with ΔG < 0, the reaction is spontaneous, whereas systems with ΔG = 0 are in 

equilibrium, and the reaction is thermodynamically impossible for systems with ΔG > 0. When 

a metal oxidises, three phases are essential: the metal, the metal oxide, and the gas phase. To 

predict whether a metal will oxidise, Equation (2.7) can be used: 
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ΔG = Δ𝐺0 + 𝑅𝑇 ln
𝑎

(𝑀𝑥𝑂𝑦)(𝑠)

𝑎𝑀(𝑠)
𝑥  × 𝑎𝑂2(𝑔)

𝑦
2

  (2.7) 

 

where 𝛥𝐺0 is the change in Gibbs free energy under standard conditions, R is the gas constant, 

T is the absolute temperature, and ax is the thermodynamic activity of a species z. The activity 

for a pure solid can be approximated to 1, while for a gas, the activity can be assumed to be 

equivalent to the partial pressure (pO2). Thus, the Gibbs free energy at a specific temperature 

can be expressed as a function of the oxygen partial pressure, according to Equation (2.8): 

 

ΔG = Δ𝐺0 + RT ln
1

𝑝𝑂2

𝑦
2

  (2.8) 

 

As per Equation (2.8), two parameters allow the determination of whether a metal or an oxide 

is stable under certain conditions: the temperature T; and the oxygen partial pressure pO2. The 

domain of stability of metal oxides at different temperatures and at different partial pressures 

are shown in the Ellingham diagram (Figure 3) [49].  

 

Thermodynamics show if the formation of corrosion products is energetically favoured, 

following the chemical reaction: A (in alloy) + BO → AO + B (in alloy). Thermodynamics can 

be considered as the driving force for the degradation of metals and alloys in corrosive 

atmospheres. Alloys are composed of more than one metal or non-metallic elements (carbon 

in the case of steels) that are not stable in a reactive gaseous atmosphere.  
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Figure 3: Ellingham diagram for the selected oxides [50, 51]. 

 

2.3.2 Kinetics  

 

Kinetics are used to understand the reaction mechanism and determine the reaction’s rate-

limiting step. There are three different ways to analyse the rate of metal oxidation, and these 

entail measuring: (a) how much metal was consumed; (b) how much oxygen was consumed; 

and (c) how much oxide was formed. The latter is the most commonly used technique because 

it is experimentally straight-forward to measure the mass gain of the sample. 

To evaluate the kinetics, different rate laws can be formulated. The three most widely used are: 

(a) linear law; (b) logarithmic law; and (c) parabolic law (Figure 4). That being said, not all 

reactions follow these laws, and deviations or a mixture of different rate laws are common. 

Nevertheless, the rate laws can give some information about the protective behaviour of an 

oxide layer [49]. 
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Figure 4: Typical metal oxidation regimes. 

2.3.2.1 Linear Rate Law  

 

When the mass gain as a function of time is increasing linearly, it can be described according 

to Equation (2.9):  

 

𝛥𝑚 =  𝑘𝑙𝑡 + 𝐶 (2.9) 

where 𝛥𝑚 is the mass change, 𝑘l is the linear rate constant, t is the exposure time, and C is an 

integer. This behaviour is commonly seen under conditions where surface or phase-boundary 

processes are the rate-determining steps. This phenomenon is observed if the oxide scale is 

porous or very thin. A linear mass gain behaviour may also be observed if the thickness of the 

protective layer is constant [50]. 

 

2.3.2.2 Logarithmic Rate Law 

 

When the mass gain as a function of time is behaving logarithmically, it can be described 

according to Equation (2.10):  

 

𝛥𝑚 =  𝑘𝑙𝑜𝑔 log(𝑡 +  𝑡0)  + 𝐶  (2.10) 
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where 𝛥𝑚 is the mass change, 𝑘𝑙𝑜𝑔 is the logarithmic rate constant, t is the exposure time, and 

C is an integer.  

This rate law is observed at low temperatures (< 400°C) and for very thin oxide layers (up to 

4 nm in thickness). The rate-determining step for this rate law is not yet fully understood. 

Different hypotheses have been proposed, such as the transport of electrons from the metal to 

the oxide-gas interface through quantum mechanical tunnelling through the oxide layer. This 

mechanism is only possible for thin oxide scales [50]. 

 

2.3.2.3 Parabolic Rate Law 

 

Parabolic behaviour is usually associated with Carl Wagner’s oxidation model for parabolic 

rate growth [52]. When the mass gain as a function of the time is parabolic it can be described 

using Equation (2.11): 

 

𝛥𝑚2  =  𝑘𝑝𝑡 + 𝐶   (2.11) 

 

where 𝛥𝑚 is the mass gain, 𝑘𝑝 is the parabolic rate constant, t is the exposure time, and C is an 

integer. This behaviour is observed when solid-state diffusion transport of the reactants or 

electrons through the oxide scale (lattice transport) is the rate-determining step. Carl Wagner 

assumed that: 

- the scale is continuous, dense, and well-adherent;  

- the composition of the oxide is constant throughout the scale; 

- the scale growth is driven by solid-state diffusion; 

- thermodynamic equilibrium exists at the oxide/gas interface and the metal/oxide 

interface; and 

- oxygen solubility in the metal is negligible.  

The thicker the oxide layer, the slower the diffusion through the scale. The resulting oxide 

scales are often described as protective oxide scales [20]. 
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2.3.2.4 Break-away oxidation 

 

Break-away oxidation refers to a specific and rapid mass gain behaviour. Break-away 

oxidation is frequently observed when a protective oxide scale is transformed into a non-

protective oxide scale. There are two main reasons why this happens: 

a) Mechanically induced chemical failure (MICF) 

b) Intrinsic chemical failure (InCF) 

In the case of MICF, the oxide scale reaches a critical thickness, at which point cracking, the 

rupturing of the oxide, or even spallation reduces the thickness of the protective layer. This 

leads to direct contact between the substrate and the oxygen. Three outcomes are possible: 

1) If the cracks and rupture formation stay below a critical value and the protecting oxide-

forming element, e.g., Cr or Al, is not depleted, a continuous protective oxide scale 

forms (self-healing) [53]. 

2) If the substrate is locally depleted of the protective oxide-forming element, e.g., Cr or 

Al, a non-protective, fast-growing Fe-rich oxide forms [54].   

3) If the rates of cracking and rupturing are high, a non-protective oxide scale can form 

even if the substrate is not depleted of the protective oxide-forming elements. 

 

In the case of InCF, an element that forms the protective oxide scale is depleted in the alloy, 

e.g., the depletion of Cr. The formation of a protective oxide is then thermodynamically less-

favourable, so a non-protective, fast-growing oxide (e.g., Fe-rich oxide) may form [53]. 

2.3.3 Oxide Scale Growth  

 

The growth of an oxide layer follows three distinct steps, as depicted in Figure 5. 

 

 
Figure 5: Oxidation steps on a metal substrate [50]: 1) O2

 adsorption; 2) Oxide nucleation; 3) 

Continuous oxide scale growth. 

In Step 1, oxygen molecules from the atmosphere are adsorbed onto the metal surface, thereby 

creating a charge transfer and forming O2- and Mn+. During Step 2, the formation of metal oxide 

nuclei occurs at the metal surface. The growth of the metal oxide proceeds until a continuous 

layer covers the entire surface (Step 3). Once formation of the continuous layer is completed, 

solid-state diffusion through the oxide scale is required for further oxidation. Protective oxide 

scales, such as Cr2O3, are distinguished by their low porosity, and low ion diffusivity. All of 

these properties support a slow-growing oxide scale. At high temperatures, the first two steps 
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happen very rapidly, and the third step is considered the rate-determining step for continued 

scale growth [20]. 

 

2.3.4 Defects in Oxide Scales 

 

Depending on the type of ionic diffusion process occurring in the scale, the oxide growth 

direction will be either inwards or outwards. If oxygen diffusion predominates the oxide will 

grow inwards. However, if the diffusion is dominated by metal ion transport, the scale will 

grow outwards. The different ways in which an oxide can grow are depicted in Figure 6. The 

types of defects in oxide crystals determine the dominant mode of transportation, e.g., anionic 

or cationic. Oxide crystals consist of an ordered array of cations and anions. However, due to 

different factors, oxide crystals contain defects of various types depending on the elements that 

they contain. The defect structure depends on the temperature, the oxygen partial pressure, and 

the energy of formation of a specific defect in a lattice [55]. Oxides are classified according to 

the electrical charge that is transported. If an oxide carries an electrical charge through electrons 

in the conduction band, it is an n-Type oxide. Conversely, if an oxide carries an electrical charge 

through electron holes in the valence band, it is a p-Type oxide [20]. 

 

 

Figure 6: Simplified model of diffusion-controlled oxidation in a metal oxide. Adapted from [56]. 

The n-Type oxides are divided into two groups: 

 

1) Metal excess oxides: contain interstitial cations in the lattice, balanced out by an equal 

number of electrons in the conduction band. Cations are transported through the lattice 

by hopping from interstitial sites. 

2) Oxygen vacancies oxides: contain anion vacancies, which result in positive charges that 

are compensated by conduction band electrons [20, 50]. 
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The p-Type oxides are also divided into two groups: 

 

1) Oxygen excess oxides: contain interstitial anions in the lattice balanced out by electron 

holes in the valence band. Excess ions can diffuse through the oxide by changing 

interstitial sites. 

2) Metal vacancies oxides: contain cation vacancies that result in negative charges that are 

compensated by electron holes in the valence band. Ion vacancies can also diffuse in 

the lattice, leading to the conduction of the vacant ions species [20, 50]. 

 

2.3.5 Chromium(VI) Evaporation 

 

Cr-containing alloys are design to form a protective, slow-growing, and dense Cr2O3 layer 

when exposed to high temperatures. Nonetheless, in certain atmospheres, other volatile Cr 

species can form. In a dry atmosphere, gaseous CrO3 will be formed according to Equation 

(2.12): 

 

Cr2O3(s) + 1.5 O2 (g) → 2 CrO3 (g)  (2.12) 

 

The requirements for significant CrO3 formation are: high temperature (T ̴ 1,000℃), and high 

O2 partial pressure [50]. 

 

Another volatile Cr-species, CrO2(OH)2, will form in water vapour-containing atmospheres. 

Several authors [57, 58] have reported that CrO2(OH)2 is the most-abundant volatile Cr species 

in the air when water vapour is present even in small amount. CrO2(OH)2 is formed according 

to Equation (2.13): 

 

Cr2O3(s) + 2 H2O + 1.5 O2(g) → 2 CrO2(OH)2 (g)  (2.13) 

 

Furthermore, the rate of Cr evaporation is dependent upon the gas flow. Figure 7 shows the 

effect of the gas flow on the Cr evaporation of an FSS that contains 21 wt% Cr (Sanergy HT) 

at 850°C in air with 3% H2O vapour. At low flow rates, the Cr evaporation is proportional to 

the rate flow, whereas a plateau appears at a higher flow rate (≈ 6,000 sml∙min-1). In this range, 

the Cr evaporation is independent of the air-flow rate [60]. 
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Figure 7: Rate of Cr vaporisation as a function of the gas flow rate at 850°C in air + 3% H2O on the 

Sanergy HT substrate. Source: [60].  
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2.4 Corrosion of Interconnects 
Interconnects are an essential part of every FC stack, as they connect electrically the cells 

within a stack. When exposed to high temperatures, interconnects are expected to form a 

protective oxide layer, i.e., Cr2O3. While alloys that form an Al2O3 layer would be the best 

candidates due to the presence of an adherent and dense oxide, their insulating properties 

exclude them from being used. On the other hand, Cr2O3-forming alloys suffer from continuous 

Cr(VI) evaporation, although the semi-conductive behaviour of the chromia makes it the best 

candidate for interconnects. Most researchers are, therefore, focusing on chromia-forming 

steels. 

 

2.4.1 Stainless steels 

 

Different types of stainless steel exist, and they are classified according to their crystalline 

structure. The most common types are ferritic and austenitic stainless steels. Their crystal 

structure is depicted in Figure 8. Their respective TEC is between 11.5∙10-6 K-1 and 14∙10-6 K-

1 for ferrite and 18∙10-6 K-1 and 20∙10-6 K-1 for austenite. Because of the TEC of ferrite matches 

better the other components of the fuel cell (10 - 12.5∙10-6 K-1), research have mainly focused 

on ferritic stainless steels [48, 61]. 

 

1) Ferritic stainless steels, which have a crystalline body-centred cubic (BCC) structure 

(see Figure 8a). 

2) Austenitic stainless steels, which have a crystalline face-centred cubic (FCC) structure 

(see Figure 8b). 

 

 
Figure 8: Schematic of the: a) body-centred cubic; and b) faced-centred cubic crystalline structures. 

Current state-of-the-art interconnect materials are Ferritic Stainless Steel (FSS). Yet, these 

interconnects deteriorate over time due to the harsh conditions that prevail during FC operation. 

 

2.4.2 Ferritic Stainless Steels as Interconnects  

 

FSS are the most common choice of interconnect material due to their TEC, which matches the 
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TEC values of the other parts of the FC, especially the anode, more closely than the TEC values 

of the austenitic stainless steels [48, 62]. FSS commonly contain between 10% and 26% Cr. A 

Cr content of 13% is necessary to retain the ferritic structure at all temperatures (Figure 9). The 

most-suitable forms are steels with more than 16% Cr. A too-high Cr content in the alloy 

increases the risk for the formation of a brittle σ-phase or the depletion of Cr from the steel 

[63]. 

 

 
 

Figure 9: Binary-phase Fe-Cr diagram taken from [64]. α-Fe and δ-Fe have a BCC crystalline 

structure, i.e., ferritic phase, and γ-Fe has an FCC crystalline structure, i.e., austenitic phase. 

Specific alloys have been developed for use as interconnects, e.g., Crofer 22 APU, Crofer 22 

H, and Sanergy HT. These alloys have a Cr content of at least 21%, as well as other alloying 

elements such as Mn and reactive elements, which are added to avoid specific issues [65], as 

will be discussed later in the thesis. These alloys are specifically designed for use as 

interconnects in FCs, so they are relatively expensive. Therefore, cheaper materials are being 

investigated, for example, AISI 441 and AISI 430 with Cr contents in the range of 16%–20% 

[61, 65-68]. These alloys are best-suited for lower SOFC operating temperatures (600°C–

700°C), since at higher temperatures, the Cr content might not be sufficient [66, 69]. The 

following different alloying elements are often found in the chemical compositions of 

interconnect materials, and their benefits are discussed. 

 

2.4.2.1 Mn to reduce Cr(VI) evaporation 

 

Different issues during FC operation are linked to Cr evaporating from the interconnect: (a) 

Cr-deficiency in the interconnect; and (b) Cr-poisoning of the cathode. Adding small amounts 

of manganese (up to 0.5 wt%) as an alloying element can help to reduce Cr(VI) evaporation by 
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a factor of 2–3. This addition results in the formation of a (Cr,Mn)3O4 top layer with a 

continuously growing Cr2O3 layer underneath [65, 70]. Nevertheless, coatings will be used to 

further mitigate the Cr evaporation. 

2.4.2.2 Other alloying elements (Si, Nb, Mo or W and Ti) 

 

Silicon is a remnant product of stainless steel manufacturing process. However, in the 

context of the use of such stainless steels as interconnects, it could be an issue if a continuous 

SiO2 scale forms. This scale acts as an insulator and, thus, leads to a significant increase in 

electrical resistance, which is detrimental for interconnects. Si has also been reported to be 

detrimental for adhesion between the oxide scale and the metal and causes the Cr2O3 layer to 

spall off during thermal cycling [15]. Therefore, alloys that are designed specifically for use as 

interconnects either employ a specific vacuum induction melting process to avoid Si 

contamination or add other alloying elements to bind Si. Crofer 22 APU employs the first 

method, while Crofer 22 H and Sanergy HT use the latter approach of adding alloying elements 

such as Nb, Mo, and W, resulting in the formation of laves phases. These intermetallic 

precipitates, which consist of (Fe,Cr)2(Nb,W,Mo), have the positive side-effect of increasing 

the hardness and the creep strength of the steel [71, 72]. 

The presence of titanium (Ti) in the alloy will result in internal oxidation. This phenomenon 

can have a beneficial effect, as the internal oxide zone may strengthen the near-oxide scale area 

and prevent the oxide scale from buckling [73]. The presence of Ti in the alloy reduces the 

contact resistance of the oxide scale by doping the Cr2O3 scale [74]. This doping effect also 

increases Cr diffusion, which results in increased growth of the chromia scale [74]. If the 

concentration of Ti is too high, spallation of the scale may occur [73].  

2.4.2.3 Reactive elements (Ce, Hf, La, and Y) 

 

Reactive elements (REs), such as Ce, Hf, La, and Y, are known to be highly beneficial for 

the overall oxidation behaviour of the alloy [75-77]. The most-common effects of the reactive 

elements are: 

- Increased oxide-scale adhesion and increased resistance to spallation, 

- Decreased oxide scale growth, 

- Modification of the growth mechanism of the oxide scale, 

- Selective oxidation of the alloy. 

The mechanisms through which REs work are not fully understood. Nevertheless, there is a 

general consensus that the addition of REs changes the growth mechanism of the oxide scale. 

The most common theory suggests that non-doped Cr2O3 growth is due to predominant outward 

diffusion of the metal cations. However, when the Cr2O3 scale is doped with an RE, the outward 

diffusion of the metal cations is inhibited by the segregation of the RE at the grain boundaries. 

Consequently, the low flux of oxygen ions becomes the predominant mechanism. The growth 

mechanism shifts from predominantly outward diffusion of Cr ions to inward diffusion of 

oxygen ions, which slows oxide scale growth and improves oxide scale adhesion [78-82]. 
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Specific alloys, such as Crofer 22 H, Crofer 22 APU, and Sanergy HT, have REs incorporated 

into the bulk during the manufacturing process. However, this incorporation increases the 

overall production cost. An alternative way of adding REs is through coating [67, 83]. Although 

coatings with REs improve oxidation resistance, Cr evaporation is not reduced [67]. Therefore, 

RE coatings must be combined with a second coating that mitigates Cr evaporation, such as a 

Co-Mn spinel or a metallic Co [84, 85]. 

2.4.3 Coatings to Mitigate Cr(VI) Evaporation 

 

Adding alloying elements to the steel only has a limited effect on these degradation 

mechanisms. Therefore, additional protection is needed. Nowadays, coatings are commonly 

used to reduce Cr(VI) evaporation. Those coatings can be applied to the steel using different 

techniques, such as spray-drying, dip-coating, screen printing, aerosol spray deposition, plasma 

spraying, and PVD [86-89]. 

The main types of coatings are: 

a) Perovskite-type coatings: possess high electrical conductivity and good compatibility 

with the other FC parts [90]. However, a thick coating is required to decrease the 

oxidation rate significantly, and the adhesion of the coating to the substrate is often 

poor. In addition, the extent of mitigation of Cr evaporation by a perovskite-type 

coating is limited [14, 91, 92]. 

 

b) Spinel-type coatings: the most-often used coating type, as it shows very high efficiency 

in mitigating Cr evaporation. The spinel coating MnCo-oxide (MCO) offers good Cr 

retention [16, 17] and high electrical conductivity [23].  

Besides applying the oxide coating directly, a conversion coating route can be utilised [18]. 

For this technique, the alloy is coated with a metal, such as Co or Cu, which is then oxidised at 

a high temperature to form the corresponding metal oxide. For example, to achieve the MCO 

coating via the conversion coating route, Co is first oxidised to Co3O4 and then enriched with 

Mn through outward diffusion of Mn from the steel substrate [18, 67]. The advantages of 

conversion coatings are that thin and dense coatings can be achieved. The process is highly 

cost-effective because large-scale, roll-to-roll coating applications are possible. It has been 

shown that REs can also be good coating materials, since they decrease the oxide scale growth 

rate and improve scale adherence [75, 93]. Ce/Co coating combines the positive effects of 

MCO conversion coatings and RE coatings. Today, a 10-nm-thick Ce coating underneath a 

600-nm-thick Co coating is considered the state-of-the-art coating arrangement [84, 94, 95]. 

2.4.4 Electrical Conductivity of Oxide Scales 

 

The main role of an interconnect is to electrically connect the cells within an FC stack. The 

growth of a poorly conducting oxide scale on the interconnect during operation significantly 

increases the overall resistance. To describe the electrical conductivity of an oxide, the sum of 

the conductivities of the electronic and ionic charge carriers is calculated according to Equation 

(2.14): 
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𝜎𝑡𝑜𝑡𝑎𝑙  =  𝜎𝑖𝑜𝑛𝑖𝑐  +  𝜎𝑒𝑙𝑒𝑐𝑡𝑟𝑜𝑛𝑖𝑐  (2.14) 

 

where 𝜎𝑡𝑜𝑡𝑎𝑙  is the electrical conductivity, 𝜎𝑖𝑜𝑛𝑖𝑐 and 𝜎𝑒𝑙𝑒𝑐𝑡𝑟𝑜𝑛𝑖𝑐 are the respective 

conductivities  and 𝜎𝑒𝑙𝑒𝑐𝑡𝑟𝑜𝑛𝑖𝑐 is defined as the sum of the conductivity of the electrons 𝜎𝑒 and 

holes 𝜎ℎ in Equation (2.15) [50]: 

𝜎𝑒𝑙𝑒𝑐𝑡𝑟𝑜𝑛𝑖𝑐 = 𝑒(𝑛𝑣𝑒  + 𝑝𝑣ℎ)  

(2.15) 

where n and p are the concentrations of electrons and holes, respectively, and 𝑣𝑒 and 𝑣ℎ are the 

electrons and hole mobilities, respectively [50]. In the same reasoning, 𝜎𝑖𝑜𝑛𝑖𝑐 is the sum of the 

anion (𝜎𝑎) and cation (𝜎𝑐) conductivities according to Equation (2.16): 

𝜎𝑖𝑜𝑛𝑖𝑐 =  𝜎𝑎  + 𝜎𝑐  (2.16) 

Both the mobility and the concentration terms are temperature-dependent. The mobility 𝑣𝑒 of 

electrons decreases with higher temperatures while the mobility of ions increases with higher 

temperatures. This leads to a positive temperature-dependency for the oxide as the increased 

charge carrier concentration and mobility of ions compensate for the decreased mobility of 

electrons. In the case of a metallic conductors, for which conductivity decreases with increasing 

temperature, the decreased mobility of electrons are not compensated by the increased charge 

carrier concentration, resulting in a decrease in conductivity [50].  

The temperature-dependence of the conductivity of oxide scales can also be expressed using 

the Arrhenius equation (2.17) [50]: 

𝜎 = 𝜎0 × exp (
−𝐸𝑎

𝑅 × 𝑇
)  (2.17) 

where 𝜎0 is a pre-exponential factor, R is the ideal gas constant, T is the absolute temperature, 

and Ea is the activation energy. 

Due to the complexity of the oxide scales, the overall conductivity is measured rather than the 

conductivity of one oxide. Usually, the resistance of an oxide scale is measured, which 

commonly is expressed as Area-Specific Resistance (ASR) and can be described according to 

Equation (2.18): 

𝐴𝑆𝑅 = 𝑅 × 𝐴  (2.18) 

where R is the resistance, and A is the area. R can also be expressed according to Equation 

(2.19): 

𝑅 =  
1

𝜎
 ×  

𝐿

𝐴
  (2.19) 

where 𝜎 is the conductivity, L is the oxide thickness, and A is the area. 
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2.4.4.1 Electrical conductivity of the chromia scale 

 

Since interconnects are mainly constructed of FSS, the electrical properties of the growing 

chromia scale have a major impact on the overall conductivity of the interconnect. Cr2O3 is 

known to be an intrinsic semiconductor at high temperatures (>1,000℃). However, it exhibits 

an extrinsic semiconductor behaviour at lower temperatures and relies mainly on dopants [96, 

97]. Below 1,000℃, chromia acts as a p-Type semiconductor, and its conductivity depends on 

the oxygen partial pressure [97]. Even though the primary doping mechanism for Cr2O3 is 

unclear, it has been shown to have a dual semiconductor behaviour, expressing n-Type and p-

Type semiconducting behaviours depending on the types of defects that it contains [98]. 

Researchers [98, 99] have attributed this dual semiconducting behaviour to the presence of an 

n-Type internal subscale and n-Type or p-Type outer scale at temperatures >800℃, depending 

on the oxygen partial pressure. 

 

2.4.4.2 Electrical conductivity of spinels 

 

As stated in Section 2.4.3, spinels are the primary coatings used in interconnects. Therefore, it 

is crucial to understand how electrons are transported in a spinel structure and which spinels 

are highly conductive. It is commonly believed that electrons jump from one octahedral site to 

another, and if cations of mixed-valence occupy the sites, the electrical conductivity is 

increased [23, 100]. This explains why Cr-containing spinels often exhibit high resistance 

because, in the spinel structure, the only possible valence of Cr is Cr3+, which tends to occupy 

the octahedral sites [101]. Petric et al. [23] conducted an extensive study of the conductivities 

of different spinels and discovered that spinels that contain Mn, Co or Cu have the highest 

conductivities.  

 

Table I: Specific conductivity values for different spinels measured at 800℃, except where 

noted. Source: [23]. The conductivities are given in S∙cm-1. 

 Mg Mn Co Ni Cu Zn 

Al 
MgAl2O4 

𝜎 = 10−6 

MnAl2O4 

𝜎 = 10−3 

CoAl2O4 

𝜎 = 10−5 

NiAl2O4 

𝜎 = 10−4 

CuAl2O4 

𝜎 = 0.05 

ZnAl2O4 

𝜎 = 10−6 

Cr 
MgCr2O4 

𝜎 = 0.02 

Mn1.2Cr1.8O4 

𝝈 = 𝟎. 𝟎𝟐 

CoCr2O4 

𝜎 = 7.4 

NiCr2O4 

𝜎 = 0.73 

CuCr2O4 

𝜎 = 0.40 

ZnCr2O4 

𝜎 = 0.01 

Mn 
MgMn2O4 

𝜎 = 0.97 

Mn3O4 

𝜎 = 0.10 

CoMn2O4 

𝜎 = 6.4 

NiMn2O4 

𝜎 = 1.4 

Cu1.3Mn1.7O4 

𝝈 = 𝟐𝟐𝟓 (𝟕𝟓𝟎℃) 
ZnMn2O4 

Fe 
MgFe2O4 

𝜎 = 0.08 

MnFe2O4 

𝜎 = 8.0 

CoFe2O4 

𝜎 = 0.93 

NiFe2O4 

𝜎 = 0.26 

CuFe2O4 

𝜎 = 9.1 

ZnFe2O4 

𝜎 = 0.07 

Co  
MnCo2O4 

𝝈 = 𝟔𝟎 

Co3O4 

𝝈 = 𝟔. 𝟕 
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2.4.5 Dual-Atmosphere Effect 

 

Under fuel cell conditions, interconnects are exposed to two different atmospheres in 

parallel (Figure 10). One side of the interconnect is exposed to air (air-side), while the other 

side is exposed to H2 (fuel-side).  

 

 

Figure 10: Interconnect exposed under dual-atmosphere conditions. 

Many studies [21, 27, 31, 32, 102, 103] have focused on the effect of the dual atmosphere 

on the corrosion behaviours of FFS interconnects.  Most of them have found increased 

corrosion on the air-side when hydrogen is used as the fuel. The effect of hydrogen is still 

unclear, and a lot of discrepancies have been noted. On the one hand, some studies of samples 

exposed to the dual atmosphere at high temperatures (around and above 800℃) have shown 

enrichment of Fe on the oxide scale [32] or the formation of thicker oxide scales [31]. On the 

other hand, studies [104, 105] have not observed significant anomalous oxidation of samples 

exposed to dual-atmosphere conditions at 800℃. Ardigo et al. [104] did not find Fe in the oxide 

scales, after 100 h of exposure at 800℃ in an O2-H2O atmosphere and observed instead a 

(Cr,Mn)3O4 spinel on top of a chromia scale. Kurokawa et al. [105] detected small quantities 

of Fe in the scale but did not observe break-away corrosion. 

The trend to lower the operational temperatures is expected to reduce material degradation, 

allowing for the use of cheaper materials. However, recent research has shown an increased 

dual-atmosphere effect at lower temperatures. Alnegren et al. [21, 26], who investigated the 

dual-atmosphere effects at lower temperatures, found an apparent effect of the dual atmosphere 

for samples exposed at 600℃. The samples were covered with Fe-rich nodules, while samples 

exposed at higher temperatures were protective. An increase of corrosion rate at low 

temperatures is also reported by several authors [61, 106, 107]. 

Those results indicate an inverse temperature effect, as described by Alnegren et al. [26], 

i.e., a more pronounced effect observed at lower temperatures than at high temperatures. It was 

suggested that the inverse temperature effect is due to a reduction of Cr diffusion from the bulk, 

causing a decrease in Cr at the metal/oxide interface and leading to the formation of break-

away oxidation.  

It is widely agreed that hydrogen diffuses through the steel substrate from the fuel-side and 

interferes with the oxidation process on the air-side. It has been shown that hydrogen diffuses 
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rapidly through steel sheets and that at 600℃, it has a permeation rate in the order of mm∙h-1 

[108]. Numerous hypotheses have been put forward for the mechanism underlying break-away 

oxidation. Some research groups [109, 110] have indicated that the formation of hydroxides in 

the oxide scale leads to the formation of hematite nodules (Figure 11) through accelerated 

diffusion of Fe ions. They have assumed that metal vacancies form to balance the positive 

charge created by substituting an oxygen anion with a hydroxide. This would increase the 

cation diffusivity. An alternative explanation is that deformation of the surface (during cold 

work) triggers the nucleation and growth of oxide phases and increases the outward diffusion 

of cations [111-113]. Rufner et al. [31] have suggested that alteration of the oxygen activity by 

hydrogen could be the reason for the dual-atmosphere effect. The formation of steam within 

the oxide scale, which forms pores at high pressure, could increase scale growth and increase 

the inward diffusion of oxygen. This hypothesis has also been put forward by Holcomb et al. 

[114].  

Gunduz et al. [29] discarded these hypotheses, instead it was concluded that hydrogen 

decreased the Cr diffusion at the grain boundaries, decreasing the Cr supply to the scale and 

thus promoting the formation of a non-protective Fe-based oxide scale. The beneficial effect 

of pre-oxidation was also demonstrated and believed to explain most of the discrepancy in the 

literature regarding the dual atmosphere effect [29]. 

 

 

Figure 11: Cross-section of a hematite nodule formed on the air-side of an AISI 430 foil after exposure 

to dual-atmosphere conditions at 600℃ for 336 h. 
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3 Materials and Methods 
 

3.1 Materials 
 

The compositions of the materials used in this work, together with their respective 

thicknesses, are listed in Table II, Table III and Table IV. 

 

Table II: Composition of AISI 441 substrate (in wt.%) as specified by the manufacturer, used 

in this work. 

Material Fe Cr C Mn Si Ni Ti Nb Al N P S 

AISI 441 
Bal. 17.53 0.016 0.40 0.59 0.15 0.172 0.41 0.007 0.015 0.024 < 0.001 

Batch: 89893 

Depending on the experiment, specific sample geometries were required, and different coatings 

were studied. All samples produced by PVD were coated by Sandvik Materials Technology 

AB [115]. The Thermal Spray (TS) coatings were produced by Kuopion Konepaja Oy. Before 

exposure, all materials were cleaned in an ultrasonic bath, using acetone and ethanol. 

 

Table III: Characteristics of the materials used in Manuscript I. The PVD coating was applied 

to sheets of the substrate, after which the samples were cut out of the steel sheets in the form 

of 1.5 cm × 1.5 cm coupons. TS coatings were applied on pre-cut steel sheet resulting in coated 

edges (see [95] for details). 

Material Thickness 
Deposition 

process 

Coating 

Inner Outer 

AISI 441 0.3 mm PVD 20 nm Ce 600 nm Cu 

AISI 441 0.3 mm PVD 20 nm Ce 600 nm Mn/Cu  

AISI 441 0.3 mm PVD 20 nm Ce 600 nm Co 

AISI 441 0.3 mm TS ̴ 10 μm Cu oxide 

AISI 441 0.3 mm TS ̴ 10 μm Mn/Cu oxide 

AISI 441 0.3 mm TS ̴ 10 μm Mn/Co oxide 

AISI 441 0.3 mm None Uncoated 
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Table IV: Characteristics of the materials used in Manuscript II. The coating was applied to 

sheets of the substrate, after which the samples were stamped out of the steel sheets in the form 

of Ø 21 mm coupons. 

Material Thickness 
Deposition 

process 

Coating 

Fuel-side Air-side 

AISI 441 0.2 mm PVD Al2O3 ( ̴ 500 nm) Uncoated 

AISI 441 0.2 mm PVD Al ( ̴ 1000 nm) Uncoated 

AISI 441 0.2 mm PVD Al ( ̴ 1000 nm) 10 nm Ce / 600 nm Co 

AISI 441 0.2 mm PVD Uncoated 10 nm Ce / 600 nm Co 

AISI 441 0.2 mm PVD Uncoated Uncoated 

 

The mass gain was recorded each week throughout the exposure in a separate experiment. The 

samples were weighed using a Mettler Toledo XP6 scale, which is accurate to one-tenth of a 

microgram. 

3.2 Single-atmosphere exposures 
 

The exposures were carried out in tubular furnaces (see Figure 12). The experimental set-

up used for tubular furnaces is shown in Figure 13. For Manuscript I, all the samples were 

exposed in a tubular furnace with a humid air-flow of 6 L∙min-1. Cross-sections were realized 

using a Broad Ion Beam (BIB) and characterized using scanning electron microscopy/energy-

dispersive x-ray spectroscopy (SEM/EDS). ASR measurements were carried out to determine 

the resistance of the sample. 

 

Figure 12: Experimental setup used for single-atmosphere exposures and Cr(VI) evaporation 

measurements. Taken from [116]. 
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3.2.1 Cr(VI) evaporation measurements 

 

Cr(VI) evaporation is a major issue for the life-span of an SOFC. The emission of Cr6+ 

species is poisonous for the cathode, reducing its catalytic activities. Therefore, it is necessary 

to quantify the level of Cr(VI) evaporation of a potential interconnect material. Froitzheim et 

al. [60] have developed a technique to measure Cr evaporation in situ. A denuder tube coated 

with Na2CO3 is placed downstream of the samples. The CrO2(OH)2 species evaporating from 

the samples will react with Na2CO3 in the denuder, to form the thermally stable Na2CrO4. The 

chromate is then dissolved in water and the concentration of Cr(VI) is determined by UV-VIS 

spectrophotometry. The chemical reaction upon which this measurement is based on is shown 

in Equation (3.1): 

𝐶𝑟𝑂2(𝑂𝐻)2(𝑔) + 𝑁𝑎2𝐶𝑂3 (𝑠) → 𝑁𝑎2𝐶𝑟𝑂4 (𝑠) + 𝐻2𝑂 (𝑔) + 𝐶𝑂2 (𝑔)  (3.1) 

The coated denuders (see Figure 13) were exchanged regularly during the exposure and rinsed 

with distilled water. The absorbance of the resulting solution was measured by UV-VIS 

spectrophotometry. As shown in Section 2.3.5, the formation of CrO2(OH)2 is dependent upon 

the water vapour concentration in air. Therefore, all the experiments were carried out in an air 

atmosphere that contained 3% H2O vapour, achieved by bubbling dried and cleaned air through 

a warm water bath connected to a condenser, which was set at 24.4 °C (see Figure 12). A high 

air-flow rate (6,000 sml∙min-1) was used, to ensure flow-independent Cr(VI) evaporation 

(Figure 7). 

 

 

Figure 13: Experimental set-up for tube furnace exposures and Cr(VI) evaporation measurements, 

based on Froitzheim et al. [60]. 
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3.3 Dual-atmosphere exposures 
 

Dual-atmosphere exposures were carried out to investigate the dual-atmosphere effect on 

novel coatings. The dual-atmosphere sample holder (shown in Figure 14) is based on a design 

from Montana State University, USA. More details of the design can be found elsewhere [27, 

31]. The sample holder contains six slots, with three on each side. Gold rings were used to 

ensure gas tightness, which was controlled before and after the exposure. The gas composition 

and flow rates are described in Figure 14. The humidity level of each gas stream was attained 

by bubbling the gas through water that was heated to 24.4°C, giving a controlled humidity of 

3%. All the dual-atmosphere exposures were conducted at 600°C. 

 

 

Figure 14: Sample holder for the apparatus used to assess the dual-atmosphere exposures. 

3.4 Characterization methods 
 

Different analytical methods were used to examine and characterize the sample and to 

evaluate the corrosion behaviour. These techniques are described in the following chapters. 

3.4.1 UV-VIS Spectrophotometry 

 

To quantify the amount of chromium that evaporated during high-temperature exposure, 

UV-VIS spectrophotometry was used. If a solution contains light-absorbing materials (in this 

work Cr6+) the intensity of the light passing through the solution will decrease. The Beer-

Lambert law [see Equation (3.2)] describes the relationship between absorbance A and the 

concentration of the light-absorbing species in the solution c: 

𝐴 = 𝑙𝑜𝑔
𝐼0

𝐼
= ελ × 𝑐 × 𝑙  (3.2) 
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where I0 is the initial light intensity, I is the light intensity after passing through the cuvette, 𝜀𝜆 

is the wavelength-dependent molar absorption coefficient, and l is the path length through the 

sample (thickness of the cuvette). 

One light-absorbing species is hexavalent Cr. Therefore, solutions that contain this Cr species 

can be easily analysed using UV-VIS, and their Cr contents can be derived. For these solutions, 

the maximum absorption is at a wavelength of 370 nm. Thus, all measurements were conducted 

at this wavelength. More details of the measurements can be found in the previous publication 

[117]. 

3.4.2 Broad Ion Beam Milling 

 

To obtain high quality cross-sections without impacting negatively the sample (and 

especially, the thin oxide scales), a Broad Ion Beam (BIB) mill was used. The working principle 

of this instrument involves bombardment of the sample with Ar ions. This removes the sample 

surface layer-by-layer (see Figure 15), while smoothing it out. This technique avoids the 

mechanical issues associated with using the classical polishing method. Prior to milling, the 

samples need to be prepared in three steps. First, the samples have to be cut in the middle, 

perpendicular to the rolling direction, to ensure that the cross-section is representative of the 

entire sample. Second, they need to be gold-coated to provide good contrast for SEM 

examination, and third, a silicon wafer is glued on top of the sample, to protect the oxide layer 

from the milling process. The Leica EM TIC 3X system was used for BIB milling, and a voltage 

of 8 keV was used.  

 

Figure 15: Schematic of the working of the BIB milling process at different time-points in the process. 

 

3.4.3 Scanning Electron Microscopy / Energy-Dispersive x-ray Spectroscopy 

 

SEM is a valuable tool for microstructural and morphological examinations. Compared to 

optical microscopy, SEM has a resolution in the nanometre range, which allows for a detailed 

analysis of the thin oxide layers that form on steel substrates during high-temperature 

exposures. In SEM, accelerated electrons interact with the surface of the sample. The nature of 

the resulting emissions depends on the energy released when the electrons in the sample are 

excited by an incoming electron beam (Figure 16). Different types of emissions can be analysed 

using various detectors. The three most commonly analysed emissions are: a) secondary 

electrons; b) back-scattered electrons; and c) x-ray radiation. Since these emissions have 

different energies, they can easily be detected separately by different detectors. The signals that 
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the detectors record generate an image of the sample surface. To understand the differences 

between the images created by the different detectors, it is essential to consider the interaction 

volume of each emission type (see Figure 16d) [118, 119]. All the listed signals were used in 

this work and are described in more detail below. 

3.4.3.1 Secondary Electrons 

 

Secondary electrons (SEs) are generated by the inelastic scattering of an incoming electron 

beam. The incoming accelerated electron ejects an electron from one shell of an atom (usually 

the K shell). The ejected electron is called a secondary electron (see Figure 16a). Due to their 

low energy (range, 1–20 eV), only the secondary electrons generated at the surface or close to 

the surface can be ejected from the material. They can resolve surface structures down to the 

order of 1 nm [118, 119]. 

 

3.4.3.2 Back-scattered Electrons 

 

Back-scattered electrons are an excellent source of both compositional and topographic 

information. They are generated by elastic scattering between an electron and an atomic 

nucleus (Figure 16b). Because they are highly energetic, their interaction volume is higher 

(Figure 16d) than the secondary electrons, resulting in a lower image resolution. For heavy 

atoms, the signal is brighter in comparison to that of the lighter atoms, yielding to chemical 

contrast. The energy for back-scattered electrons is higher (similar to the accelerating voltage) 

than that for secondary electrons (range, 1–20 eV) [118, 119]. 

 

3.4.3.3 Energy-Dispersive x-ray Spectroscopy 

 

Energy-Dispersive x-ray Spectroscopy (EDS) is used to obtain more-exact chemical 

information. For x-ray generation, the primary electron ejects an electron from the inner shell 

of an atom. An electron from an outer shell then relaxes into the void. This relaxation of the 

atom into the ground state leads to the emission of an x-ray photon (Figure 16c). The energy 

of the released x-ray photon is characteristic for each element. The x-ray radiation can penetrate 

much further into the sample than can secondary and back-scattered electrons, and the 

interaction volume for x-ray photons is more-substantial. However, the resolution is drastically 

reduced (see Figure 16d) [118, 119]. 

 

Figure 16: Schematic of the different SEM signals produced (a-c) and their interaction volumes (d) 

[118, 119]. 
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3.4.4 Transmission Electron Microscopy 
 

TEM [56] is a valuable tool for characterising the microstructure, chemical composition, 

and crystal structure of a sample at very high resolution. In contrast to SEM, the electrons 

penetrate through the sample. To be transparent to electrons, the sample must be extremely thin 

(usually 20–200 nm in thickness). TEM operates at a very high acceleration voltage (usually 

200–300 kV). If the sample is crystalline, the incoming electrons are diffracted by planes of 

atoms inside the material, forming a transmission electron diffractogram. Thus, the crystalline 

structure of a compound can be identified [118, 120]. The TEM analysis was performed by Dr. 

Vijayshankar Asokan using the FEI Titan 800-300 apparatus equipped with the Oxford X-sight 

EDS detector. Images were acquired in scanning TEM mode using a High-Angle Annular 

Dark-field (HAADF) detector. 

 

3.4.5 X-Ray Diffraction  

 

X-ray diffraction is a technique that is commonly used to characterize the crystal structure 

of a crystallized material. An incoming monochromatic X-ray beam, in this study (CuKα), is 

diffracted from the different lattice planes of a crystal. Diffraction phenomena occur if the 

incident beam’s wavelength has the same order of magnitude as the inter-atomic spacing of the 

examined crystal. The diffraction occurs only at specific angles and only if constructive 

interferences are achieved. These properties are given when the Bragg equation [Equation 

(3.3)] is fulfilled [121].  

 

𝑛λ = 2𝑑ℎ𝑘𝑙𝑠𝑖𝑛𝜃ℎ𝑘𝑙    (3.3)  

 

where n is an integer, λ is the wavelength, hkl are the Miller’s indices, 𝑑ℎ𝑘𝑙 is the lattice plane 

spacing, and 𝜃ℎ𝑘𝑙 is the lattice plane. The Bragg equation represents the relationship between 

the lattice plane spacing, 𝑑ℎ𝑘𝑙, and the angle at which the incoming X-ray beam meets the lattice 

plane 𝜃ℎ𝑘𝑙 (see Figure 17).  

 

 

Figure 17: Schematic of: a) Bragg’s law; and b) Bragg-Brentano geometry. 
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3.4.6 Area-Specific Resistance 

 

ASR measurements were carried out in Manuscripts I and II to measure the resistance levels 

of the coatings, in both humid air (for Manuscript I) and humid H2 (for Manuscript II). The 

measurements were exclusively performed ex situ, given that in situ measurements are 

problematic due to an effect of the Pt electrode on the overall resistance of the sample, as shown 

by Grolig et al. [122, 123]. The standard procedure to measure the ASR of an exposed samples 

is to sputter a Pt electrode of area 1 cm2 onto the sample using a Quorom 150 sputter coater. 

Thereafter, the sputtered area is painted with a Pt-paste (Metalor 6926), dried at 150°C for 

15 min, and sintered at the exposure temperature for 1 h, as described in Scenario (a) in Figure 

18.  

 

In Manuscript I, owing to poor adhesion of the Pt to the Cu oxide scales, an Au electrode 

was sputtered according to Scenario (b) in Figure 18. To ensure optimal contact between the 

Pt electrode of the experimental set-up and the sample, an approximately 400-nm Au electrode 

was sputtered onto the sample. 

In Manuscript II, the sputtered electrode was composed of Pt. For experimental reasons, the 

sintering of Pt-paste could not be realised. An approximately 400-nm Pt electrode was 

sputtered instead, as described in Scenario (c) in Figure 18. 

 

The NorEC Probostat (Norway) combined with the Keithley 2400 source meter was used for 

four-point probe measurements in DC mode (see Figure 19). A current of 100 mA was chosen 

for all the measurements. ASR was measured at the exposure temperature and during the 

cooling period, to verify the semiconductive behaviour. More details of the procedure and 

experimental set-up can be found elsewhere [122, 123]. 
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Figure 18: Schematic of the electrode preparation process [122]. 

 

Figure 19: ASR experimental set-up with: a) the mounted sample; b) the Probostat top; and c) the entire 

set-up. 
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4 Results and Discussion 
 

4.1 Investigation of the efficiencies of Co-based and Cu-based 

coatings for IT-SOFC applications using different deposition 

processes 
 

For the SOFC technology to be successful, two main challenges must be overcome: a) the 

long-term stability of the system; and b) the material cost. As stated in Section 2.4, the choice 

of interconnect material strongly influences these factors. Cr(VI) evaporation from the steels 

and the use of cheap stainless steels, such as AISI 441, may lead to shorter material life-spans 

but are more cost-effective and they undergo severe corrosion when exposed to high 

temperatures and humid atmospheres. One strategy to overcome these problems is the use of 

coatings. Among the state-of-the-art coatings is a Ce/Co coating [84, 124]. Copper-based 

coatings are investigated to decrease further the cost. Copper is seven times cheaper than cobalt 

(10 USD/kg for Cu vs. 70 USD/kg for Co).    

 

4.1.1 Cr(VI) mitigation analysis 
 

 Compared to uncoated samples, coated samples showed a much lower level of Cr(VI) 

evaporation throughout the exposure (see Figure 20). The uncoated samples displayed a high 

Cr(VI) evaporation level, which agrees with the previous findings  of Falk-Windisch et al. [84].  

On average, PVD Ce/Cu-coated and Ce/MnCu-coated samples exhibited equivalent levels 

of Cr(VI) evaporation. In contrast, the state-of-the-art Ce/Co coating displayed a slightly lower 

Cr(VI) evaporation level. This difference should not be over-interpreted, as all of the values 

are extremely low.  

TS Cu-coated samples, TS Mn/Cu-coated samples, and TS MCO-coated samples displayed 

similar Cr(VI) evaporation rates after 1,000 h of exposure to humid air, compared to the PVD 

coatings. The TS coatings appear to exhibit lower Cr(VI) evaporation level than PVD coatings. 

However, in this comparison one has to take into consideration that the TS coatings have coated 

edges while the PVD coated samples have uncoated edges.   

To allow for a direct comparison PVD Ce/Co-coated samples with coated edges were 

exposed to the same conditions. After 1,000 h of exposure at 650℃ in humid air, the PVD 

Ce/Co-coated samples with coated edges displayed a similar Cr(VI) evaporation rate as the 

corresponding TS coatings. Reddy et al. [95] have reported similar results, in that they found 

much lower levels of Cr(VI) evaporation from Crofer 22 APU with coated edges when exposed 

at 800℃ in air + 3% H2O. PVD coatings seem to be as efficient as TS coatings when the edges 

are coated, while the coating thickness is 10-fold thinner for PVD coatings ( ̴ 1 μm for PVD 

compared to  ̴ 10 μm for TS). It is reasonable to assume that the slight difference in Cr(VI) 

evaporation level between the PVD and TS coated samples is also due to the thickness of the 

coatings, which are thicker for TS samples, thus further reducing the Cr evaporation rate. 
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Figure 20: Cumulative Cr evaporation as a function of time for the PVD Ce/Cu-coated samples 

(magenta circles), PVD Ce/MnCu-coated samples (brown circles), PVD Ce/Co-coated samples (blue 

circles), PVD Ce/Co-coated samples with coated edges (cyan circles), TS Cu-coated samples (red 

triangles), TS Mn/Cu-coated samples (open triangles), TS Mn/Co-coated samples (green triangles), 

and uncoated samples (black diamonds) that were exposed for 1,000 h at 650°C in air that contained 

3% water vapour. Error bars indicate the standard deviation.   
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4.1.2 Microstructural and chemical investigations 
 

4.1.2.1 PVD Ce/Co coating 

 

The PVD Ce/Co-coated sample cross-section, depicted in Figure 21, which was exposed for 

1,000 h in air + 3% water vapour, shows a top homogeneous (Co, Mn)3O4 spinel cap layer. A 

Cr2O3 layer is present closest to the metal, and is approximately 200 nm in thickness. At the 

(Co, Mn)3O4 / Cr2O3 interface, a very thin CeO2 layer is observed. A similar microstructure 

was observed by Falk-Windisch et al. [84]. REs have been described by Hou et al. [75] as being 

beneficial for Cr2O3-forming alloys in terms of lowering the Cr2O3 scale growth rate. A clear 

difference in chromia thickness has been observed between samples coated with a thin ceria 

layer and samples without an RE layer [16, 18, 84, 124].  

 

 

Figure 21: SEM-Back-scattered Electron (BSE) image of a BIB-milled cross-section of PVD Ce/Co-

coated 441 exposed for 1,000 h at 650℃ in air + 3% water vapour, together with the corresponding 

EDS analysis.  
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4.1.2.2 PVD Ce/Cu coating 

 

The SEM micrograph of the PVD Ce/Cu-coated sample (Figure 22a) depicts a thin and 

homogeneous oxide scale composed of three distinct layers. The top layer consists of a pure 

CuO scale, and this is followed by a (Cu,Cr,Mn,Fe)3O4 intermediate spinel, and  closest to the 

metal, a thin Cr2O3 layer is observed. At the chromia/spinel interface, a thin CeO2 layer is 

present. The number of pores within the top layer appears to be higher than for the Ce/Co-

coated samples, as previously described in Section 4.1.2.1. TEM analysis was performed on 

the homogeneous layer of the Ce/Cu-coated sample (Figure 22b). The EDS analysis showed 

the presence of a pure CuO top layer, with a thickness of roughly 1 μm, followed by a thin 

spinel layer ( ̴ 300 nm in thickness) with a predominance of Cu ( ̴ 40 cation%), Cr ( ̴ 30 

cation%), and Mn ( ̴ 20 cation%), but also containing a small quantity of Fe. Talic et al. [125] 

have suggested that there is faster diffusion of Cr when Cu is present within the spinel. This 

may explain the high concentration of Cr observed within the intermediate spinel. 

 

Figure 22: a) SEM-Back-scattered Electron (BSE) image of a BIB-milled cross-section of PVD Ce/Cu-

coated 441 exposed for 1,000 h at 650℃ in air + 3% water vapour. The corresponding EDS analysis 

represents the chemical analysis of the nodules. b) STEM analysis of the PVD Ce/Cu-coated sample of 

441 that was exposed at 650℃ in air + 3% H2O for 1,000 h.  
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4.1.2.3 PVD Ce/MnCu coating 

 

The analysis of the cross-section of the PVD Ce/MnCu-coated sample (Figure 23) reveals 

an oxide scale that comprises two microstructures. First, a homogeneous layer ( ̴ 1 μm in 

thickness) that is composed of a (Cu,Mn)3O4 top layer and, closest to the metal, a thin Cr2O3 

layer. Second, the nodules ( ̴ 10 μm in thickness), which seem to have grown beneath the 

protective cap layer through Fe diffusion. The nodules are more numerous than in the case of 

the Ce/Cu-coated samples. The EDS chemical analysis shows that the Fe-rich phase is 

sandwiched between two Cu-rich layers, while Mn is only present at the top of the oxide. This 

is believed to be due to the deposition process, i.e., co-deposition of Mn and Cu, which led to 

a non-homogeneous mixture of elements. Small amounts of Cr and Fe are observed in the top 

layer. The formed layers are continuous and dense, resulting in a low rate of Cr evaporation 

throughout the exposure. 

 

 

Figure 23: SEM-Back-scattered Electron (BSE) image of a BIB milled cross-section of PVD Ce/MnCu-

coated 441 that was exposed for 1,000 h at 650℃ in air + 3% water vapour. The corresponding EDS 

analysis represents the chemical analysis of the nodules. 
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4.1.2.4 TS Mn/Co coating 

 

The cross-section of the TS Mn/Co-coated sample (Figure 24) exhibits a 10 μm-thick (Mn, 

Co)3O4 spinel top layer. This corresponds to the initial coating thickness and composition when 

the coating has been sprayed onto the sample. After 1,000 h of exposure, no significant changes 

are observed. A thin chromia layer ( ̴ 200 nm in thickness) is present closest to the metal. The 

EDS analysis did not reveal any signs of Fe diffusion within the protective oxide scale. A 

similar microstructure has been observed by Molin et al. [126] for coated Crofer 22 APU. A 

thicker chromia scale is observed, which is attributed to the higher porosity of their coating 

compared to the TS Mn/Co coating used in this work. Compared to the PVD Ce/Co-coated 

sample, the lack of a CeO2 layer does not seem to impact negatively the oxide scale growth.  

 

 

 

Figure 24: BIB-milled cross-section of TS Mn/Co coated sample of 441 that was exposed at 650℃ in 

humid air for 1,000 h, together with the corresponding EDS analysis. 
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4.1.2.5 TS Cu coating 

 

The cross-section of the TS Cu-coated samples (see Figure 25) exhibits a thick protective 

CuO top layer ( ̴ 10 μm) corresponding to the initial thickness of the coating. Underneath, there 

is a thick Fe-rich layer ( ̴ 5 μm), which is followed by an (Fe,Cr)3O4 spinel and, lying closest 

to the metal, a thin chromia ( ̴  300 nm) layer. When compared to the PVD Ce/Cu-coated 

sample, it appears that the lack of a ceria layer promotes greater Fe ion diffusion. In this TS 

Cu-coated case, a thick Fe-rich layer has formed, while for the PVD Ce/Cu coating, there was 

a low level of Fe ion diffusion, which enriched the intermediate spinel. The higher porosity of 

the deposited coating could also explain the increased corrosion. The low level of Cr 

evaporation observed throughout the exposure is attributed to the thick oxide layers on top of 

the metal, which constitute a Cr barrier. 

 

 

Figure 25: BIB-milled cross-section of a TS Cu-coated sample of 441 that was exposed at 650℃ in 

humid air for 1,000 h, together with the corresponding EDS analysis. 
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4.1.2.6 TS Mn/Cu coating 

 

Microstructural analysis of the cross-section of the TS Mn/Cu-coated samples (see Figure 

26) reveals a six-layer microstructure. The top layer comprises a CuO oxide layer, and 

underneath, a (Cu, Mn)3O4 layer and an Mn-rich layer are present. These three layers probably 

constitute the original coating. Beneath the top three layers, the cross-section shows the 

corrosion products: an iron-rich oxide layer; a (Fe, Cr)3O4 layer; and at the metal/oxide 

interface, a continuous Cr2O3 layer. The Fe-rich oxide layer seems to be relatively porous. One 

can assume that the Fe-rich oxide scale was formed by O2- diffusion through the oxidised 

coating during the exposure, as seen previously for the TS Cu oxide. In contrast to the PVD 

Ce/MnCu coating, no nodules are visible. However, much-thicker oxides have been formed. 

The low level of Cr evaporation measured throughout the exposure is attributed to the thick 

layers present on top of the substrate, which constitute a Cr barrier. 

 

 

Figure 26: BIB-milled cross-section of a TS Mn/Cu-coated sample of 441 that was exposed at 650℃ in 

humid air for 1,000 h, with the corresponding EDS analysis. 
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4.1.3 Area-Specific Resistance measurements 
 

A low ASR value was obtained for the PVD Ce/Co-coated samples ( ̴ 3 mΩ∙cm2). Falk-

Windisch et al. [84] recorded a similar value ( ̴ 8 mΩ∙cm2) for PVD Ce/Co-coated Sanergy HT 

samples that were exposed to the same conditions for 500 h. This slight difference is considered 

within the experimental error. The PVD Ce/Cu-coated and Ce/MnCu-coated samples displayed 

slightly higher ASR values: the PVD Ce/Cu coating gave an ASR of 15 mΩ∙cm2, while the 

PVD Ce/MnCu coating gave 28 mΩ∙cm2 after 1,000 h of exposure in humid air. A plausible 

explanation for the slightly higher ASR value for Ce/MnCu, is somewhat the thicker chromia 

layer. Goebel et al. [127] investigated the importance of Cr2O3 thickness and its effect on the 

ASR. They concluded that chromia was the main contributor to electrical resistance. The PVD 

Ce/Cu-coated samples have a Cr2O3 thickness of roughly 200 nm, while the PVD Ce/MnCu-

coated samples have an approximately 300-nm-thick Cr2O3 layer. Another possible explanation 

is the presence on the PVD Ce/MnCu-coated samples of nodules with a thicker oxide scale, 

which is believed to increase the overall resistance.  

Overall, a thicker Cr2O3 scale coupled with nodules on top of the protective oxide is believed 

to be the main contributor to the higher ASR values. 

The TS Mn/Co-coated samples had a low ASR, roughly 10 mΩ∙cm2, despite having a thicker 

oxide scale. The microstructural analysis shows a similar Cr2O3 thickness (see Figure 24) for 

both PVD Ce/Co and TS MCO. This correlates with the previous study [127] describing the 

prominent impact of chromia thickness on the ASR. The TS Cu coating gave the highest ASR 

value. On the other hand, the TS Mn/Cu coating had a similar ASR value to PVD Ce/MnCu, 

despite having a thicker oxide scale. The SEM micrographs of both coatings reveal similar 

Cr2O3 thicknesses. 

Overall, the PVD Ce/Co-, PVD Ce/Cu-, and TS Mn/Co-coated samples have similar ASR 

values. 
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Figure 27: ASR measurements in air of samples that were exposed at 650℃ for 1,000 h in air + 3% 

H2O. Error bars indicate standard deviation.  
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4.2 Novel coatings for protecting solid oxide fuel cell interconnects 

against the dual-atmosphere effect 
 

As described in Section 2.4.4., the dual-atmosphere effect leads to rapid corrosion on the 

air-facing side of the uncoated sample. This effect is found to be the more-pronounced at 

600℃. Mitigating the dual-atmosphere effect is crucial to increase the life-time of the 

interconnects. Previous research [21, 28, 128] has suggested a beneficial effect of a pre-

oxidation step. The formation of a chromia layer on the fuel-side reduces hydrogen permeation 

and thus delays the onset of break-away but cannot stop it. Hence, coatings on the air-side or 

the fuel-side are the next step towards mitigating the dual-atmosphere effect and prolonging 

the interconnect life-time.  

 

4.2.1 Visual Inspection 
 

Figure 28 shows the optical images of the air-facing side of the samples exposed in dual 

atmosphere conditions for 3000 h  An effect of the coatings can be observed in terms of 

delaying the onset of break-away oxidation (Figure 28). After 500 h of exposure, no signs of 

corrosion are observed. 

After 1,000 h, the uncoated sample shows some nodules, while there are no observable signs 

of corrosion on the coated samples. The Ce/Co-coated samples exhibit some nodules after 

2,000 h of exposure, while the remainder of the coated samples seem to retain the protective 

layer for 3,000 h. As will be discussed further, the SEM analysis shows that the samples coated 

on the fuel-side with Al2O3 and Al exhibit break-away corrosion that is not evident in an optical 

analysis.  
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Figure 28: Photographs of the air-facing sides of AISI 441 coupons taken during discontinuous dual-

atmosphere exposure (Ar-5% H2 + 3% H2O // Air + 3% H2O) at 600℃. 

 

4.2.2 Microstructural investigation 
 

From the optical observations, the uncoated and Ce/Co-coated samples seem to be failing 

before Al- or Al2O3-coated samples. However, as stated before, SEM micrographs of the 

samples exposed for 3000 h (7000 h in the case of the Al//Ce/Co-coated sample), reveal 

corrosion products. 

The top-view of the air-side of the uncoated sample (Figure 29a) shows large Fe2O3 nodules 

covering most of the surface. The nodules are roughly 300 μm in diameter, with well-defined 

whiskers on top. Previous studies [21, 29, 103] have also observed hematite nodules on samples 

of 441 and 430 exposed at temperatures between 600℃ and 800℃ under similar dual-

atmosphere conditions. A protective oxide is present between the nodules. The plan-view 

micrograph of the fuel-side (Figure 29b) reveals an oxide scale covering the entire sample 

scale, together with the presence of small nodules ( ̴ 2 μm) following the rolling direction. 

Previous studies [28, 30] have described the beneficial effect of pre-oxidation in delaying the 

onset of break-away oxidation. Kurokawa et al. [30] have shown that after a continuous 

chromia layer is formed, hydrogen permeation is drastically reduced because hydrogen 

permeability through the Cr2O3 scale is four orders of magnitude lower than through the un-

oxidised FeCr alloy. 

 

The plan-view image of the air-side of the Ce/Co-coated sample exhibits some localised Fe-
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rich nodules (Figure 29c), which are roughly 150 μm in diameter with whiskers on top, while 

the remainder of the surface is covered with a protective oxide scale. It has been shown that 

regardless of whether the top layer is Co3O4, (Co, Mn)3O4 or (Co, Mn, Fe)3O4, the Cr 

evaporation rate at 650℃ is one order of magnitude lower for Co- and Ce/Co-coated materials 

than it is for uncoated FeCr steel [84, 91, 129]. Thus, the depletion of Cr over time is less-

pronounced than for the uncoated samples, which is expected to lead to less-severe break-away 

oxidation. The morphology of the fuel-side is comparable to that of the uncoated fuel-side 

(Figure 29b).  

 

The top-view image of the air-side of the Al-coated sample exposed for 3,000 h (Figure 29e) 

depicts small nodules with “plate-shaped” features on top that cover most of the surface. The 

“plate-shaped” features differ from the full-grown whiskers observed on the uncoated and 

Ce/Co-coated samples. These small nodules seem to be thinner ( ̴ 10 μm) than the large nodules 

observed for the uncoated ( ̴ 25 μm) and Ce/Co-coated ( ̴ 40 μm) samples. A protective oxide 

layer is present between the nodules. After 3,000 h of exposure, the small nodules are roughly 

5 μm in diameter. The plan-view micrograph of the fuel-side (see Figure 29f) shows a uniform, 

Al-rich protective oxide covering the whole sample. After the pre-oxidation step (see Figure 

30), the plan-view image of the Al-coated sample on the fuel-side depicts Fe-rich small nodules 

with “plate-shaped” features on top, following the rolling direction. These small nodules cover 

most of the sample surface and are roughly similar in size to the nodules seen after exposure, 

indicating that the Al-rich oxide on the fuel-side acts as an effective barrier to hydrogen 

permeation. 

 

The combination of Al coating on the fuel-side and Ce/Co coating on the air-side is believed 

to be the most relevant with respect to mitigating the dual-atmosphere effect. The plan-view 

image of the air-side (see Figure 29g) depicts small Fe-rich nodules, similar to those seen in 

the Ce/Co-coated sample. These small nodules differ from those in the Al-coated sample, as 

an oxide layer covers them. However, they are fewer in number than in the Al-coated sample. 

The remainder of the sample is covered with a protective oxide layer. The SEM micrograph of 

the fuel-side (see Figure 29h) depicts a morphology similar to that of the Al-coated sample, 

with an Al-rich oxide covering the entire sample. 

 

An alumina coating could be a viable alternative to a metallic Al coating, as it is already in 

an oxide state, given that no break-away oxidation was noted after pre-oxidation (see 

Manuscript II, Figure 6a). The micrograph of the air-side of the Al2O3-coated sample (see 

Figure 29i) shows a protective oxide scale with few Fe2O3 nodules. Smaller nodules ( ̴ 4 μm) 

that are covered by the oxide layer are also observed. The plan-view image of the fuel-side (see 

Figure 29j) shows a protective Al2O3 scale covering the whole sample. Some micro-cracks can 

be observed, and these might allow hydrogen to diffuse into the bulk.  
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Figure 29: Plan-view SEM micrographs of uncoated, Ce/Co-, Al-, Al//Ce/Co- and Al2O3-coated AISI 

441 samples exposed in a dual atmosphere (Ar-5% H2 + 3% H2O // Air + 3% H2O) at 600℃.  



49 

 

 

Figure 30: Comparison of the surface states of the Al-coated sample after 5 h of pre-oxidation at 800℃ 

and after 3,000 h of exposure at 600℃ under dual-atmosphere conditions. 
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4.2.3 Area-Specific Resistance measurements 
 

The average ASR for Al2O3-coated samples exposed at 600℃ in a humid reducing 

atmosphere for 668 h was  ̴ 3.8 Ω∙cm2, as compared to  ̴ 100 mΩ∙cm2 for uncoated samples. 

This is in line with previous results [130, 131] describing how alumina acts as an insulator at 

high temperatures.  

 

 

Figure 31: ASR measurements of a PVD Al2O3-coated sample and an uncoated sample, exposed in Ar 

– 5% H2 – 3% H2O with a flow rate of 120 sml∙min-1 for 668 h at 600℃. The error bars represent the 

maximum and minimum values measured. 

The use of alumina as coating poses major challenges as its insulating properties make its use 

as interconnect coating difficult.  
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5 Summary  
 

The present work investigates two major aspects of the degradative mechanisms for ferritic 

stainless steels used as interconnect materials in SOFCs: 

• The influence of Cu-based coatings on the oxide scale growth; and 

• The effect of coatings on mitigating the dual-atmosphere effect on samples exposed at 

600℃ for up to 7,000 h. 

We show that the PVD Ce/Cu coating gives the best corrosion protection among the Cu-

based coatings investigated. It shows a similar mass gain and similar Cr(VI) evaporation as the 

state-of-the-art PVD Ce/Co coating after 1,000 h of exposure in air + 3% H2O. The ASR 

measurements gave equivalent values for PVD Ce/Cu and PVD Ce/Co. However, the Cu-based 

coating seems to induce Fe diffusion, as an Fe enrichment is seen in the intermediate spinel for 

PVD Ce/Cu-coated samples, despite the presence of a CeO2 layer, and Fe-rich layers are 

observed for the TS Cu-coated and TS Mn/Cu-coated samples. This has not been observed for 

Co-based coatings. Furthermore, PVD-deposited coatings exhibit the same efficiency in 

mitigating Cr(VI) evaporation as TS coatings, while being 10-times thinner.  

Overall, PVD Ce/Cu coating could be an excellent alternative to the state-of-the-art PVD 

Ce/Co coating, as it exhibits similar corrosion characteristics. The use of copper instead of 

cobalt would also reduce the production costs for interconnects. 

PVD coatings have proven to be efficient in a single atmosphere at low temperatures. 

However, no studies have demonstrated their effectiveness in a dual atmosphere at 600℃. This 

work shows that applying a coating on the fuel-side mitigates the dual-atmosphere effect. A 

PVD Ce/Co coating exposed in a dual atmosphere slightly improves the corrosion resistance, 

as compared to uncoated samples. Fewer, smaller, and more-localised nodules are present over 

the surface. A combination of Ce/Co coating on the air-side and Al coating on the fuel-side 

gave excellent results, after 7000 h of exposure, as it combined the corrosion properties seen 

for both coatings individually.  

Al and Al2O3 coatings on the fuel-side gave good results. These coatings efficiently mitigate 

the dual-atmosphere effect and the oxide scale formed during pre-oxidation exhibits only 

minimal changes during the course of the 3000h exposure. However, the use of metallic Al or 

Al2O3 coatings poses new challenges, as alumina is known to be a poor electrical conductor. 
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Abstract 

Solid Oxide Fuel Cells (SOFCs) are electrochemical conversion 

devices that produce electricity directly by oxidising a fuel. The 

interconnects between the individual cells need to be coated to limit 

chromium evaporation from the steel and to preserve electrical 

conductivity. Physical Vapour Deposition (PVD)-coated samples 

with Ce/Co, Ce/Cu, and Ce/MnCu, and Thermal Spray (TS)-coated 

Mn/Co, Cu and Mn/Cu and AISI 441 steel samples were exposed at 

650°C for up to 1,000 h. The PVD Ce/Co and Ce/Cu coatings, as well 

the TS Mn/Co coating exhibited the formation of thin protective Cr2O3 

scales underneath the coating. These samples also exhibited the lowest 

area-specific resistance (ASR) values. The remainder of the samples 

exhibited much higher mass gains and higher ASR values. Cr(VI) 

evaporation measurements showed that all the coatings behaved 

approximately the same despite the PVD coatings being only about 

one-tenth of the thickness of the TS coatings.  

 

KEYWORDS: SOFC, interconnect, Cu coatings, PVD, Thermal Spray, 

area specific resistance  
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Introduction 

As a consequence of increased electricity consumption, power production has become one of 

the most important issues in Society today [1]. Many systems exist to produce more-sustainable 

electricity, e.g., solar panels, wind turbines, geothermal, and fuel cells. Fuel Cell (FC) 

technologies are promising because they exhibit high levels of efficiency, low levels of 

emissions (NOx, SOx, CO2, etc.), and are versatile. There most-common types of FCs are 

Proton-Exchange Membrane Fuel Cells (PEMFCs) and Solid Oxide Fuel Cells (SOFCs) [2]. 

While PEMFCs use platinum as a catalyst for the reaction to occur at a sufficiently rapid pace, 

SOFCs operate at high temperatures (≥500°C) and, thus, do not need expensive catalysts. These 

systems have different advantages and disadvantages.  

On the one hand, PEMFCs have the major drawback that they can only operate with high-

purity H2 as fuel [3]. On the other hand, SOFCs operate at high temperatures, entailing longer 

start-up times. However, SOFCs are extremely versatile in terms of the fuels that they can use. 

Given their high electrical efficiency (>60%), low levels of emissions, and fuel flexibility, they 

represent a promising technology for future energy applications [4-7]. However, poor stability 

and high cost have limited the commercialisation of SOFCs. One of the key components of an 

SOFC is the interconnect [8]. Several cells are connected in series to form an FC stack, which 

forms the core of the FC system. Each cell is electrically connected via an interconnect. The 

interconnects have to fulfil the following requirements: a thermal expansion coefficient (TEC) 

close to that of the ceramic parts of the cell; low electrical resistance; impermeable to gases; 

easy to shape; and stability in both high and low pO2 environments (air on the cathode side and 

fuel on the anode side) [9, 10]. Reduction of the operating temperature of the cell from 

1000°C  to 850°C–600°C, depending on the FC system, allows the use of Ferritic Stainless 

Steels (FSS) [10]. However, FSS suffer from two major issues under SOFC operating 

conditions: a) Cr(VI) evaporation from the steel, which poisons the cathode [11]; and b) the 

growth of a Cr2O3 layer, which reduces the electrical conductivity [12]. Nevertheless, steels 

such as Crofer 22 APU have been used successfully in recent years due to their low production 

costs, as compared to ceramic interconnects, such as LaCrO3. When exposed to high 

temperature and a humid atmosphere, (CrO2(OH)2) evaporates from the metallic interconnect. 

To mitigate Cr(VI) vapourisation, the interconnects have to be coated. In the last few years, 

various coatings have been studied and proposed. Commonly used are manganese (Mn)- and 

cobalt (Co)-based spinel coatings (Mn/Co), and modified forms of these are considered to be 

state-of-the-art coatings for this application [13-16]. Instead of applying Mn/Co directly to the 

steel, a thin metallic layer (600-nm-thick) of Co can be applied [17, 18]. This layer will be 
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oxidised to form Co3O4 and will be enriched with Mn through diffusion from the steel substrate 

during stack operation at high temperatures. Previous research [19] has shown that the steel 

strip can be pre-coated with metallic Co and pressed into the desired interconnect shape without 

increasing  Cr(VI) vapourisation. This allows for the mass production of coated interconnects, 

which reduces the production cost and the eventual price of the interconnects. When oxidised, 

interconnects form a Cr2O3 layer at the metal/oxide interface and a (Cr, Mn)3O4 spinel top layer 

that is moderately conductive in the temperature range of the SOFC. As alternatives to Co, 

different copper-based coatings have been investigated [20-23]. These copper-based coatings 

behave differently depending on the atmosphere and the deposition process used. In a humid 

atmosphere, Cu-based coatings decrease corrosion resistance at high temperature (around and 

above 800°C) and result in rapid oxidation. Petric et al. [24] have shown that copper spinel 

oxides are highly conductive, with the highest conductivity being detected for Cu1.3Mn1.7O4 at 

225 S∙cm-1 at 750°C. They concluded that the best candidates for interconnects are ferrite 

spinels, such as CuFe2O4, and manganite spinels, such as MnxCo3-xO4 or CuxMn3-xO4. The 

utilisation of copper rather than cobalt confers several advantages. For example, the European 

Union classifies Co as a critical raw material [25]. In addition, cobalt mining is frequently 

associated with exploitation and child labour [26]. Furthermore, copper is cheaper (10 USD/kg 

for Cu vs. 70 USD/kg for Co) and less toxic (in dust form) than cobalt (in dust form), and 

therefore entails a  lower risk for health issues [26, 27]. 

The coatings investigated in the present work are coated Ce/Cu, Ce/MnCu, and Ce/Co (as a 

reference) coatings. Furthermore, the PVD-applied coatings are compared to a series of TS 

coatings: TS Cu, TS Mn/Cu oxide, and TS Mn/Co oxide. The aim of this study was to compare 

the efficiencies of these coatings with respect to the suppression of Cr evaporation and 

protection against corrosion. Furthermore, two different deposition processes were compared. 
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Experimental 

The characteristics and compositions of the materials used in this study are listed in TABLE 

VI and TABLE VIII, respectively. 

AISI 441 steel was chosen as the substrate, and the samples were coated on both sides. All the 

samples produced by Physical Vapour Deposition (PVD) were coated by Sandvik Materials 

Technology AB and contained a cerium (Ce) layer closest to the substrate [28]. The TS-

generated samples were coated by Kuopion Konepaja Oy [13, 15, 29, 30]. PVD Ce/Co-coated 

samples with coated edges were also investigated, to compare the Cr evaporation levels with 

the TS coatings. 

TABLE I. Characteristics of the materials used. The coating was applied to the substrate sheets, and the samples 

were cut out of the steel sheets in the form of 1.5 cm × 1.5 cm coupons. 

Material Deposition process 
Coating 

Inner Outer 

AISI 441 PVD 20 nm Ce 600 nm Cu 

AISI 441 PVD 20 nm Ce 600 nm Mn/Cu 

AISI 441 PVD 20 nm Ce 600 nm Co 

AISI 441 TS 10 μm Cu oxide 

AISI 441 TS 10 μm Mn/Cu oxide 

AISI 441 TS 10 μm Mn/Co oxide 

AISI 441 None Uncoated 

 

TABLE II. Composition of the substrate steel material in weight %, as specified by the manufacturer. 

Materials Fe Cr C Mn Si Ni Ti Nb Al N P S 

AISI 441 
Bal. 17.53 0.016 0.40 0.59 0.15 0.172 0.41 0.007 0.015 0.024 <0.001 

Batch: 89893 

Exposures were carried out in horizontal tube furnaces in air that contained 3% water vapour 

using an air flow of 6,000 S∙min-1 for up to 1,000 h. The mass gain was recorded each week 

throughout the exposure in a separate experiment. The samples were weighted using a 

METTLER TOLEDO XP6 scale accurate to the tenth of a microgram. 

  



5 

 

Cr Evaporation 

 

Cr(VI) vapourisation is a significant issue for the longevity of the FC stack. Therefore, it is 

necessary to quantify the rate of Cr evaporation during the exposure. The Cr vapourisation was 

measured for all samples using the denuder technique, which allows in situ determination of 

Cr evaporation. A detailed description of the Cr-evaporation measurement procedure can be 

found elsewhere [31]. Two sets of three samples were exposed in a tubular furnace for 6 weeks, 

and Cr evaporation measurements were performed on each week. 

 

Electron Microscopy 

 

Cross-sections of coated AISI 441 samples exposed for 24 h and 1,000 h were prepared using 

the Leica EM TIC 3X Broad Ion Beam (BIB) with an acceleration voltage of 8 kV. The 

resulting cross-sections were analysed using the JEOL 7800F Prime SEM and FEI Titan 80-

300 TEM. SEM Imaging was performed with an acceleration voltage of 10 kV, and Energy 

Dispersive x-ray (EDX) analysis was carried out with an acceleration voltage of 15 kV. The 

TEM analysis was performed on a lift-out lamella from the surface realised using the FEI 

Versa3D Focused Ion Beam (FIB). 

 

Area-Specific Resistance (ASR) Measurement 

 

The samples exposed for 1,000 h were mounted in a ProboStat™ (NorECs, Norway) 

measurement cell using a platinum [10] wire and grid to contact the sample electrodes. The 

resistance was measured by the 2-point, 4-wire method at 650°C in air. The ASR was 

monitored to check for semi-conductive behaviour as the samples cooled down. The electrical 

resistance is characterised by the ASR, which is the measured resistance (R) multiplied by the 

contact area (A). The measured values are divided by two to account for both surfaces of the 

sample. A sputter mask of 10 × 10 mm2 was placed on a pre-oxidised sample, and the sample 

was then sputtered with gold for 30 minutes using the Quorum 150 sputter coater and a sputter 

current of 60 mA. This procedure was then repeated for the reverse side of the sample. The 

sputtering step was used to produce electrodes with a defined area and to ensure adequate 

contacts between the sample and the platinum electrodes. 
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Results & Discussion 

 

Gravimetric Analysis 

 

Figure 32a shows the average mass gains of the materials exposed at 650°C in humid air for 

1,000 h. The uncoated samples exhibited a paralinear behaviour. After 1 week of exposure, the 

uncoated sample showed a slight increase in mass to 0.069∙10-2 mg∙cm-2, which was followed 

by a mass loss corresponding to -0.021 mg∙cm-2 after 1,000 h of exposure. Tedmon et al. [32] 

have explained this phenomenon in terms of a combination of parabolic growth and mass loss 

due to vapourisation. In the initial stages of the oxidation process, when the rate of scale growth 

is significantly higher than the rate of vapourisation, the mass gain follows an approximately 

parabolic oxidation behaviour. However, once the oxide scale has reached a limiting thickness, 

the oxide-scale growth rate decreases to become equal to the rate of Cr vapourisation from the 

oxide scale. At this point, the oxide scale thickness remains constant, and a continuous loss of 

mass is observed.  

All of the coated samples exhibited rapid mass gains during the first 24 h of exposure, and 

thereafter this levelled off to give slow mass gains. The PVD Ce/Cu-coated samples show mass 

gains that were very similar to those of the PVD Ce/Co-coated samples. After 24 h, the 

measured mass gain for PVD Ce/Cu-coated samples was 0.18 mg∙cm-2; this matches well with 

the theoretical value for converting 600 nm Cu into CuO ( ̴ 0.13 mg∙cm-2 ). 

In comparison, the PVD Ce/Co-coated samples displayed a mass gain of 0.25 mg∙cm-2 after 

24 h, which also matches well with the theoretical value ( ̴ 0.19 mg∙cm-2). After 1,000 h of 

exposure, the mass gain was 0.21 mg∙cm-2 for PVD Ce/Cu and 0.26 mg∙cm-2 for PVD Ce/Co. 

These results agree very well with the data reported previously by Falk-Windisch et al. [33]. 

The Ce/MnCu-coated samples displayed a rapid mass gain (0.67 mg∙cm-2) during the first 24 h 

of exposure, and this continued to increase to 0.99 mg∙cm-2 after 1 week of exposure (168 h), 

after which it levelled off for the remainder of the exposure period.  

The TS Mn/Co coating displayed an initial mass gain of 0.31 mg∙cm-2. Thereafter, the mass 

gain of the sample remained almost constant, in similarity to the PVD Ce/Co and Ce/Cu 

coatings after 1,000 h. This indicates that the TS Mn/Co coating is almost fully oxidised at the 

beginning of the exposure. 

This is not the case for either the TS Cu or TS Mn/Cu coatings, which exhibited a strong mass 

gain in the first 24 h of exposure ( ̴ 2 mg∙cm-2), and thereafter a slowing of the rate of mass 

gain. After the first week, the mass gain was minimal throughout the remainder of the exposure. 
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It seems likely that during deposition not all of the coating was oxidised, such that a part 

remained in a metallic state. When exposed at high temperature, the metallic part of the coating 

became oxidised, causing the rapid mass gain observed in the early hours of the exposure. The 

TS Mn/Cu coating exhibited a slightly higher mass gain than the TS Cu coating. 

 

Cr Evaporation Measurements 

 

The cumulative Cr-evaporation for uncoated and coated AISI 441 samples exposed for 1,000 h 

at 650°C is plotted as a function of time in Figure 32b. Uncoated samples displayed a very high 

accumulated Cr-vapourisation level of about 0.08 mg∙cm-2 after 1,000 h of exposure in humid 

air. This is in line with previous results from Falk-Windisch et al. [34]. In contrast, Ce/Cu-

coated samples exhibited a lower Cr-evaporation level, at around 7∙10-3 mg∙cm-2 on average, 

after 1,000 h of exposure in 3% water vapour. The Ce/MnCu-coated samples displayed a Cr-

vapourisation level of 7.5∙10-3 mg∙cm-2 on average after 1,000 h of exposure. The Cr(VI) 

evaporation measured for the Ce/Co-coated samples was 4.4∙10-3 mg∙cm-2 on average after 

1,000 h of exposure. However, this difference should not be over-interpreted, as all the values 

are very low. A recently published study [35] has shown that samples with coated edges have 

significantly lower Cr-evaporation levels than the same samples with uncoated edges. To 

account for this and to compare the PVD coatings (uncoated edges) with the TS coatings with 

coated edges, a set of Ce/Co-coated samples with coated edges was measured. After 1,000 h 

of exposure, the Ce/Co samples with coated edges exhibited a Cr(VI)-evaporation level of 

1.3∙10-3 mg∙cm-2 after 1,000 h of exposure. Thus the real value for the Ce/Co-coated edges 

coating is only one-third of the value measured for the uncoated edges, which is in accordance 

with previous results [35]. The same factor should be applied to the other PVD coatings with 

uncoated edges. The TS Cu-coated samples displayed a Cr(VI)-evaporation level of 0.3∙10-

3 mg∙cm-2 after 1,000 h of exposure, while the TS Mn/Cu-coated samples exhibited a Cr-

vapourisation level of 0.062∙10-3 mg∙cm-2 after 1,000 h of exposure. Those values are very 

similar, and both coatings should be considered equivalent in terms of their capacities to 

mitigate Cr(VI) evaporation. The reference TS Mn/Co-coated samples showed a Cr-

vapourisation rate of 0.06∙10-3 mg∙cm-2 after 1,000 h of exposure, which is similar to the values 

obtained for the TS Cu- and TS Mn/Cu-coated samples [17, 36].  

In summary, PVD coatings are as good as TS coatings with respect to mitigating Cr evaporation 

when the edges are coated, while the coating thickness is thinner by a factor of 10 for the PVD 

coatings ( ̴ 1 μm for PVD compared to  ̴ 10 μm for TS). This demonstrates the high efficiency 
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of converting a thin metallic coating into a protective oxide at high temperatures. 

 

Figure 32. a) Average mass gains and b) Cumulative Cr-evaporation level as a function of time for PVD Ce/Cu-

coated samples (magenta circles), PVD Ce/MnCu-coated samples (brown circles), PVD Ce/Co-coated samples 

(blue circles), TS Cu-coated samples (red triangles), TS Mn/Cu-coated samples (empty triangles), and uncoated 

samples (black diamonds), all of which were exposed for 1,000 h at 650°C in air that contained 3% water vapour. 

Error bars indicate standard deviation.  

Microstructural Investigation 

 

1. PVD 20 nm Ce / 600 nm Co 

A cross-section of the Ce/Co-coated sample is depicted in Figure 33. Figure 33a shows the 

microstructure of the sample after 24 h of exposure. The top layer is composed of a 

homogeneous Co3O4 spinel, which has a thickness of approximately 1 μm thick, and some 

pores are evident in this cap layer. A Cr2O3 layer is present closest to the metal and is 

approximately 200 nm in thickness. At the spinel/chromia interface, a thin CeO2 layer can be 

observed. After 1,000 h of exposure, the sample microstructure is very similar to that at 24 h. 

The main difference is the diffusion, in the latter, of Mn from the bulk to the cap layer to form 

a (Co, Mn)3O4 spinel layer. The chemical analyses at 24 h of exposure and 1,000 h of exposure 

support this observation. Low-level diffusion of Mn (roughly 5 at%) is apparent after 1,000 h 

of exposure.  

These results accord with the mass gain measurements. After the first 24 h of exposure, the 

sample mass gain increasing slightly during the remainder of the exposure period, which is in 
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agreement with the previous findings of Falk-Windisch et al. [33] for samples exposed under 

the same conditions. 

 

Figure 33. a) SEM-Backscattered Electron (BSE) image of a BIB-milled cross-section of the PVD Ce/Co-coated 

AISI 441 exposed for 24 h at 650°C in air + 3% water vapour. b) SEM-BSE image of a BIB-milled cross-section 

of the PVD Ce/Co-coated AISI 441 exposed for 1,000 h at 650°C in air + 3 % water vapour, together with the 

corresponding EDS analysis. 

2. PVD 20 nm Ce / 600 nm Cu 

The SEM micrographs and the corresponding EDX analysis of a cross-section of an exposed 

Ce/Cu-coated sample are shown in Figure 34. Figure 34a depicts the sample microstructure 

after 24 h of exposure. A homogeneous oxide scale mainly covers the surface at an overall 

thickness of approximately 1 μm. The oxide scale consists of three layers. The top layer has 

been identified as CuO, the middle layer as a thin spinel oxide, and the third layer as a very 

thin Cr2O3 layer at the metal/oxide interface. Apart from the base oxide, a few oxide nodules 

(roughly 2 μm in thickness) are spread haphazardly over the surface. These nodules appear to 

grow an Fe-rich phase under the CuO top layer. Underneath this Fe-rich layer, a (Fe,Cr)3O4 



10 

 

layer is present, and a Cr2O3 layer is found at the metal/oxide interface. Some pores can be seen 

beneath the CuO cap layer within the nodules.  

Figure 34b shows the microstructure of a Ce/Cu-coated sample after 1,000 h of exposure. The 

microstructure is very similar to that seen after 24 h of exposure. The main difference is the 

presence, in the latter, of an intermediate spinel underneath the CuO cap layer. Overall, the 

oxide layers formed on the Ce/Cu coating are homogeneous but contain more pores than those 

formed on the Ce/Co coating [33]. Within the steel, mainly along the grain boundaries, Nb and 

Si were observed, indicating the presence of laves phases. The high degree of similarity 

between the microstructures observed for the 24 h and 1,000 h exposures is in line with the 

observed mass gain curve. The increase in mass within the first 24 h is due to oxidation of the 

metallic Cu layer and the formation of nodules. The slight increase in sample mass after 24 h 

of exposure is attributed to the growth of the intermediate layer resulting from the diffusion of 

Mn, Cr, and Fe and the formation of a Cr2O3 layer at the metal/oxide interface.  

For a more detailed investigation of the base oxide, EDS analysis on STEM image was 

performed (Figure 34c). The findings are in line with the SEM observations. There is a 

relatively pure CuO cap layer of roughly 1 μm in thickness, followed by a thin spinel layer 

( ̴ 300 nm) with high levels of Cu ( ̴ 40 cation%), Cr ( ̴ 30 cation%) and Mn ( ̴ 20 cation%), as 

well as the presence of Fe in small quantities. Talic et al. [37] have suggested that there is faster 

diffusion of Cr when Cu is present within the spinel. This might explain the high concentration 

of Cr within the intermediate spinel detected in the TEM elemental analysis. Within the spinel 

layer, CeO2 (white line) is evident (see Figure 34c). Closest to the metal, a Cr2O3 layer has 

been formed, which is slightly thicker at the grain boundaries. 
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Figure 34. a) SEM-Backscattered Electron (BSE) image of a BIB-milled cross-section of the PVD Ce/Cu-coated 

AISI 441 exposed for 24 h at 650°C in air + 3% water vapour. b) SEM- BSE image of a BIB-milled cross-section 

and c) STEM analysis of the PVD Ce/Cu-coated AISI 441 exposed for 1,000 h at 650°C in air + 3% water vapour. 

For a) and b), the corresponding EDS analysis represents the chemical analysis of the nodules. 

3. PVD 20-nm Ce / MnCu 

The microstructural analysis of the Ce/MnCu-coated sample is shown in Figure 35. Figure 35a 

represents the sample exposed for 24 h, and Figure 35b depicts the sample exposed for 1,000 

h. In both cases, in similarity to the Ce/Cu-coated sample, the oxide scale comprises two 

microstructures. A thin homogeneous part with thickness of about 1 μm is interrupted by 

nodules that are up to 10 μm in thickness. However, in the case of Ce/MnCu, the nodules are 

more numerous than in the case of Ce/Cu. The mass gain curve indicates some oxide growth 

after 24 h of exposure ( ̴ 0.3 mg∙cm-2), and this correlates with the micrographs that show that 

the nodules cover most of the sample. Figure 35a shows that after 24 h of exposure, the 

homogeneous area displays a top layer composed of an (Mn,Cu)3O4 spinel layer, and closest 

to the metal, a Cr2O3 layer is identified. The nodule exhibits a top layer composed of Cu and 

Mn, an Fe-rich oxide middle layer, and a (Fe,Cr)3O4 layer underneath. An internal oxidation 

zone is partially encapsulated by a Cr2O3 layer (see Figure 35a).  

After 1,000 h of exposure, the homogeneous area (see Figure 35b) shows two different layers. 

The top layer appears to be a (Cu,Mn,Fe)3O4 spinel layer. Meanwhile, the oxide layer at the 
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metal/oxide interface was identified as Cr2O3. The chemical analysis of the homogeneous layer 

indicates that the concentration of Cu is higher at the chromia scale interface, whereas the 

concentration of Mn is higher in the top layer. Fe is also present in the top layer, indicating Fe 

diffusion from the bulk to the cap layer. The nodules show a microstructure that is similar to 

the homogeneous area but with a different chemical distribution. It appears that the Fe-rich 

oxide is sandwiched between two Cu-rich layers, while Mn is only present at the top of the 

oxide. This phenomenon might be attributable to the deposition process (co-deposition of Cu 

and Mn), which generates a non-homogeneous mix of the elements. The chemical analysis 

revealed small amounts of Cr and Fe in the top layer. A chromia layer was identified closest to 

the substrate. A thin ceria layer was observed at the cap layer / chromia interface (insert in 

Figure 35b). Laves phases are present inside the bulk, and some Si and Nb are observed along 

the grain boundaries. The formed layers are continuous and dense, with the consequence that 

there is a low rate of Cr evaporation throughout the exposure.  
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Figure 35. a) SEM-Backscattered Electron (BSE) image of a BIB-milled cross-section of the PVD Ce/MnCu-

coated AISI 441 exposed for 24 h at 650°C in air + 3% water vapour. b) SEM- BSE image of a BIB-milled cross-

section of the PVD Ce/MnCu-coated AISI 441 exposed for 1,000 h at 650°C in air + 3% water vapour. The 

corresponding EDS analysis represents the chemical analysis of the nodules. 

4. TS Mn/Co 

Figure 36 depicts the microstructure of the TS Mn/Co-coated sample in the absence of 

exposure, and after 24 h and 1,000 h of exposure, together with the corresponding EDS 

analysis. Figure 36a shows a cross-section of the as-received material. The initial thickness is 

about 10 μm, and the coating has a rough surface. After 24 h of exposure (see Figure 36b), a 

homogeneous and thick (̴ 10 μm) (Mn,Co)3O4 spinel layer can be observed on top, while a very 

thin Cr2O3 layer (of around 200 nm) is visible at the metal/oxide interface. The Mn/Co layer is 

relatively porous, possibly due to the deposition process [29]. After 1,000 h of exposure, the 
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microstructure did not change significantly. The thickness of the top Mn/Co layer remained the 

same, and the thickness of the chromia beneath was essentially identical in appearance. No 

other corrosion products were detected. This is in accordance with the mass gain 

measurements, which were stable throughout the exposure. The lack of a ceria layer does not 

seem to affect the oxide scale growth, which is still in the same range as those of the PVD-

coated samples, which contain a CeO2 layer. The very low rate of Cr evaporation can be 

explained by the relatively thick top Mn/Co layer.  

 

Figure 36. a) BIB-milled cross-section of the TS Mn/Co-coated sample in the absence of exposure. b) BIB-milled 

cross-section of the TS Mn/Co-coated sample exposed at 650°C in humid air for 24 h. c) BIB-milled cross-section 

of the TS Mn/Co-coated sample exposed at 650°C in humid air for 1,000 h, together with the corresponding EDS 

analysis. 

5. TS Cu 

Figure 37 depicts the microstructural analysis of the TS Cu oxide coating at different exposure 

times and the corresponding EDS analysis. The as-coated sample (see Figure 37a) displays a 

roughly 10-μm-thick coating. EDS analysis showed that part of the coating was still in a 

metallic state, which is in accordance with the previous assumption regarding the large increase 

in mass gain at the beginning of the exposure. After 24 h of exposure (see Figure 37b), the 

cross-section displayed a top layer of CuO. Beneath it, an Fe-rich oxide layer can be found, 
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followed by an (Fe,Cr)3O4 spinel layer, and at the metal/oxide interface, a thin Cr2O3 layer. The 

total final thickness is around 20 μm, which is twice as thick as the initial thickness. The CuO 

top layer is about 10 μm in thickness, which corresponds to the initial thickness of the deposited 

oxide. The corresponding EDS analysis confirmed the presence of an iron-rich intermediate 

oxide layer. After 1,000 h of exposure (see Figure 37c), the microstructure did not change, and 

the oxide layers remained virtually identical. The oxide layers were dense and homogeneous. 

This is in accordance with the mass gain observation. The high mass gain observed within the 

first 24 h can be explained by the thick Fe-rich oxide layer formed between the CuO layer and 

the (Fe,Cr)3O4 layer. The low level of Cr evaporation observed throughout the exposure is due 

to the thick oxide layers on top of the metal, which constitute a Cr barrier. 

 

Figure 37. a) BIB-milled cross-section of the TS Cu-coated sample without exposure. b) BIB-milled cross-section 

of the TS Cu-coated sample exposed at 650°C in humid air for 24 h. c) BIB-milled cross-section of TS Cu-coated 

sample exposed at 650°C in humid air for 1,000 h with the corresponding EDS analysis. 
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6. TS Mn/Cu 

The cross-sections of the TS Mn/Cu-coated sample are depicted in Figure 38. Figure 38a 

exhibits a 10-μm-thick as-received coating. The EDS analysis shows that not all of the coating 

is oxidised. This might explain in part the high mass gain at the beginning of the exposure. 

After 24 h of exposure (see Figure 38b), the micrograph shows six different types of oxides: 

the top layer is constituted of a CuO oxide layer, while beneath it lie a (Cu, Mn)3O4 layer and 

an Mn-rich layer. The presence of these three phases could be linked to the deposition process, 

i.e., TS powder-precursor. Beneath the top three layers, the cross-section exhibits the corrosion 

products: an iron-rich oxide layer, a (Fe,Cr)3O4 layer, and finally, at the metal/oxide interface, 

a continuous Cr2O3 layer. The Fe-rich oxide layer seems to be relatively porous. One can 

assume that the Fe-rich oxide scale was formed by the mean diffusion of O2- ions through the 

oxidised coating during the exposure, as seen before for the TS Cu oxide. The presence of the 

Fe-rich oxide layer after 24 h of exposure could explain the high mass gain at the start of the 

exposure. After 1,000 h of exposure (see Figure 38c), the microstructure is similar to that seen 

after 24 h of exposure. The main difference is the diffusion, in the latter, of Fe into the Mn-rich 

oxide layer to form a (Mn,Fe)3O4 spinel. The low level of Cr evaporation measured throughout 

the exposure is attributed to the thick layers present on top of the substrate, which reduces the 

Cr diffusion rate. 
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Figure 38. a) BIB-milled cross-section of TS Mn/Cu-coated sample without exposure. b) BIB-milled cross-section 

of the TS Mn/Cu-coated sample exposed at 650°C in humid air for 24 h. c) BIB-milled cross-section of the TS 

Mn/Cu-coated sample exposed at 650°C in humid air for 1,000 h with the corresponding EDS analysis. 
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Area-specific Resistance Measurements 

Figure 39 shows the ASR measurements performed on coated samples exposed for 1,000 h at 

650℃ in air + 3 % water vapour.  

 

 

Figure 39: ASR measurements in air for samples exposed at 650℃ for 1,000 h in air + 3% H2O. Error bars indicate 

standard deviation. 

The PVD Ce/Co-coated samples exhibited an ASR of about 3 mΩ∙cm2 after 1,000 h of 

exposure at 650°C. Previous research conducted on Sanergy HT Ce/Co-coated samples [33] 

showed that Ce/Co-coated samples displayed ASR values of around 8 mΩ∙cm2 after 500 h of 

exposure at 650°C in air + 3% water vapour. This difference is considered to be marginal. PVD 

Ce/Cu-coated samples showed an ASR of about 15 mΩ∙cm2 after the 1,000 h of exposure, 

while the Ce/MnCu coating exhibited an ASR of about 28 mΩ∙cm2. Those results are in line 

with those of the microstructural analysis. The PVD Ce/Cu-coated samples formed a very thin 

Cr2O3 layer (of roughly 200 nm), while the Ce/MnCu-coated samples formed large oxide 

nodules with a slightly thicker chromia scale (approximately 300 nm) underneath. As reported 

previously [38], the ASR mainly reflects the thickness of the Cr2O3 layer. For the PVD Ce/Cu 

coating, the presence of an intermediate spinel layer does not seem to affect significantly the 
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conductivity of the interconnect. Earlier studies [24] have shown that manganite spinels, such 

as MnCo2O4 (60 S·cm−1 at 800°C) or Cu1.3Mn1.7O4 (225 S·cm−1 at 750°C) are the most 

conductive spinels, and a CuO oxide layer is known to be conductive at high temperature 

(2×103 S·cm−1 at 700°C ; 105 S·cm−1 at 1,000°C) [39-41]. Thus, these oxides are three orders 

of magnitude more conductive than chromia, which have conductivities in the range of 0.001– 

0.05 S∙cm−1, and thus do not significantly contribute to the overall resistance [42-44]. PVD 

Ce/MnCu-coated samples exhibit somewhat higher ASR values, as a significant part of the 

surface (>50%) is covered with Fe-rich nodules. 

 

The TS Mn/Co coating exhibited a low ASR value, comparable to that of the PVD Ce/Cu 

coating. This accords with the observation of a thin Cr2O3 layer underneath the coating. In 

contrast, the TS Cu coating had the highest ASR value, which could be related to a somewhat 

thicker Cr2O3 layer or the thick Fe-rich intermediate oxide scale. The TS Mn/Cu coating 

exhibited an ASR of 19 mΩ∙cm2 on average, despite the formation of a rather thick oxide layer. 

 

Overall, the PVD Ce/Co coating exhibits a lower ASR than the TS Mn/Co coating. However, 

since both samples exhibit very low ASR values, it is not clear whether this difference is 

significant.  

  



20 

 

Summary 

 

The present study has focused on Cu-based coatings on AISI 441 steel. The coatings were 

manufactured using two different deposition methods: PVD and TS. The PVD coatings were 

deposited as a metallic coating and oxidised during the first stage of the exposure. The TS 

coatings consisted of a mostly oxidised coating sprayed on top of the substrate. In this study, 

uncoated, PVD Ce/Cu-, PVD Ce/MnCu-, PVD Ce/Co (as a reference for PVD coatings), TS 

Cu-, TS Mn/Cu- and TS Mn/Co- (as reference for TS coatings) coated samples were analysed.  

Uncoated samples have the highest level of Cr(VI) evaporation. The observed difference 

between the PVD and TS coatings can be attributed to the uncoated edges of the PVD-coated 

samples. It is concluded that all the coated samples have essentially identical Cr evaporation 

rates, despite their different thicknesses. The PVD Ce/Co- and Ce/Cu-coated samples, as well 

as the TS Mn/Co-coated sample, have ASR values <15 mΩ∙cm2. The PVD Ce/MnCu-coated 

samples display a somewhat higher ASR after 1,000 h of exposure. This is attributed to the 

nodules on top of the scale. The TS Mn/Cu-coated sample has a similar ASR to the PVD 

Ce/MnCu-coated sample, while TS Cu coating gives the highest ASR values.  

PVD Ce/Cu coating is a good candidate to replace the state-of-the-art PVD Ce/Co coating. 

It offers a low level of Cr(VI) evaporation and thin, adherent, and conductive oxide scales. At 

intermediate temperatures, PVD Ce/Cu-coated samples form a conductive CuO top layer, a 

conductive (Cu,Cr,Mn,Fe)3O4 intermediate spinel, and a very thin (1 µm) Cr2O3 layer at the 

metal/oxide interface. The formation of oxide nodules does not seem to influence the overall 

conductivity or the corrosion properties of the coated steel. 
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Abstract 

A key component of a Solid Oxide Fuel Cell (SOFC) is the interconnect, which 

connects individual fuel cells in series to form a fuel cell stack to reach a desired 

electrical potential. The interconnect is exposed to air and fuel in parallel, these so-

called dual-atmosphere conditions give rise to especially severe corrosion on the 

air-side. This work investigates coatings to mitigate this effect. Physical Vapour 

Deposition (PVD) CeCo-coated AISI 441 samples on the air-side and PVD metallic 

Al- and Al2O3-coated AISI 441 samples on the fuel-side were exposed under dual-

atmosphere conditions for up to 7,000 h. The evolution of the corrosion products 

was followed every 1,000 h with an optical microscope. Scanning electron 

microscopy and energy-dispersive x-ray spectroscopy were performed on cross-

sections of the samples after 3,000 h of exposure. The SEM analysis showed that 

coating on the air-side improved the sample’s life-time by reducing the level of Cr 

evaporation even in a dual-atmosphere. The use of fuel-side coatings suppressed 

the dual-atmosphere effect since the coatings formed a barrier to hydrogen 

permeation. The best results were observed with metallic Al and Al2O3 coating on 

the fuel-side, which drastically reduced the dual-atmosphere effect. However, the 

poor conductivity of Al2O3 makes its use as a coating challenging. 

KEYWORDS: Solid Oxide Fuel Cell, SOFC, interconnect, dual-atmosphere, 

coating, ASR, Alumina  
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Introduction 

 

In the last few decades, Solid Oxide Fuel Cells (SOFCs) have attracted interest due to their 

high electrical efficiency levels (>60%), low emissions, and high fuel flexibility [1, 2]. SOFCs 

are considered a promising technology to address the demand for more sustainable energy, as 

they are valid systems to convert hydrogen or hydrocarbons from renewable sources to 

electrical energy. However, high production costs and limited life-times have made 

commercialisation difficult. A key component of an SOFC is the interconnect (IC), which 

connects the individual fuel cells in series to form a fuel cell stack, so as to reach the desired 

electrical potential. As fuel cell operating temperatures decreased, a switch from ceramic 

interconnects to Ferritic Stainless Steel (FSS) interconnects became feasible. The most 

important parameters to consider in relation to interconnects are: material stability in relation 

to high-temperature oxidation; and electrical resistance of the formed oxide. When oxidised, 

manganese (Mn)-containing ferritic stainless steels have been shown to form a (Cr, Mn)3O4 

spinel top layer on top of the semi-conductive chromia scale in the temperature range of the 

SOFC [3]. The use of low-cost, commercially available stainless steels, such as AISI 441, 

instead of tailor-made alloys may provide substantial cost savings but may also lead to faster 

degradation of the interconnect. Two well-known degradation processes are active when an 

FSS interconnect is exposed at high temperature: (a) Cr(VI) evaporation from the steel, which 

poisons the cathode [4]; and (b) growth of a Cr2O3 layer, which reduces the electrical 

conductivity [5, 6]. In the past decade, several coatings have been studied and proposed [6-13] 

as a way to mitigate these two phenomena. To reduce Cr(VI) evaporation, the most-heavily 

commercialised examples are the Mn- and cobalt (Co)-based spinel coatings (MCO coatings), 

which are considered the state-of-the-art for this purpose. An alternative strategy to obtain 

MCO coatings is to coat the substrate with metallic Co. This Co layer will oxidise to form 

Co3O4 and becomes enriched in Mn through diffusion from the steel substrate during stack 

operation [7, 8]. MCO coatings are  highly effective, reducing Cr(VI) evaporation by a factor 

of more than 10 compared to uncoated samples [9]. Reactive Elements (REs) have been 

described by Hou et al. [10] as exerting beneficial effects on Cr2O3-forming alloys through: 

selective oxidation of chromium; reducing the Cr2O3 scale growth rate; or changing the 

transport mechanism from outward metal transport to inward oxygen diffusion. A clear 

difference in chromia thickness has been observed for samples coated with a thin layer of ceria, 

compared to samples without an RE layer [9, 11-13]. 

The so-called ‘dual-atmosphere effect’ is another typical degradation process for SOFCs, 
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especially when operated at intermediate temperatures [14, 15]. Chromia former stainless steels 

like AISI 441 or Crofer 22 APU, exposed at high temperature in single air or humid hydrogen 

gas, form a protective scale of Cr2O3 with a cap of (Mn, Cr)3O4 spinel above (if the alloy 

contains Mn) [16]. In a single condition, the diffusion of Cr toward the surface is faster than its 

consumption (scale growth and Cr evaporation) so the formation of the scale is ensured. Once 

a sample is exposed on one side to air, and on the other side to hydrogen (dual-atmosphere 

conditions), the outcome largely changes. Yang et al. [17, 18] noticed that an alloy exposed to 

a dual environment behaves differently from one exposed to a single atmosphere. Although it 

has been addressed that diffused hydrogen from the fuel-side affects the air-side oxidation, the 

mechanism behind the protective oxide scale breakdown is not fully clear. Moreover, the 

severity of the dual-atmosphere effect varies widely among studies [19-22]. At high 

temperatures (800°C - 850°C), several authors [17, 18, 23, 24] noticed an iron enrichment of 

the protective scale on the air-side. At lower temperatures (600°C -700 °C) the air-facing side 

of the sample undergoes severe corrosion with the formation of hematite nodules and later 

formation of a thick hematite scale [15, 25, 26]. Iron oxides are not protective, thus, the scale 

grows several orders of magnitude faster than chromium oxide leading to faster material 

degradation and loss of performance. This effect was found on various alloys [27] like AISI 

441[14, 19, 28], AISI 430 [29, 30], Sanergy HT [31], and Crofer APU 22 [32], to cite the most 

used ones in terms of interconnect applications. Other authors [33] have stated the beneficial 

effect of a higher Cr concentration in the alloy may help reduce the dual-atmosphere effect by 

slowing down the hydrogen diffusion [18, 26]. Several explanations have been proposed to 

explain this phenomenon. Rufner et al. [21] suggested that the pO2 on the air-side could be 

locally modified by the permeated hydrogen. Yang et al. [18] instead pointed out that it may 

be due to an increased number of cation vacancies close to the air-side, which leads to 

hydroxide species formation that enhances scale growth rate. Other authors [34, 35] proposed 

theories in which the lattice is distorted because of hydrogen presence. Recently Gunduz et al. 

[15] showed how the hydrogen diffusion into the alloy might affect the Cr diffusion, thus 

promoting non-protective Fe-oxide formation.  

However, in those studies, the samples were not coated. Previous research [36] has 

demonstrated the effect of Ce/Co-coated samples exposed to a dual-atmosphere at 850°C. It 

has been established that Ce/Co coating helps to mitigate the dual-atmosphere effect at higher 

operating temperatures. However, samples exposed at 600°C suffer severe corrosion after a 

short period of time. This is in accordance with previous research that described the reverse 

temperature effect [19]. To the best of our knowledge, no previous studies were performed 
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with hydrogen-barrier coatings on the fuel-side. The main indication for the efficiency of fuel-

side coatings comes from Goebel et al. [28], who examined the effect of pre-oxidation time 

and showed how this is particularly important at the fuel-side to reduce hydrogen diffusion into 

the material and to mitigate the dual-atmosphere effect.  

 

In the present work, barrier coatings developed to reduce the dual-atmosphere corrosion for 

Intermediate-Temperature Solid Oxide Fuel Cells (IT-SOFCs) are presented for the first time 

(Patent EP3256617B1). The state-of-the-art Ce/Co coating on the air-side is exposed in 

combination with novel coatings on the fuel-side: metallic Al and Al2O3 deposited via Physical 

Vapour Deposition (PVD). Coating the fuel-side is expected to reduce the ingress of hydrogen 

into the alloy and to reduce the dual-atmosphere effect on the air-side. Uncoated samples that 

are pre-oxidised for 5 h at 800°C are exposed as a reference. All the coatings are exposed under 

simulated SOFC working conditions for 3,000 h.  
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Materials and methods 
 

• Dual-atmosphere set-up 

 

To simulate dual-atmosphere conditions, steel samples were simultaneously exposed in air 

+3% H2O on one side and Ar – 5% H2 – 3% H2O on the other side, at 600°C. All the 

experiments were conducted in a dual-atmosphere using the experimental set-up described by 

Alnegren et al. [14]. The sample holder construction is based on a model provided by Montana 

State University, and further information on this set-up can be found elsewhere [21]. Gold rings 

were used to seal the circular samples to the set-up, to ensure gas-tightness.  

 

• Sample characteristics and preparation 

 

The compositions and characteristics of the materials used in this study are described in 

TABLE V and TABLE VI. 

 

TABLE V. Compositions of the studied alloys (in wt%), as specified by the manufacturer. 

Materials Fe Cr C Mn Si Ni Ti Nb Al N P S 

AISI 441 
Bal. 17.53 0.016 0.40 0.59 0.15 0.172 0.41 0.007 0.015 0.024 <0.001 

Batch: 89893 

 

Samples were coated by Sandvik Materials Technology AB using a proprietary PVD process. 

Coin-shaped samples (Ø 21 mm) were stamped out of a metal sheet using a hydraulic press. 

The experimental matrix and exposure characteristics are listed in TABLE VI. A cleaning 

procedure that consisted of washing for 20 minutes in acetone and 20 minutes in ethanol was 

performed before any thermal treatment. All the samples were then pre-oxidised at 

800°C ± 5°C for 5 h in air + 3% H2O with a ramp rate of 1°C∙min-1, under a flow of 

280 mL∙min-1.  
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TABLE VI.  Experimental matrix of the materials used and their exposure times.  

Materials 
Coating 

Exposure time (h) 
Fuel-side Air-side 

AISI 441 Al2O3 ( ̴ 500 nm) Uncoated 3,000 

AISI 441 Al ( ̴ 1,000 nm) Uncoated 3,000 

AISI 441 Al ( ̴ 1,000 nm) 10 nm Ce / 600 nm Co 7,000 

AISI 441 Uncoated 10 nm Ce / 600 nm Co 3,000 

AISI 441 Uncoated Uncoated 3,000 

Al coating is protected by the patent number: EP3256617B1. 

• Exposures  

 

All samples were exposed to a humid dual-atmosphere. The following gases were used: 

Ar - 5% H2 - 3% H2O with a flow rate of 120 smL∙min-1 on the fuel-side; and air + 3% H2O 

with a flow rate of 8,800 smL∙min-1on the air-side. This resulted in an airflow speed of around 

27 cm∙s-1 inside the quartz tube; therefore, kinetically controlled, flow-independent chromium 

evaporation rates were achieved [37]. To adjust the humidity level to 3%, all gases were 

bubbled through water baths with temperature-controlled reflux condensers set to 24.4°C. All 

exposures were conducted at a temperature of 600°C ± 5°C. A ramp of 1°C∙min-1 was used to 

heat up and cool down the samples, to minimise oxide spallation. The exposure was interrupted 

after 500 h, 1,000 h, 2,000 h, and 3,000 h, to document the evolution of the oxide scale. 

Selected samples were exposed for up to 7,000 h to assess life-time. All the experiments 

involving exposure for 3,000 h were repeated to ensure data reproducibility. 

 

• Microscopy 

 

Photographs of the samples were taken at different exposure times using a Nikon SMZ800 

camera equipped with a ring light. For the cross-section analyses, the samples were cut with an 

oil-free, low-speed saw (Struers Minitom). Cross-sections of all the samples were then 

prepared using a Leica EM TIC 3X Broad Ion Beam (BIB) with an acceleration voltage of 

8 kV and a current of 3 mA. The resulting cross-sections were analysed using the JEOL 7800F 

Prime SEM. Imaging was performed with an acceleration voltage of 10 kV, and Energy-

Dispersive x-ray (EDX) analysis was performed with an acceleration voltage of 15 kV. 
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• Area-Specific Resistance (ASR) Measurement 

 

The ASR measurement was used to determine the electrical resistance of the oxide. The ASR 

is the measured resistance (R) multiplied by the contact area (A). A sputter mask with 

dimensions of 10 × 10 mm2 was placed on the dual-atmosphere-exposed sample, and the 

sample was then coated with platinum for 10 minutes using the Quorum 150 sputter coater and 

a sputtering current of 60 mA. This procedure was repeated for the reverse side of the sample. 

The sputtering step was used to produce electrodes with a defined area and to ensure good 

contact between the sample and the platinum electrodes. The exposed samples were then 

mounted in a ProboStat™ (NorECs, Norway) measurement set-up using a 1 cm2 Pt wire and 

grid to contact the sample electrodes. The resistance was measured by the 2-point, 4-wire 

method at 600°C in air. The ASR was monitored in Ar – 5% H2 during the cooling of the 

sample, to check for semi-conductive behaviour. One side of the sample was ground to measure 

the resistance of the coating alone. 
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Results & Discussion 
 

1. Visualisation of the dual-atmosphere effect throughout the exposure 
 

Figure 40 shows the evolution of all the samples exposed for up to 3,000 h to the dual-

atmosphere conditions. During the first 500 h, there are no apparent signs of severe corrosion. 

The protective behaviour is attributed to the long duration of pre-oxidation treatment (5 h at 

800°C), in line with the earlier works of Goebel et al. [28] and Reisert et al. [38], which showed 

a direct relationship between the length of the pre-oxidation step and the onset of breakaway 

corrosion. Nevertheless, after 1,000 h of exposure, the uncoated and Ce/Co-coated samples 

show signs of breakaway corrosion, while the other samples remain protective. The Ce/Co-

coated sample appears to be slightly more protective than the uncoated sample. However, once 

the sample experiences 2,000 h of exposure, the Ce/Co-coated sample exhibits corrosion 

comparable to that of the uncoated sample. The samples with fuel-side coatings still show no 

visible sign of breakaway corrosion at this point. After 3,000 h of exposure, the uncoated and 

Ce/Co-coated samples display similar levels of corrosion, while the samples coated on the fuel-

side do not show visible signs of breakaway oxidation and seem to behave in a similar manner. 

Nevertheless, as will be discussed below, their conditions are highly different.  

The efficiency of the Ce/Co coating in terms of delaying corrosion has been demonstrated 

previously in a single atmosphere [9, 11, 12]. On the other hand, coatings of the fuel-side are 

expected to act as a barrier to the ingress of hydrogen in a manner similar to that shown for 

pre-oxidation [39, 40]. 
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Figure 40: Photographs of the air-facing sides of AISI 441 coupons taken during exposure to a discontinuous dual-

atmosphere (Ar-5% H2 + 3% H2O // Air + 3% H2O) at 600°C.  
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2. Microstructural analysis 

 

Uncoated sample exposed for 3,000 h 
 

Figure 41 shows the SEM micrographs of the uncoated sample. The top-view of the air-side 

(see Figure 41a) and the fuel-side (see Figure 41b) after pre-oxidation, depict a homogeneous 

oxide scale covering the sample. No visible signs of breakaway oxidation can be observed on 

any of the samples after any of the exposures.  

After 3,000 h of exposure, the air-side of the uncoated sample exhibits a surface that is 

partially covered with hematite nodules (see Figure 41c) that are roughly 300 μm in width. On 

top of these nodules, whiskers can be observed. Previous studies [21, 29] have also documented 

the presence of hematite nodules on 430 and 441 steel samples exposed to similar dual-

atmosphere conditions. A protective oxide is observed between the nodules. The cross-section 

of the air-side (Figure 41d) confirms the observations made from Figure 41c, showing a nodule 

of Fe2O3 and a thin (< 1 µm) protective oxide scale comprised of (Cr, Mn)3O4 spinel and 

chromia. According to previous research [14, 41], this layer is mainly composed of 

(Cr, Mn)3O4 spinel and chromia. The thickness of the breakaway corrosion product is about 

25 µm as a result of the poor protective behaviour of the iron-rich oxide. Beneath the Fe2O3 

nodule, a (Fe, Cr)3O4 spinel layer is present, and an internal oxidation zone (IOZ). This 

degradation morphology has been reported in previous studies [14, 15]. The top-view 

micrograph of the fuel-side (see Figure 41e) depicts an oxide scale covering the sample’s 

surface, together with the presence of extremely small nodules ( ̴ 2 μm) following the rolling 

direction. This morphology is very similar to that observed after pre-oxidation (see Figure 41b). 

The cross-section of the fuel-side (Figure 41f) exhibits a protective, thin, dense, and 

homogeneous oxide scale, which has been identified as containing a (Cr, Mn)3O4 spinel and 

chromia. 

Those observations accord with those made in previous studies [14, 28] showing that 

uncoated AISI 441 ferritic stainless steel suffers severe corrosion after 1,000 h of exposure at 

600°C to the dual-atmosphere, even when it is pre-oxidised for 280 min. Fe-rich nodules are 

identified on the surface of the air-facing side of the sample. The pre-oxidation step aims to 

simulate the conditioning of the stack before operation. Furthermore, it is expected to provide 

a protective Cr2O3 layer that acts as a diffusion barrier to both oxidation of the alloy and the 

transport of hydrogen from the fuel-side to the air-side [18, 28]. Kurokawa et al. [42] exposed 

Fe-16Cr steel at 800°C and showed that after a continuous chromia layer has formed, the 

permeation of hydrogen was drastically reduced by four orders of magnitude. 
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Figure 41: SEM micrographs representing: a) top-view of the air-side of the pre-oxidised sample; b) top-view of 

the fuel-side of the pre-oxidised sample; c) top-view of the air-side; d) cross-section of the air-side; e) top-view 

of the fuel-side; and f) cross-section of the fuel-side of 441 uncoated samples pre-oxidised for 5 h exposed to the 

dual-atmosphere (Ar-5% H2 + 3% H2O // Air + 3% H2O) for 3,000 h at 600°C. Inset: higher-magnification image 

of selected scale regions.  
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10 nm Ce / 600 nm Co-coated sample exposed for 3,000 h 
 

Figure 42 depicts SEM micrographs of the Ce/Co-coated sample. The plan-view of the air-

side after pre-oxidation (see Figure 42a) shows a fully protective Co spinel covering the surface 

of the sample. No signs of breakaway corrosion are observed. The top-view of the fuel-side 

(uncoated) after the pre-oxidation treatment (see Figure 42b) exhibits an oxide scale that covers 

the entire surface of the sample, with no visible signs of breakaway corrosion.  

After 3000h of exposure, the air-side of the sample exhibits some iron-rich nodules that are 

roughly 150 μm in width with whiskers on top, while the largest part of the surface is covered 

by a thin protective oxide scale (see Figure 42c), similar to that observed after pre-oxidation. 

There are no signs of spallation of the oxide scale on the sample, indicating good adherence of 

the oxidised coating. The cross-section of the air-side of the sample is shown in Figure 42d, 

and two different microstructures are evident: the nodules and the protective scale. The nodule 

consists of three distinct layers. The top layer comprises an (Fe, Co)3O4 spinel. EDS analysis 

shows that the top layer contains Fe ( ̴ 20 at%), Co ( ̴ 10 at%), and a low percentage of Cr 

( ̴ 5 at%). In this case, it appears that Fe diffused within the oxide scale even with the presence 

of a ceria layer. Underneath this layer, an Fe-rich oxide with thickness of about 20 µm is found. 

Below the original sample surface, there is an (Fe, Cr)3O4 spinel with thickness similar to that 

of the Fe-rich oxide phase observed previously. The overall thickness of the nodules is 

approximately 40 µm. The nodules are fewer but more localised and thicker than those 

observed in uncoated samples. The protective oxide scale comprises a very thin ( ̴ 100 nm) 

(Co,Cr)3O4 spinel on top, which contains 10 at% of Co and 10 at% of Cr, followed by 1-μm-

thick Co3O4 spinel with a thin ( ̴ 200 nm) Cr2O3 layer. The presence of Cr in the top layer is 

attributed to Cr evaporation from the sample holder. Skilbred et al. [36] observed similar cubic-

shaped grains on the top layer of Ce/Co-coated samples exposed to dual-atmosphere conditions 

at 850°C,. Furthermore, in their study, the cross-section depicts a thin Co3O4 layer followed by 

a thin Cr2O3 oxide scale. However, there are no signs of Fe-rich nodules. This is mainly 

attributed to the less-severe dual-atmosphere at high temperatures, as well as the short exposure 

time (150 h), which did not allow sufficient time for the breakaway [15]. Figure 41e depicts 

the top-view of the fuel-side of the sample exposed to H2 + 3% H2O, where some small nodules 

( ̴ 2 μm) are present. The surface state is identical to that observed right after the pre-oxidation 

step (see Figure 42b) and similar to that of the uncoated sample (Figure 41f). From the top-

view analysis, these nodules appear to have grown underneath the top layer and do not seem to 

promote the breakdown of the oxide scale. Figure 42f represents the cross-section of the fuel-
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side. The image shows a very thin ( ̴ 100 nm), dense, and homogeneous (Cr, Mn)3O4 spinel and 

chromia layer. A similar morphology was observed by Niewolak et al. [3]. 

The superior resistance to the dual-atmosphere effect of the Ce/Co-coated sample, as 

compared to the uncoated sample, is in line with previous findings [11, 12, 43, 44] for samples 

exposed to a single atmosphere. It has been shown that regardless of whether the top layer is 

Co3O4, (Co, Mn)3O4 or (Co, Mn, Fe)3O4, the Cr evaporation rate at 650°C is significantly lower 

for Ce/Co-coated materials than for uncoated FeCr steel. Thus, the depletion of Cr from Ce/Co-

coated materials over time is less extensive than from uncoated samples, which is expected to 

result in less-severe breakaway oxidation. 
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Figure 42: SEM micrographs representing: a) top-view of the air-side of the pre-oxidised sample; b) top-view of 

the fuel-side of the pre-oxidised sample; c) top-view of the air-side; d) cross-section of the air-side; e) top-view 

of the fuel-side; and f) cross-section of the fuel-side of the 10 nm Ce / 600 nm Co-coated 441 sample exposed to 

the dual-atmosphere (Ar-5% H2 + 3% H2O // Air + 3% H2O) for 3,000 h at 600°C. Inset: higher magnification of 

selected scale regions. 
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Aluminium ( ̴ 1,000 nm)-coated sample exposed for 3,000 h 
 

Figure 43 shows the SEM micrographs of the sample with Al coating on the fuel-side. After 

pre-oxidation, the uncoated air-side of the sample (see Figure 43a) reveals a surface that is 

partially covered with small nodules, following the rolling direction of the sample. On top of 

these small nodules, some “plate-shaped” features, roughly 5 μm in width, can be observed. 

Between these small nodules, an oxide scale, similar to the one observed for the uncoated 

sample (see Figure 41a), is present. The fuel-facing side of the sample (see Figure 43b) depicts 

a surface that is fully covered with Al-rich oxide, with no visible signs of corrosion products. 

After 3,000 h of exposure, the air-side of the sample is still covered with small nodules (see 

Figure 43c) that seem to be aligned with the rolling direction of the steel sheet. These nodules 

are much smaller than those on the uncoated and Ce/Co-coated samples, which explains they 

were not visible in the optical overview image (see Figure 40). On top of these nodules, “plate-

shaped” features can be seen, which differ from the whiskers present on the uncoated and 

Ce/Co-coated samples. A protective oxide is present between the nodules. The morphology is 

identical to that observed after pre-oxidation (see Figure 43a), which indicates that the Al 

coating is protective against hydrogen permeation. Figure 43d depicts the cross-section of the 

air-side of the sample. The outer part of each small nodule consists of Fe2O3. These nodules 

appear to be thinner ( ̴ 5 μm) than the nodules observed in the uncoated ( ̴ 25 μm) and Ce/Co-

coated ( ̴ 40 μm) samples. Beneath the nodules, an (Fe, Cr)3O4 spinel was identified by EDS 

analysis. The protective layer present between the nodules is composed of a (Cr, Mn)3O4 spinel 

layer followed by a Cr2O3 layer. The protective scale is dense, homogeneous, and 

approximately 200 nm in thickness, similar to the scale reported for the uncoated sample. The 

plan-view of the fuel-side (see Figure 43e) depicts an Al-rich oxide phase that covers the entire 

surface of the sample, identical to that observed after pre-oxidation. The metallic aluminium 

coating has been oxidised during the pre-oxidation (5 h) step to an Al-rich oxide phase. The 

cross-section of the fuel-side (see Figure 43f) exhibits a very thin and homogeneous Al-rich 

scale. The surface is wavy, although the layer thickness is homogeneous at around 500 nm. 

The coating thickness was 1,000 nm, which upon oxidation to Al2O3 would have generated a 

layer thickness of around 1,300 nm. Therefore, some Al is “lost”, which will be discussed in 

more detail below. No signs of spallation of the oxide scale have been recorded for the sample, 

indicating good adherence of the oxidised coating. 
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Figure 43: SEM micrographs representing: a) top-view of the air-side of the pre-oxidised sample; b) top-view of 

the fuel-side of the pre-oxidised sample; c) top-view of the air-side; d) cross-section of the air-side; e) top-view 

of the fuel-side; and f) cross-section of the fuel-side of the 441 aluminium ( ̴ 1,000 nm)-coated sample exposed to 

the dual-atmosphere (Ar-5% H2 + 3% H2O // Air + 3% H2O) for 3,000 h at 600°C.Inset: higher magnification of 

selected scale regions. 
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Aluminium ( ̴ 1,000 nm) // 10 nm Ce / 600 nm Co-coated sample exposed for 7,000 h 
 

Figure 44 shows the SEM micrographs of the Al // Ce/Co-coated sample that were exposed 

for 7,000 h in dual-atmosphere conditions. After the pre-oxidation step, the air-facing side of 

the sample (see Figure 44a) shows a protective Co-rich oxide that covers the entire surface and 

the presence of small nodules ( ̴ 5 μm-thick) located under the oxide scale. The fuel-side of the 

sample (see Figure 44b) depicts a surface fully covered with an Al-rich oxide. 

A longer exposure time was selected for this specific sample because optically it appeared 

to be completely protective after 3,000 hours. The top-view of the air-side of the sample (see 

Figure 44c) shows the presence of a few large Fe-rich nodules, comparable to the nodules 

observed on the Ce/Co-coated samples (see Figure 42c). The nodules are of equivalent size and 

are present at the same frequency in the two samples. Smaller nodules are visible and seem to 

be covered by an oxide scale and follow the rolling direction, as previously observed after pre-

oxidation (see Figure 44a). The cross-section of the air-side (see Figure 5d) shows two different 

microstructures: a homogeneous 4-layer microstructure and a small-nodule microstructure. The 

outer layer of the homogeneous part consists of a (Cr, Co)3O4 spinel that contains 

approximately 19 at% of Cr and 15 at% of Co. The Cr in the top layer is believed to originate 

from the sample holder, which is a chromia former steel. The second layer consists of an 

almost-pure Co3O4 spinel that contains roughly 4 at% of Fe. The third layer is a (Fe,Co)3O4 

spinel with 14 at% of Fe, 14 at% of Co, and low percentages of Cr and Mn (6 at% and 3 at%, 

respectively). Closest to the metal, a thin Cr2O3 layer is present. Overall, this 4-layer 

microstructure appears to be porous and is roughly 1 μm-thick. The second part consists of Fe-

rich small nodules located underneath a (Co,Cr)3O4 spinel, and beneath this, a (Fe,Cr)3O4 spinel 

is present.  The small-nodule morphology on the air-side of the Al//Ce/Co-coated sample 

differs from the morphology of the small nodules observed on the Ce/Co-coated sample, since 

an oxide layer covers them. The top-view of the fuel-side (see Figure 44e) does not show visible 

signs of severe corrosion and has the same morphology as that observed after pre-oxidation. 

The Al-rich layer is homogeneous and covers the sample. Figure 44f depicts the cross-section 

of the fuel-side. As specified in TABLE II, the oxide scale is much thinner than the nominal 

coating thickness (1,000 nm) and is less homogeneous as that observed on Al-coated sample. 

No signs of spallation of the oxidised coatings have been noted, indicating good adherence. 
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Figure 44: SEM micrographs representing: a) top-view of the air-side of the pre-oxidised sample; b) top-view of 

the fuel-side of the pre-oxidised sample; c) top-view of the air-side; d) cross-section of the air-side; e) top-view 

of the fuel-side; and f) cross-section of the fuel-side of the 441 sample with Al-coating on the fuel-side and Ce/Co-

coating on the air-side, exposed to the dual-atmosphere (Ar-5% H2 + 3% H2O // Air + 3% H2O) for 7,000 h at 

600°C. Inset: higher magnification of selected scale regions. 
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Al2O3 ( ̴ 500 nm)-coated sample exposed for 3,000 h 
 

Figure 45 shows the SEM micrographs of the oxide scales on the air-side and fuel-side of 

the Al2O3-coated sample. After pre-oxidation, the uncoated air-facing side of the sample (see 

Figure 45a) shows an oxide scale that is covering the surface, similar to the uncoated sample 

(see Figure 41a), together with the presence of some small nodules that are around  ̴ 2 μm in 

thickness and still covered by the oxide scale. The fuel-side (see Figure 45b) shows a surface 

that is fully covered with Al2O3.  

After 3,000 h of exposure, very few Fe2O3 nodules are present on the air-side (Figure 45c). 

Closer examination uncovers small nodules that are still covered with the oxide, as observed 

after pre-oxidation. The nodule size ( ̴ 2 μm) is similar to that observed after pre-oxidation (see 

Figure 45a). The cross-section of the air-side (Figure 45d) shows a thin ( ̴ 200 nm) and 

homogeneous (Cr, Mn)3O4 protective spinel and the presence of small (Fe, Cr, Mn)3O4 nodules, 

as previously seen in the top-view image (see Figure 41c) for uncoated samples. The plan-view 

of the fuel-side (Figure 45e) shows a protective Al2O3 oxide scale covering the sample, 

identical to that observed after pre-oxidation (see Figure 45b). However, small micro-cracks 

are visible on the sample surface after 3,000 h of exposure. The top layer of the fuel-side 

(Figure 45f) consists of a continuous Al2O3 oxide layer ( ̴ 500 nm thick) and, closest to the 

metal, a thin (Fe, Cr, Mn)3O4 spinel ( ̴ 200 nm in thickness). It is assumed that oxygen diffused 

through the micro-cracks and oxidised the steel underneath the protective Al2O3 layer. No signs 

of spallation of the oxide scale were recorded for the sample, indicating good adherence of the 

sputtered oxide. The desired phase for this application is α-Al2O3, as it has the lowest 

permeability to hydrogen [45-47]. However, the formation of α-Al2O3 is unlikely because it 

takes place at higher temperatures and usually with longer exposure times, and it is derived 

from the γ-Al2O3 phase [48, 49]. The Al2O3-coated sample on the fuel-side displays very few 

Fe2O3 nodules along the surface, indicating good protection against the dual-atmosphere effect. 

Previous research [50] has established the high density, low porosity, low number of defects 

and good stability of alumina. 
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Figure 45: SEM micrographs representing: a) top-view of the air-side of the pre-oxidised sample; b) top-view of 

the fuel-side of the pre-oxidised sample; c) top-view of the air-side; d) cross-section of the air-side; e) top-view 

of the fuel-side; and f) cross-section of the fuel-side of the 441 Al2O3 ( ̴ 500 nm)-coated sample exposed to the 

dual-atmosphere (Ar-5% H2 + 3% H2O // Air + 3% H2O) for 3,000 h at 600°C. Inset: higher magnification of 

selected scale regions. 

  



21 

 

Initial interactions of the Al coatings and Al2O3 coatings with the substrate 
 

The thickness of the Al coating observed here (see Figure 43f and Figure 44f) does not match 

the initial thickness of the Al coating (see TABLE VI). To investigate this further, the initial 

stages of the interactions of the Al and Al2O3 coatings were investigated. The samples were 

exposed at 800°C for 5 h, with a ramp rate of 1°C / min, in a tubular furnace under a humid 

airflow of 280 smL∙min-1 (i.e., pre-oxidation parameters). Figure 46 shows cross-sections of 

the as-received Al-coated and Al2O3-coated samples. It is clear that the nominal thicknesses 

(see TABLE VI) match well with the observed thicknesses before exposure. Figure 46 shows 

that after 5 h of pre-oxidation at 800°C, the 1-μm-thick Al coating has shrunk to a thickness of 

approximately 500 nm, while the thickness of the Al2O3 coating is unchanged. 

 

 

Figure 46: Effect of the pre-oxidation step on metallic Al coating. Top panel: As-received Al-coated and Al2O3-

coated 441 steel. Bottom panel: The same surface after 5 h of pre-oxidation with up and down ramp rates of 1°C 

/ min in humid (3% water vapour) laboratory air at 800°C. 

To quantify the inter-diffusion of Al within the alloy, a line-scan analysis was conducted on 

the Al-coated 441 sample that was pre-oxidised for 5 h. The analysis revealed that after 5 h of 

pre-oxidation at 800°C, the Al had diffused into the alloy (to a depth of  ̴ 15 μm). Figure 47 

displays the line-scan with the atomic percentage concentrations for the relevant species from 
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the surface to the bulk. A high concentration of Al is seen for a depth of up to 2 μm into the 

bulk. It stabilises at around 5 at% at 3 μm to 10 μm depth within the substrate and decreases 

thereafter. The EDS line-scan shows the presence of Fe within the top layer (at  ̴ 10 at%). The 

analysis was repeated twice to ensure reproducibility. This proves that Al diffuses inside the 

alloy during the pre-oxidation steps.  

 

Figure 47: SEM micrograph representing the line-scan analysis used to determine the inter-diffusion of Al within 

the sample for an Al-coated 441 sample exposed for 5 h in humid air (3% water vapour) at 800°C with up and 

down ramp rates of 1°C / min.  



23 

 

Investigation of the conductivity of the alumina coating 
 

The electrical conductivity of the coated interconnects directly influences the final performance 

of a fuel cell. Therefore, the conductivity value must be kept as low as possible and should 

increase as little as possible over time. A value of <100 mΩ∙cm2 is commonly reported as an 

acceptable threshold for ASR [51]. Since Al2O3 is known to be a poor conductor [52-54], the 

oxide scale resistance of the Al2O3-coated sample was investigated at 600°C in Ar – 5% H2, to 

simulate the fuel-side atmosphere. The ASR of the uncoated sample was measured as a 

reference. The oxide layer formed at the air-side during exposure was ground off to evaluate 

the resistance of the fuel-side oxide plus coating only. Oxidation on the ground-side interface 

might give somewhat misleading values. Nevertheless, there was a significant difference: for 

the uncoated material, a value of 100 mΩ∙cm2 was recorded, while for the Al2O3-coated 

sample, a value of 3.8 Ω∙cm2 was obtained, which is much higher than what is considered to 

be an acceptable ASR. Impurities (originating from the sample heat treatment or ambient 

conditions) have marked effects on both types of conduction (ionic and electronic), which 

could explain the large dispersion of the measured values in this work [55, 56]. Thus, the high 

ASR values recorded at 600°C are in complete accordance with the results of previous research 

[55-57] describing alumina as an insulator at this temperature. Although it is an excellent 

barrier to hydrogen permeation, Al2O3 seems to be unsuitable for interconnect applications if 

anode-side contacting cannot be designed in a way to circumvent the insulating Al2O3 layer.  
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Figure 48: ASR measurements of PVD Al2O3-coated sample and uncoated sample, exposed to 

Ar – 5% H2 – 3% H2O with a flow rate of 120 smL∙min-1 for 668 h at 600°C. The error bars represent the 

maximum and minimum values measured. 
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Conclusion 

Air-side and fuel-side coatings have been studied in this work to evaluate their protective 

properties with respect to mitigating dual-atmosphere corrosion of FeCr steel at 600°C. The 

main findings are that: 

• CeCo-coated samples on the air-side exhibit a more localised breakaway oxidation than 

uncoated samples;  

• Metallic Al-coated samples exhibit excellent protection against hydrogen permeation, 

despite the initial breakaway oxidation that occurs during the pre-oxidation step; 

• Al2O3-coated samples display the highest level of protection against the dual-

atmosphere effect; and 

• The combination of Ce/Co and Al coatings confer an excellent protection against the 

dual-atmosphere effect. 

The metallic aluminium and Al2O3 coatings seem to be the best candidate barriers against 

hydrogen permeation. However, ASR measurements on alumina show very poor conductivity 

of this coating, making its use as a coating for SOFC interconnects challenging. 
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