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a b s t r a c t

Understanding the microstructural behaviour of materials during thermomechanical processing is a vital 
step towards optimizing the mechanical properties. One important aspect during forming processes, such 
as forging, is dynamic recrystallization (DRX), which sets the starting microstructure for the subsequent 
manufacturing steps. Here we investigated the DRX behaviour of Ni-base superalloy Haynes 282 during hot 
compression with a strain rate of 0.05 s−1 at 1080 °C, with care taken to minimize the effects of meta- 
dynamic recrystallization (mDRX) and adiabatic heating. Small DRX grains could be observed already at 
ε = 0.1, i.e. before the peak strain εp = 0.15. The DRX process accelerated significantly above ε = 0.2, and the 
material was fully recrystallized at ε = 1.5. Up to ε = 0.8 DRX occurred through continuous nucleation of new 
grains, whereas above ε = 0.8 the number density of DRX grains decreased and the increase in recrystallized 
fraction was due to growth of existing grains. Contrary to common assumptions of DRX nuclei being es-
sentially dislocation free, many of the DRX grains contained pronounced dislocation substructures, even at 
small strains where they are not expected to have undergone deformation.

© 2023 The Author(s). Published by Elsevier B.V. This is an open access article under the CC BY-NC-ND 
license (http://creativecommons.org/licenses/by-nc-nd/4.0/).

1. Introduction

The mechanical properties of metallic materials are controlled by 
their microstructure, e.g. grain size and shape, texture, and presence 
of secondary particles [1]. While the final properties of a component 
is typically determined by subsequent heat treatments, the starting 
microstructure originating from the prior manufacturing routes 
(comprising of vacuum induction melting, vacuum arc remelting and 
electro-slag remelting followed by forming and shaping operations) 
defines the available property space. Therefore, understanding the 
microstructural evolution during different manufacturing steps is 
critical for property optimization and development of new materials. 
This is especially important for high-performance materials such as 
Ni-base superalloys, which are used in demanding applications such 
as hot sections of aircraft engines and turbine generators [2,3]. In 
this article, we investigate the dynamic recrystallization (DRX) 
during hot compression of Ni-base superalloy Haynes 282, a new 
strengthened alloy which shows promise as an easily fabricable and 
weldable alloy due to its slow precipitation kinetics [4]. It consists 
of a face centered cubic (fcc) matrix, γ, with the main strengthening 

precipitate being (L12 structured Ni3(Ti,Al)), and secondary M23C6 

and M6C carbides located at grain boundaries [4,5].
While microstructure-property relationships, stability of the 

microstructure, and the effects of heat treatments performed after 
hot forming in Haynes 282 has received considerable attention 
[6–9], the investigations of DRX during high temperature processing 
are limited. Shi et al. [10] studied the hot deformation behaviour at 
temperatures ranges between 950 and 1210 °C, with strain rates 
ranging from 0.01 to 10 s−1, and derived processing maps with the 
conclusion that optimal deformation ranges were between 1100 and 
1180 °C and 0.01–0.1 s−1.

We have previously investigated the dynamic and meta-dynamic 
(mDRX) recrystallization of Haynes 282 during hot compression at 
different strain rates both above and below the grain boundary 
carbide solvus (1100 °C) [11]. We concluded that both temperature 
and strain rate have an effect on the DRX process, but after a 90 s 
post deformation hold mDRX had erased the effect of the strain rate 
and the final microstructure was mainly controlled by the tem-
perature. Similarly, Metzler et al. [12] investigated the micro-
structural evolution with annealing time for up to 2 h after 
deformation, and showed that strain rate and total strain only 
weakly influenced the final average grain size. In a dedicated study 
we also noted that M23C6 grain boundary carbides do not have a 
significant contribution on the recrystallization behaviour, and 
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concluded that the carbide solvus temperature (1100 °C) is not a 
critical temperature in regards to DRX behaviour [13].

Gardner et al. [14] conducted single and multi-pass compression 
tests on Haynes 282 at 1100 °C and strain rate of 0.2 s−1. They found 
that multi-pass tests resulted in microstructures with larger average 
grain size but with higher spread, as well as observing lower in-
tragranular misorientations in multi-pass specimens.

The above studies did not, however, capture the onset and pro-
gression of DRX during compression, as they all focused on the 
microstructure obtained after relatively high strains (0.7–1). The 
early stages of DRX is still not well characterized or understood. It is 
often assumed to occur at the strain corresponding to the maximum 
stress (peak strain, ϵp) [15] or at the inflection point in the 2nd de-
rivative of the work hardening rate, i.e. the point where the work 
hardening rate starts to decrease [16]. Contradictory to these ap-
proaches, dedicated microscopy studies of Ni-based superalloy In-
conel 718 showed only very limited DRX even at strains up to 2ϵp 

[17]. The determination of DRX from the macroscopic stress–strain 
curves is complicated by the the large variations in temperature, 
strain and strain rate throughout the sample volume, even for small 
samples [18], which prevents a unique correlation between local 
microstructure evolution and global mechanical response. Even in 
the absence of such uncertainties, the correlation between flow 
softening and DRX evolution is ambiguous, as the recrystallized 
grains will undergo deformation and the steady-state stress is cor-
related to a dynamic balance between nucleation and deformation. 
Even more direct methods, such as microscopy investigations of 
interrupted hot compression tests, suffer from the same problems 
with inhomogenous deformation and temperature fields, but also 
from mDRX occurring during the post-deformation quench delay 
[17]. In addition, discrepancies between reports could be related to 
the method of heating, as resistive (Joule) heating have been shown 
to accelerate the DRX process compared to conventional radiation 
furnaces [19]. It is therefore important to be careful when comparing 
results between studies.

We investigate the progression of DRX in Haynes 282 during hot 
compression. Samples have been deformed to strain levels below, at 
and above ϵp at 1080 °C and a low strain rate, 0.05 s−1 (in order to 
minimize the contribution from adiabatic heating), and quenched 
with minimum delay to avoid mDRX. We observe nucleated DRX 
grains even at the lowest strain, i.e. below ϵp, but at very low frac-
tions. With increasing strain, clear substructures of low angle grain 
boundaries (LAGB) were observed in the deformed grains with more 
recrystallized grains nucleating at random high angle grain bound-
aries (HAGB), creating the necklace structure associated with dis-
continuous DRX (dDRX). The DRX process accelerated significantly at 
strains above 0.2, which explains the flow softening of the material. 
We also observe pronounced dislocation substructures in small DRX 
grains even at low strains, which suggests that nucleation does not 
necessarily involve the formation of deformation free grains.

2. Experimental procedure

Eight cylindrical samples, with length 12 mm and diameter 
8 mm, for Gleeble testing were machined from a 6 in. diameter 
Haynes 282 billet, the composition of which is shown in Table 1. In 
order to have the same initial microstructure, all samples were 

machined at half radius distance from the centre of the billet. During 
industrial forging the large billets would be soaked at the forging 
temperature prior to deformation in order to ensure homogeneous 
temperature. As the deformation temperature in this study, 1080 °C, 
is below the carbide solvus (1100 °C [20]), the soaking would lead to 
precipitation of grain boundary carbides. Although the effect of such 
carbides are negligible [13], we chose to mimic the industrial process 
by subjecting all samples, including the reference sample for in-
vestigation of the initial structure, to a 30 min soak at 1080 °C in a 
pre-heated furnace in an atmospheric environment, followed by 
water quenching. Water quenching completely suppresses nuclea-
tion of in Haynes 282, as was shown by Joseph et al. [21] in a 
dedicated atom probe tomography study.

The soaked samples were then placed in a Gleeble 3800 where 
the compression tests were performed. The test procedure is de-
scribed in more detailed in reference [11], but is summarized here. 
The temperature was monitored and controlled using a thermo- 
couple spot welded to the center of the gauge length and each 
sample was heated to 1080 °C over 60 s. After reaching the target 
temperature the samples were held for 10 s in order to stabilize the 
heating system and the temperature. Prior investigations with sev-
eral thermo-couples along the gauge length have shown that 10 s is 
enough time to stabilize the temperature gradient along the gauge 
length. The rapid heating and hold above the solvus temperature 
(1000 °C [20]) should prevent any significant presence of in the 
microstructure.

The samples were deformed to different strains at a constant 
nominal strain rate of 0.05 s−1. In order to preserve the micro-
structure in the state corresponding to the end of the deformation, 
the samples were water quenched directly after deformation. 
However, as shown by Nicolaÿ et al, [17], the quench delay could 
result in a significant contribution of changes in the microstructure 
via mDRX. To minimize this impact, the water nozzle was placed as 
close to the sample as possible while also pre-filling the hose with 
water. This brought the quench delay down to 0.2 s

The samples were cut along the gauge length with a low speed 
saw, and the cross-sections were ground using SiC papers, polished 
with diamond particles and lastly oxide polished in order to achieve 
a mirror-like surface for the electron backscattered diffraction 
(EBSD) investigation, which was performed in a GAIA Tescan focused 
ion beam-scanning electron microscope (FIB-SEM). It should be 
noted that the maps shown in Fig. 3, due to their size and step size of 
0.5 μm, were acquired in two different runs (one of the upper and 
one of the lower portion) which were stitched together using HKL 
CHANNEL 5 map stitching tool. EBSD analysis was performed using 
MTex software [22]. In order to determine the types of carbides 
present at the grain boundaries, energy dispersive X-ray spectro-
scopy (EDS), performed in a JEOL Prime FEG-SEM with an accelera-
tion voltage of 5 kV, was used.

3. Results and Discussion

3.1. Initial structure

The large (2.5 × 2.5 mm2, step size 7 μm), inverse pole figure (IPF) 
map from the initial soaked billet in Fig. 1(a) shows a relatively 
uniform microstructure with respect to grain size, with an average 
grain diameter of around 107 μm, including Σ3 twins, and no pre-
ferred texture. Fig. 1(b) shows the presence and morphology of 
carbides. Primary MC carbides, rich in Ti [23], are large and blocky 
and are seen both intra- and intergranuarly. Mo-rich M6C carbides 
[23] appear as white particles mainly seen within grains, but also at 
grain boundaries, and Cr-rich M23C6 carbides [23] are exclusively 

Table 1 
Chemical composition of Haynes 282 (in wt%) according to material certificate. 

Ni Cr Co Mo Ti Al Fe Mn Si C B

bal 19.3 10.2 8.7 2.2 1.5 0.9 0.05 <  0.05 0.06 0.004
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found along grain boundaries. EDS measurements of grain boundary 
carbides, shown in Fig. 1(c–f), was used to confirm the correlation 
between image contrast and morphology and carbide chemistry.

3.2. Deformation response

The stress–strain curves are shown in Fig. 2(a). Note that the 
“true” values are calculated based on the standard assumption of 
homogeneous deformation, which is violated as a result of axial 
temperature gradients and frictional effects [11], and should only be 
considered as qualitative. During the initial stages of deformation 
the material work hardens due to an increase in dislocation density. 
Eventually, the hardening rate decreases and εp is reached, after 
which flow softening is observed. The strain levels were chosen so 
the microstructure slightly before (ε = 0.1), at (ε = 0.15), slightly after 
(ε = 0.2) the peak strain, during the flow softening (ε = 0.4, 0.6 and 
0.8) and in the steady state regime (ε = 1.25 and 1.5).

Even though a slow strain rate (0.05 s−1) was chosen to minimize 
adiabatic heating, Fig. 2(b) shows that the temperature conditions 

during compression are not isothermal. There is an initial tem-
perature rise at the start of deformation, leading to a temperature 
some 10 °C above the target at ε ≈ 0.05. Estimation of adiabatic 
heating suggests that the expected temperature increase is in the 
order of 1 °C, indicating the significantly larger increase observed 
here has other origins. A potential cause can be an increase in cur-
rent when force is applied which led to better electrical contact 
between sample and anvils. After a peak the temperature at ε ≈ 0.05 
decreases to within 3–4 °C of target at ε ≈ 0.1 − 0.15 and remains 
there throughout the compression. Non-isothermal response in the 
early stages clearly poses a problem for detailed investigations of the 
onset of DRX, as this is the strain region where DRX is expected to 
initiate. Another important aspect is the implications of the initial 
temperature variation on attempts to determine the early stage DRX 
characteristics from analyses of the stress–strain response. Many 
studies use the response at ε ≤ εp to calibrate a constitutive model for 
the “DRX-free” response as part of subsequent separation of recovery 
effects (saturation) and flow softening (DRX) [24,25]. The current 
results indicate that such calibrations could suffer from relatively 
large uncertainties in temperature, i.e. thermal activation, which 
would result in erroneous predictions of the saturation stress. Si-
milarly, attempts to determine inflection points in the work hard-
ening rate become problematic due to the superimposed change in 
temperature affecting the balance between hardening and softening 
thus possibly shifting the minimum. Details of the temperature re-
sponse during hot compression tests are seldom reported, but this 
indicates that it may have critical effects on the conclusions and 
should be carefully considered in any analysis.

3.3. Deformed microstructure

Stitched IPF maps (500 × 500 μm2, step size 0.5 μm) from the 
initial billet microstructure as well as from the central region of 
samples deformed to different strains are shown in Fig. 3. After a 
strain of 0.1 (Fig. 3(b)), local rotations of the lattice can mainly be 
seen at triple junctions. A small region of potentially recrystallized 
grains is visible and highlighted with a circle. The presence of DRX 
grains was confirmed by EBSD maps with higher magnification and 
resolution, see Figure S1 in the supplementary material. At strains of 
0.15 (Fig. 3(c)) and 0.2 (Fig. 3(d)), corresponding to the micro-
structure at and just after εp, respectively, recrystallized grains are 
more clearly seen at grain boundaries in some regions, and larger 

Fig. 1. Initial billet structure. (a) 2.5 × 2.5 mm2 IPF with corresponding legend parallel to a horizontal axis. (b) Secondary electron (SE) image where MC (1), M6C (2) and M23C6 (3) 
carbides are seen in the microstructure, based on the analysis performed by Joseph et al. [23]. (c–f) show EDS data from a small region containing grain boundary carbides. (c) is 
the SE image, while (d–f) show elemental maps for C, Cr and Mo respectively. Scale bar for these figures is 2.5 μm.

Fig. 2. Evolution of (a) true stress and (b) temperature with true strain for the dif-
ferent samples.
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Fig. 3. Stitched IPF maps for (a) billet microstructure, and after deformation to strains of (b) 0.1, (c) 0.15, (d) 0.2, (e) 0.4, (f) 0.6, (g) 0.8 (h) 1.25 and (i) 1.5. Each map is 
500 × 500 μm2.
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orientation gradients can be seen in the interior of the deformed 
grains, and not only at triple junctions. Due to the similarity in 
crystal structure between fcc Ni and MC carbides, the latter were 
frequently indexed as Ni. As a size-dependent threshold will be used 
to separate recrystallized and deformed grains (further details in 
section 3.4) the small MC carbides will be classified as recrystallized. 
This can cause significant errors when evaluating the DRX fraction at 
low strains (ε ≤ 0.2), where the number of recrystallized grains is 
small. Therefore, the MC carbides were manually excluded by 
overlaying the IPF map and the SE image (where carbides were easily 
distinguished) and the respective grains were removed from the 
data set. More details on the procedure is provided in the supple-
mentary material. They have also been marked in black in Fig. 3(a–d) 
to avoid confusion. However, for the larger strains, where the re-
crystallization is much more prominent, eventual MC carbides were 
left in the list of recrystallized grains as the statistical error would be 
negligible for these samples.

A significantly larger amount of recrystallized grains can be seen 
at ε = 0.4 (Fig. 3(e)), which suggests that the rate of recrystallization 
accelerates at strains above 0.2. Here, recrystallized grains are ob-
served at practically all grain boundaries, even between what is most 
likely Σ3 boundaries, where no recrystallization was visible at lower 
strains. Given their low energy, [26], Σ3 boundaries are not expected 
to be preferential sites for recrystallization. Miura et al. [27] showed 
that triple junctions where at least one boundary was a Σ3 twin were 
less likely to act as recrystallization sites. Recrystallization also oc-
curs locally inside grains, see e.g. regions indicated by black squares 
in Fig. 3(e). This is most likely the cause of particle stimulated nu-
cleation (PSN), where MC carbides (located either above or below 
the investigated surface) act as nucleation sites [11]. Continued 
compression results in an even higher fraction of recrystallized 
grains at grain boundaries, creating the so called necklace structure 
commonly associated with dDRX. At a strain of 0.8 (Fig. 3(e)) the 
microstructure is still not fully recrystallized, consistent with our 
previous observations under the same conditions [11]. While re-
mains of deformed grains are clearly seen at ε = 1.25 (Fig. 3(g)), the 
microstructure is in principle fully recrystallization at a strain of 1.5 
and the grains have undergone visible growth (Fig. 3(h)).

3.4. DRX kinetics

In order to measure the evolution of the DRX fraction, XDRX, 
grains were classified as recrystallized or deformed, based on a grain 
size (equivalent diameter) threshold set to 10 μm. The use of a size 
threshold, rather than e.g. grain orientation spread (GOS) was 
chosen as it gave a more robust differentiation in the current mi-
crostructures with a large size difference between deformed and 
recrystallized grains [28]. Fig. 4 shows the same maps as in Fig. 3 but 
with recrystallized grains in red and deformed in grey. As men-
tioned, for strains 0.1, 0.15 and 0.2, where the amount of re-
crystallized grains was small, the MC carbides were manually 
removed prior to analysis. Another artefact present at low strains 
was a number of small regions within deformed twins were classi-
fied as recrystallized, although from their Σ3 boundaries they were 
evidently twinned regions extending perpendicular to the cross- 
section. They were much fewer than the amount of MC carbides, but 
they were also removed from the DRX grains, instead shown as 
deformed in Fig. 4. Due to the very small number of recrystallized 
grains and the manual corrections applied, the relative uncertainty 
in the DRX fraction at the smallest strains is large, but as the fraction 

is low (although certainly greater than zero, as discussed in the 
preceding section) this uncertainty does not have a significant im-
pact on the following analysis. At the highest strain levels (ε ≥ 0.6), 
on the other hand, there is a risk that remnants of deformed grains 
are small enough to fall below the threshold and are classified as 
recrystallized. The overall effect of this is considered negligible, as 
the number of erroneously classified grains will be small. Here we 
also note that any mDRX occurring during the quench delay will lead 
to an overestimation of the DRX fraction. Considering the time de-
pendence of DRX from the current data (i.e. the increase in DRX 
fraction with test duration rather than strain), the increase in DRX 
fraction with time in the strain range where the process is fastest 
(0.2 ≤ ε ≤ 0.8) we estimate an mDRX rate of around 0.07 s−1. The in-
crease in DRX fraction during the 0.2 s quench delay is therefor ex-
pected to be less than 0.02 and can be neglected.

The evolution of DRX fraction (black), average recrystallized grain 
size (blue) and number density of DRX grains (orange) are shown in 
Fig. 5. Due to low statistics the average grain size has been excluded 
for strains <  0.2. Up to a strain of 0.8 the primary recrystallization 
mechanisms seems to be the nucleation of new grains. The number 
density increases rapidly while the average grain size of re-
crystallized grains remains rather constant. However this changes 
for strains over 0.8, as indicated in Fig. 5 where a decrease in the 
number density and an increase in the average grain size is observed. 
This result differs from that obtained by Zhang et al. [29] who re-
ported a large increase in DRX grain size, from 6 to 14 μm, between 
strains 0.3 and 0.5, followed by a relatively constant grain size at 
larger strains. The tests in [29] were however performed at higher 
temperature (1110 °C) and strain rates (0.01 s−1), which would be 
expected to significantly affect the DRX response.

The kinetics of the DRX process can be described by an Avrami- 
type equation [25,30,31], derived from the corresponding time-de-
pendent expression for static recrystallization [24].

=X k1 expDRX
c

p

n

(1) 

where XDRX is the recrystallized fraction, εc the critical strain for 
onset of DRX and k and n are strain rate and temperature dependent 
material constants. Here, we set εp = 0.15 according to the stress–-
strain curves, and εc = 0.1 was chosen as an upper bound for the 
initiation of recrystallization, as the EBSD investigation indicated 
very limited DRX at this strain. The exact value of εc does not have a 
significant impact on the results. Eq. (1) was then fitted to the values 
of XDRX determined from EBSD, as the intercept and slope of a linear 
regression of Xln( ln(1 ))DRX versus ln(( ) )c p , to determine 
the constants k = 0.1373  ±  0.016 and n = 1.6195  ±  0.014, Fig. 6.

Based on post-deformation optical microscopy, Shi et al. [10]
reported that DRX of Haynes 282 was not complete after compres-
sion to ε = 0.7 at temperatures up to 1120 ∘C, for a strain rate of 
0.1 s−1. At 1050 °C a large fraction of deformed grains remained 
(although the actual value was not reported), whereas at 1100 and 
1120 °C only small unrecrystallized areas remained. After deforma-
tion at a slower strain rate, 0.01 s−1, the samples were fully re-
crystallized at ε = 0.7 at 1100 °C, but the results for lower 
temperatures were not reported. This qualitatively agrees with our 
results, but we also note that the quench delay, which can have a 
significant effect on the recrystallized fraction since mDRX and not 
DRX will occur during this time, was not reported in [10].
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3.5. Estimation of DRX from stress–strain response

Determination of the DRX kinetics from microstructural in-
vestigations of interrupted tests is relatively uncommon in the lit-
erature, not least due to the considerable amount of testing and 
evaluation required. Instead, kinetics are often derived from the 
stress–strain response according to [32].

=X ( )
( ) ( )

DRX
DRV

s ss (2) 

where σDRV(ε) is the stress evolution if no DRX occurs, i.e. by only 
considering the balance between work hardening and dynamic re-
covery which saturates at σs, and σss is the steady state stress, i.e. the 
stress reached when the work hardening and DRX rates reach 

dynamic equilibrium. To compare the two approaches (micro-
structure evaluation of interrupted tests and determination of XDRX 

from stress response), we use Eq. (2) to calculate XDRX. The “DRX- 
free” stress response was described by a Voce-type equation

=( ) ( )exp{ }DRV s s 0 (3) 

where σ0 is the yield stress and α is a constant. Differentiating Eq. (3) 
with respect to ε and inserting the inverted form (ε = f(σ)) of the 
same equation leads to the common form

= = ( ).DRV
s (4) 

Consequently, α and σs can be found from the slope and x-axis 
intercept of a linear fit of θ vs. σ in the strain range unaffected by 

Fig. 4. Maps showing recrystallized grains in red, deformed grains in gray and MC carbides in (a–c) in black. (a) microstructure after a strain of 0.1, (b) 0.15, (c) 0.2 (d) 0.4 (e) 0.6, (f) 
0.8, (g) 1.25 and (h) 1.5.
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DRX. The steady-state stress σss is found from the second intercept of 
θ with the x-axis. Examples of fitting can be seen in Fig. 7(a) and (b), 
and the resulting predictions of XDRX for the different samples using 
Eq. (2) are shown in Fig. 7(c) where they are compared to the ex-
perimental values and the Avrami fit (Eq. (1)). The predicted and 
measured values agree reasonably well, except in the region below 
ε = 0.4 for the sample deformed to a strain of 0.8. This discrepancy is, 
however, mainly related to the stress development in the particular 
sample. Looking closer at the stress–strain curves in Fig. 2(a), we 
note that a second stress maximum can be observed at ε ≈ 0.4 in the 
sample deformed to a strain of ε = 0.8. This behaviour is not seen in 
the other samples and is associated with a temperature fluctuation, 
see Fig. 2(b). All samples with a strain above 0.4 were evaluated 
using the same approach, except for determination of σss which was 
assumed to be the same for all samples (determined from the 
sample deformed to ε = 1.5 since the lower maximum strains did not 
allow reliable extrapolation), and it is clear that the experimental 
and calculated data agree rather well even at low strains.

In spite of the apparently good agreement between EBSD- and 
stress-based methods to determine the DRX fraction, there are some 
caveats, such as the difference in terms of the considered sample 
volume in the two methods. As noted already, the strain, strain rate 
and temperature, and consequently the extent of DRX, are not 

homogeneous in the sample. The recrystallized fraction determined 
by Eq. (2) depends on the macroscopic stresses and strains, and is 
strictly only valid in the case of homogeneous DRX in the sample (or 
at least through the cross-section). In reality, however, the analysis 
will be the average behaviour of the sample with varying fractions of 
recrystallized and non-recrystallized regions. Furthermore, the 
analysis typically excludes the stress-reduction arising from the in-
creased cross-sections due to progressive barrelling of the sample 
during compression. In the EBSD-based approach, on the other hand, 
the DRX fractions were obtained from a limited area in the central 
region of the sample volume, where the strains and temperatures 
are highest [33,34]. The DRX fractions at the edges and further to-
wards the anvils, and hence the average DRX fraction in the sample, 
will be significantly lower, and Eq. (1) will therefore overestimate 
the average DRX fraction in the sample. Notably, the fact that the 
local strains and temperatures in the central region have been higher 
than the average corresponding values means that the deformation 
has locally progressed much further (i.e. the “true” strain points 
corresponding to the location where the DRX fractions were de-
termined by EBSD should be shifted to the larger strains). This, in 
turn, suggests that care should be taken when comparing DRX 
fractions determined from microstructure investigations and 
stress–strain based calculations.

3.6. Grain boundary evolution

Fig. 8 shows the spatial distribution of different types of grain 
boundaries in the microstructure. LAGB (  <  15°) are shown in blue, 
random HAGB (≥15°) in black and Σ3 CSL boundaries in red. In 
Fig. 8(b–d) MC carbides are shown in black, and recrystallized grains 
in pink. The grains in the billet material (Fig. 8(a)) contains a large 
number of annealing twins, and no internal substructures. At the 
lower strains, substructures seen as LAGB in Fig. 8(b–d) progres-
sively develop. These initially accumulate at the pre-existing HAGB, 
leading to nucleation of recrystallization, most notably in Fig. 8(c) 
where the two regions with highest density of recrystallized grains 
also have the largest amount of LAGB substructures surrounding 
them (marked with black rectangles). In the early stages original Σ3 
boundaries appear to be free of surrounding LAGBs. As the de-
formation progress they lose their coherent structure and become 
random HAGBs. At a strain of 0.2, Fig. 8(d), there are almost no Σ3 
boundaries (red) present. At higher strains, new Σ3 boundaries ap-
pear, associated with the recrystallized grains. It has been shown 
that nuclei can be cut off from their parent by a Σ3 boundary [11], 
but closer inspection of the maps in Fig. 8 shows that the majority of 
the Σ3 boundaries are located inside recrystallized grains, suggesting 
that they are growth twins.

A more statistical representation of the grain boundary dis-
tribution evolution is shown in Fig. 9. In Fig. 9(a) the relative length 
fractions of LAGBs and HAGBs are shown as a function of average 
strain. Note that the closed black symbols show only random HAGBs, 
whereas the open black symbols represent the sum of random 
HAGBs (i.e. misorientation angles above 15° but not classified as Σ3) 
and Σ3 boundaries. The red shaded area between the two thus re-
presents the Σ3 boundaries. Fig. 9(b), on the other hand shows the 
total length of each grain boundary type. The grain boundary evo-
lution is an important aspect as it can help optimize processing 
parameters in terms of optimal grain boundary structures so called 
grain boundary engineering [35] where the Σ3 twin boundaries are 
of particular interest due to their relatively low energy and mobility.

Fig. 5. Evolution of recrystallized fraction (left axis), and average size and number 
density of recrystallized grains (right axis).

Fig. 6. Fit of an Avrami-type expression (Eq. (1)) to the measured DRX fractions, 
extrapolated to larger strains to determine the predicted strain levels corresponding 
to full recrystallization. The linear fit to determine k and n is shown as an insert.
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Initially, the majority of HAGB are Σ3, but the length fraction for 
these decrease significantly between strains 0–0.2. This is caused by 
the introduction of lattice rotations by the plastic deformation [36]. 
It is most prevalent between strains 0 and 0.1 where the majority of 
Σ3 boundaries are transformed into random HAGB, as seen in the 
large increase in the random HAGB fraction in Fig. 9(a) while the 
total length for HAGB + Σ3 remains almost constant, Fig. 9(b). The Σ3 
fraction and length start to increase at higher strains, due to the 
creation of growth twins via stacking faults during the motion of 
HAGB, as well as bulges being cut-off from the parent grain via the 
creation of a twin boundary [37]. With nucleation of new grains one 
can see an increase in the total Σ3 length suggesting that twinning is 
a part of the dDRX process, which has been reported by other au-
thors as well [38,39]. However, the results from Azarbarmas et al. 
[39] suggests that the twinning process is highly temperature-de-
pendent, as a significantly lower amount of Σ3 boundaries were 
created during deformation of Inconel 718 at 1000 °C compared to at 
1050 °C.

An increasing plastic deformation initially leads to a gradual in-
crease in the LAGB length as dislocation structures build up in the 
grain interiors. The amount of HAGB (random + Σ3), on the other 
hand, increases very slowly in the early stages, which leads to an 
increase in the fraction of LAGBs up to a strain of 0.2, after which it 

decreases again. This decrease is not a result of a decreasing density 
of LAGBs. This is seen by the continuing increase in the LAGB length 
up to a strain of 0.4, and can also be qualitatively seen in Fig. 8. At 
strains above 0.2, more and more HAGBs are introduced by the DRX 
process, which is the reason for the decreasing LAGB fraction in spite 
of the still increasing LAGB length. Starting from ε = 0.8, also the 
LAGB length (not only the fraction) starts to decrease. This is likely a 
combined effect of the decreasing fraction of deformed grains (in-
creasing DRX fraction), leading to a smaller area containing LAGBs, 
and accelerated dynamic recovery which reduces the LAGB density. 
The latter can be qualitatively seen by comparing Fig. 8(e) and (f), 
where the density of LAGBs in the large deformed grains is clearly 
lower at a strain of 0.6 (f) compared to 0.4 (e).

3.7. Substructures in DRX grains

Another observation was that even at lower strains internal 
structures existed in small, recrystallized, grains. Examples of this is 
shown in Fig. 10, where magnified views of samples deformed to 
ε = 0.1 (a), 0.15 (b) and 0.2 (c), are shown. The arrows highlight small 
grains of similar size, where red arrows point to grains without in-
ternal structures, while black arrows indicate grains with internal 
structures. This contradicts the general notion that DRX grains are 

Fig. 7. (a) Stress–strain curve with measured stress strain data of the sample deformed to a strain of 1.5 in blue and σDRV (Eq. (3)) in orange. (b) Kocks-Mecking plot of the sample 
deformed to a strain of 1.5 with corresponding σs and σss marked. (c) shows the measured XDRX values and the fit based on Eq. (1) in orange and the XDRX behaviour with strain 
based on Eq. (2) for each sample deformed to a strain ≥ 0.4 in gray.
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initially deformation free. Even though recrystallized grains do be-
come progressively deformed with continued compression, it seems 
unlikely that such pronounced substructures would have had time to 
develop for these low strains. In order to exclude the possibility of 
artefacts from grinding and polishing one sample was instead ion 

etched in a Gatan precision etching coating system (PECS) in order to 
remove possible deformation of the surface. However, small grains 
with apparent substructures were still present. In order to draw any 
further conclusions, a dedicated analysis using transmission electron 
microscopy (TEM) is required.

Fig. 8. Grain boundaries in the billet (a) and after compression to different strains (b–i). LAGBs (< 15°) are shown blue, random HAGBs in black and Σ3 CSL boundaries in red. In the 
samples were MC carbides were manually removed (b–d) carbides are marked in black and recrystallized grains in pink. Blue horizontal lines in the middle of (a), (d) and (f) 
originate from imperfect stitching of the two partial maps. Black rectangles in (c) highlight a higher concentration of LAGB and regions of recrystallized grains.
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4. Conclusion

• During deformation of Haynes 282 compressed at a strain rate of 
0.05 s−1 at 1080 °C individual DRX grains could be observed al-
ready at ε = 0.1, i.e. before the peak strain εp = 0.15.

• The DRX process accelerated significantly above ε = 0.2, and the 
material was fully recrystallized at ε = 1.5.

• Continuous nucleation of new grains, rather than growth of early 
recrystallized grains, occurs during deformation up to a strain of 
ε = 0.8 which results in an increase in the fraction and total length 
of Σ3 boundaries with increasing strain.

• At higher strains the increase in DRX fraction is caused by grain 
growth. The kinetics are well described by an Avrami-type 
equation, and can be predicted from the stress evolution with 
good accuracy.

• Many small grains classified as recrystallized still contained dis-
tinct deformation substructures, even at very low strains, 

contrary to the conventional notion of DRX grains being de-
formation free.
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Fig. 9. Grain boundary misorientation statistics. (a) Length fractions for LAGBs (< 15°) in blue, random HAGB (  >  15°, excluding Σ3 boundaries) in solid black closed circles and 
random HAGB + Σ3 twin boundaries in dashed black open circles. The red shaded area shows the Σ3 fraction. (b) Total length of LAGBs (blue), random HAGBs (black) and Σ3 
boundaries (red).

Fig. 10. KAM maps of magnified regions in the maps in Fig. 3 for (a) ε = 0.1, (b) ε = 0.15 and (c) ε = 0.2. Note that the scale for the KAM maps are 0–2.5°, so local misorientations 
above this value will not be seen. MC carbides are marked in black. Black arrows points at small grains with substructures, while red arrows point to grains with similar size 
without internal structures. Scale bars are 10 μm.
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