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medium entropy alloy 
Sri Bala Aditya Malladi 

Department of Industrial and Materials Science 
Chalmers University of Technology 

Abstract 

Powder bed fusion laser beam (PBF-LB) is a powder bed fusion additive 

manufacturing process that is one of the most established and widely used techniques 

for manufacturing near net shape components. The unique characteristics of PBF-LB, 

such as the high cooling rates and local directional heat transfer, lead to the formation 

of unique microstructures. These microstructures can be tailored to achieve desired 

properties by controlling the process parameters. This thesis studies the influence of 

PBF-LB processing conditions on the microstructure and resulting properties of two 

different types of alloys: high alloyed ferritic stainless steels and medium entropy 

alloys. 

Due to the rapid melting and solidification, the resulting microstructure typically 

consists of columnar grains due to the conditions favourable for the epitaxial growth. 

Ways to address this include, by either manipulating the process parameters to limit 

the favourable conditions for epitaxial growth, or by utilizing the alloy design 

approach to promote the columnar to equiaxed transition. The first part of the thesis 

focuses on ferritic stainless steels. The influence of inoculation on heterogeneous 

nucleation and as-printed microstructure is studied in ferritic stainless steels with and 

without inoculants. The results show that inoculation can promote equiaxed grain 

growth and significantly reduce the epitaxial growth by altering the solidification 

conditions.  

The second part of the thesis focuses on medium entropy alloys. The influence of 

interstitial solid solution strengthening on the mechanical properties of CoCrNi-N 

medium entropy alloys in as-printed and heat-treated conditions is studied. The 

results show that interstitial solid solution strengthening can improve the mechanical 

properties of the alloys and also provide significant microstructural stability by 

delaying the onset of recrystallization and grain growth as compared to the nitrogen 

free CoCrNi. In addition, the influence of processing conditions, specifically the high 

cooling rates on the as-printed microstructure, mechanical properties, and TRIP 
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behaviour of a Co45Cr25(FeNi)30 metastable medium entropy alloy is investigated. The 

results show that processing conditions can significantly affect the microstructure and 

phase stability which in turn influence the resulting deformation behaviour of the 

alloy. 

The results of this thesis demonstrate that PBF-LB is a versatile process that can be 

used to produce high-performance materials with tailored microstructure and 

properties. The findings of this research will be valuable to researchers and engineers 

who are interested in developing novel alloys and materials by and for additive 

manufacturing. 

Keywords: Laser-based powder bed fusion, inoculation, ferritic stainless steels, 

medium entropy alloys, interstitial solid solution strengthening, microstructural 

characterization, phase transformation, recrystallization. 
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1 Introduction 
1.1 Background 
Additive Manufacturing (AM) has revolutionized traditional manufacturing 

approaches, offering a paradigm shift in the production of metallic materials. The term 

additive manufacturing (AM) refers to the plethora of techniques which manufactures 

parts from the 3-dimensional model data by the process of joining materials layer up 

on layer [1]. According to the ASTM standard 52900:2021, additive manufacturing 

techniques are classified under 7 different categories and the classification is shown in 

Figure 1. Among the AM processes, powder bed fusion techniques use high power 

energy sources such as electron beam (termed, powder bed fusion – electron beam or 

PBF-EB) and laser beam (termed, powder bed fusion – laser beam or PBF-LB) to 

selectively melt and solidify the metal particles to achieve full densification. Due to 

the intrinsic ability of powder bed fusion processes to manufacture near net shape 

components straight from the 3D model, there is increasing demand in the 

applications mainly in the fields of automobile, aerospace, and biomedical fields [2–

4]. As the demand for such near-net shape manufacturing of customized products 

grows, these techniques are expected to play an increasingly important role for future 

manufacturing needs. 

Among the powder bed fusion processes, powder bed fusion laser beam (PBF-LB) is 

one of the most established and widely used techniques owing to its adaptability for 

various alloy systems and the quality of parts produced. The characteristics of 

produced components depend on the physical phenomena that take place because of 

the interaction between the laser and the powder. Especially, the high cooling rates in 

PBF-LB result in some unique microstructures that are different from their cast 

counter parts. The local directional heat transfer during the solidification process also 

influences the microstructure by leading to columnar grain morphologies presenting 

both opportunities and challenges. This phenomenon, while contributing to the 

uniqueness of the microstructures, also introduces complexities such as the potential 

for solidification cracking or anisotropy in the mechanical properties with respect to 

orientation in the produced parts. Due to these aspects, the interest in development of 

novel alloys over the past decade has grown exponentially [5–13].  

The inherent challenges of PBF-LB, combined with the increasing demand, highlights 

the critical need for alloys designed to exploit the unique characteristics of the process. 



Page | 2  
 

The alloy development strategies should mainly focus on i) reducing the solidification 

cracking/hot tearing by shortening the solidification range, ii) inducing the inoculation 

to promote equiaxed grain growth to suppress the formation of solidification cracks 

and to reduce the anisotropy and iii) improving the mechanical performance of the as-

printed parts by taking advantage of the processing conditions and suppressing the 

formation of undesired phases. 

While the cost of additive manufacturing remains a consideration, the unique 

characteristics of PBF-LB, provides the opportunity to produce the complex alloy 

systems such as high/medium entropy alloys to near net shape components, which 

are otherwise laborious to manufacture using traditional techniques. This not only 

accelerates the development of novel alloys but also unveils microstructures and 

mechanical properties that are unattainable through traditional routes.  

 

Figure 1 Overview of various additive manufacturing processes [1,14]. 

1.2 Objectives 
The aim of this thesis study is to understand the influence of PBF-LB processing 

conditions on microstructure and the resulting properties of novel high alloyed ferritic 

stainless steels and medium entropy alloys. The first part of the thesis includes 

studying the influence of inoculation effect on heterogenous nucleation and as-printed 

microstructure on ferritic stainless steels with and without inoculants.  
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The second part of the thesis addresses the influence of PBF-LB process on the 

microstructure and resulting mechanical properties of two different medium entropy 

alloys. Specifically, we studied the influence of  

1. The interstitial solid solution strengthening of CoCrNi-N medium entropy

alloys in as-printed and heat-treated conditions and resulting mechanical

response and,

2. The influence of processing conditions on the as-printed microstructure,

mechanical properties, and TRIP phenomenon of Co45Cr25(FeNi)30 metastable

medium entropy alloy.

1.3 Research questions 
Based on the objectives mentioned in section 1.2, the following research questions 

were identified and addressed in this thesis study: 

RQ1 What is the influence of in-situ inoculation on the as-printed microstructure of 

ferritic stainless steel? (Paper I) 

RQ2 What is the influence of printing parameters on the grain refinement of the 

inoculated ferritic stainless steel? (Paper II) 

RQ3 What is the effect of nitrogen doping on the microstructure and properties of 

CoCrNi medium entropy alloys? (Papers III, IV and V) 

RQ4 What is the influence of nitrogen doping on the recrystallization kinetics and 

resulting mechanical properties of the CoCrNi medium entropy alloy? (Paper VI) 

RQ5 What is the influence of PBF-LB processing on phases stability, resulting 

mechanical properties for a metastable Co45Cr25(FeNi)30 medium entropy alloy? (Paper 

VII)
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2 Powder bed fusion-laser beam 
Among the additive manufacturing techniques in the market today, powder bed 

fusion (PBF) processes constitute a significant market share [15]. Among the PBF 

processes, powder bed fusion-laser beam (PBF-LB) is one of the most established, 

because of its ability to produce net shape components of complex geometries with 

extremely high precision and with relative ease. This renders PBF-LB more applicable 

for a variety of industrial domains, such as aerospace, automobile, bio medical, and 

others where high performance, customized and lightweight parts are needed. The 

details of the working principle of the typical PBF-LB process, microstructural 

evolution during the PBF-LB process and influence of the process parameters on the 

microstructure are discussed in the sections below. 

2.1 Working principle 
A typical PBF-LB machine consists of a high-power laser, Galvano scanners, powder 

dispenser, build platform, excess powder collector, and a re-coater. Schematic of the 

PBF-LB process is shown in Figure 2. The operation sequence of PBF-LB starts with a 

3-D computer aided design (CAD) model of the part to be produced. This CAD model

of the part is sliced into multiple two-dimensional (2-D) thin slices, also called layers.

The information about the CAD design of the 3-D part and the sliced layers is fed to

the PBF-LB machine. Based on the information from the sliced 3-D model data, a thin

layer (predetermined from the intended layer thickness) of powder is applied on to

the build plate. A high-power laser selectively scans the regions on the build plate

based on the data from the CAD model, rapidly melting, solidifying, and densifying

the scanned regions. The build platform is lowered a distance corresponding to the

predetermined layer thickness, and a new layer of powder is recoated from the

powder dispenser on the previous layer (already solidified layer). The process of

recoating, selective scanning followed by rapid melting and solidification is repeated

until the final part is produced. This entire process typically takes place inside a build

chamber with an inert atmosphere (most commonly argon). This is done to ensure the

oxygen content inside the build chamber is minimum and to avoid formation of any

detrimental phases.

2.2 Microstructure evolution in PBF-LB 
The rapid melting and solidification events taking place during the PBF-LB process 

result in local thermal gradients, directional heat flow and high cooling rates which 



Page | 6  
 

have considerable influence on the solidification morphology and resulting grain size. 

Due to the high cooling rates (~106 K/s), elemental segregation is confined to very small 

distances and extremely low as compared to the as-cast materials. This results in 

unique microstructures which have a direct influence on the resulting mechanical 

properties of the produced parts. The parts produced through PBF-LB usually tend to 

have higher strength, but lower ductility and toughness compared to their cast 

counterparts [14,16]. Like the welding process, the solidification in PBF-LB is 

governed by two main criteria namely, thermal gradient (G) and the solidification 

speed (R). A schematic of the solidification mechanisms as a function of G and R are 

shown in Figure 2. The high cooling rates, along with G and R, significantly influence 

the mode of the solidification microstructure. As G and R vary significantly across the 

melt pool and the printed parts, the resulting microstructure typically combines 

coarse and fine cellular and dendritic-like structures, depending on the conditions and 

material being manufactured. This means that solute segregation, resulting from 

constitutive supercooling ahead of the solidification front, is typically observed 

during the solidification process. 

 

Figure 2 Schematic of the influence of thermal gradient (G) and growth rate (R) on the solidification mechanism 

[17]. 

From the solidification theory, it is known that the grain morphology of the solidified 

material is influenced by the thermal conditions during the process. Specifically, the 

ratio of the G to the R determines the solidification behaviour and morphology of the 
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solidified microstructure. In PBF-LB, the high energy laser creates a melt pool that 

solidifies rapidly as the laser moves away. The solidification starts from the pre-

existing grains in the previous layer or the build plate. This means that the new grains 

grow on top of the old ones, forming columnar structures that span across several 

layers. This mode of grain growth is known as epitaxial growth. For cubic materials 

(like BCC and FCC), the columnar grains tend to grow in the ⟨100⟩ crystallographic 

direction, leading to a highly textured material. However, the G/R ratio is not uniform 

across the melt pool. At the bottom and the edges of the melt pool, where G is high 

and R is low, the conditions favour columnar grains that grow along the direction of 

the thermal gradient. At the centre of the melt pool, where G is low and R is high, the 

conditions favour equiaxed grains that grow in random orientations. Therefore, the 

solidified material in PBF-LB exhibits a heterogeneous grain structure, often with a 

mixture of columnar grains and equiaxed grains. A brief overview of the influence of 

various process conditions and its influence on the microstructure are discussed in the 

upcoming sections.  

2.3 Influence of process conditions on the microstructural evolution 
Density and microstructure significantly influence the characteristics, properties, and 

behaviour of alloys. In PBF-LB processes, these attributes are determined by the 

combination of various processing parameters used during printing. Key parameters 

include laser power, scanning speed, hatch distance, layer thickness, and scan 

strategy, as illustrated in Figure 3. These parameters not only define the final densities 

of the produced parts but also shape the resulting microstructure. This microstructure, 

in turn, affects the texture, influencing the anisotropy in the mechanical properties of 

the alloys across different building directions. By adjusting these parameters, one can 

manipulate the mode of melting (from conduction mode to keyhole mode), which 

subsequently influences the shape and dimensions of the melt pools and the 

solidification behaviour. This ultimately determines the microstructure of the 

manufactured alloys.  

2.3.1 Influence of printing parameters 

Among the above-mentioned PBF-LB parameters, laser power and scan speed play a 

major role in the solidification dynamics and hence the grain growth. Increasing the 

laser power is reported to result in the increase in the grain size for titanium, steel, 

aluminum, and cobalt alloys [18–22]. Materials printed at lower scan speeds are 
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reported to have larger grains compared to the parts printed at higher scan speeds 

[19,20,23–27]. Hatch distance has a huge influence on the melting in PBF-LB as it sets 

the overlap between melt tracks. Any change in the laser power or scan speed needs 

to be compensated with the hatch distance to achieve full densification. Low laser 

power or high scan speed need to be compensated with the shorter hatch distance and 

vice versa for the high laser power and low scan speeds. Though using the high scan 

speeds results in relatively finer grains inside the melt tracks, using the shorter hatch 

distance tends to increase the grain size due to the heat build-up by the adjacent tracks 

[19,23,28]. The magnitude of the above-mentioned parameters also plays a significant 

role in the resulting residual stresses in the printed parts. For example, longer hatch 

distance is reported to induce significantly high residual stresses as compared to the 

shorter hatch distance in Inconel 718 and Ti6Al4V [29,30]. Decrease in scan speed 

results in lower residual stresses but the lower scan speeds usually need to be 

compensated by the higher power which result in the opposite effect [31].  

Understanding the influence of process parameters on residual stresses is crucial, as 

these stresses also affect the resulting dislocation densities, which in turn determine 

the mechanical performance of the alloys. The inherent nature of the layer-by-layer 

printing process means that the thermophysical phenomena occurring in one layer are 

repeated in each subsequent layer. This is known as successive thermal cycling (STC). 

It has been reported that the thermal stresses induced by STC accumulate layer by 

layer, leading to the generation of dislocations to accommodate these stresses. The 

cyclic nature of these stresses results in the accumulation of dislocations in a cellular 

form in energetically favourable locations, which are often the cell walls formed 

during solidification due to solute segregation (as discussed in Section 2.2) [32–34]. 

2.3.2 Influence of scan strategy 

Schematic in Figure 3 shows most common scan strategies used in PBF-LB. 

Unidirectional and bidirectional scan strategies are the most basic forms of scan 

strategies. Scan strategy is the pattern that the laser follows while scanning a single 

layer of powder on the powder bed. This significantly influences the microstructure 

of the resulting part. If unidirectional or bidirectional scan strategies are used without 

any scan rotation between the subsequent layers during the printing process, the 

resulting microstructure is extremely textured and large grains due to the epitaxial 

growth resulting in strong anisotropy in the mechanical behaviour of the alloy. For 

example, using unidirectional and bidirectional strategies on 316L is reported to result 
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in the formation of strong ⟨110⟩ texture parallel to the building direction [22,35]. This 

is because, without any scan rotation, the meltpools perfectly overlap on the pre-

existing ones and there is no disruption in thermal gradients resulting in conditions 

favourable for the epitaxial growth of the columnar grains. However, when the scan 

rotation between subsequent layers is used, the conditions favourable for the epitaxial 

growth is minimized resulting in less textured materials. While the scan vectors in 

unidirectional and bidirectional scan strategies go from edge to edge, stripe and chess 

board scan strategies divide the area of scanning into multiple smaller islands (as 

shown in Figure 3c and f). This reduces the temperature inhomogeneity across the 

scan area resulting in the more uniform distribution of the residual stresses. Using 

scan rotation along with stripe scan strategy is reported to minimize the texture 

induced anisotropy by reducing the epitaxial grain growth. Although manipulating 

the printing parameters could produce smaller grains, due to the complexity of the 

process conditions the extent to which it refines the grain sizes is limited especially if 

one aims to produce microstructure with equiaxed grains. 

2.4 Columnar to equiaxed transition 
It is well known that metals and alloys under normal conditions solidify with 

columnar structure both in casting and PBF-LB as discussed in the sections above. This 

columnar structure result in the anisotropy of the properties and hence not always 

desirable, whereas the presence of equiaxed morphology is known to improve the 

isotropy of mechanical properties of the materials in general [36–38].  

As discussed in Section 2.3, one way to achieve the columnar to equiaxed transition 

(CET) is by manipulating the process parameters and process conditions. Still, even 

with the manipulation of process parameters, the local heat flow is still directional, 

therefore the grain growth is still columnar. Another way to address the CET is by 

using inoculation to increase the number of heterogenous nucleation sites, hence, to 

promote the CET. 
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Figure 3 Schematic of a) printing parameters in PBF-LB process and most common scan strategies employed in 
PBF-LB b) unidirectional scan strategy c) bidirectional scan strategy d) chessboard scan strategy e) 90° rotation 
between the successive layers f) 67° rotation between the successive layers and g) stripe scan strategy. 
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2.4.1 Inoculation 

Solidification in alloys usually proceeds through undercooling which is the process of 

cooling the melt below the freezing point without the formation of the solid. This 

undercooling results in the formation of clusters and the cluster on attaining critical 

size grows into the nuclei. In the case of homogenous nucleation, the degree of 

undercooling that is required to initiate the solidification could be a few hundreds of 

degrees, or more specifically about 20% of the melting point in absolute temperature 

[39,40]. This is rarely possible and in fact, nuclei form at significantly lower 

undercooling than the conditions required for homogenous nucleation due to the 

presence of active heterogeneities (solid particles in the melt) paving way for 

heterogenous nucleation.  

One way to accelerate heterogenous nucleation is by the addition of foreign particles 

called inoculants, which further reduce the degree of undercooling required for the 

formation of stable nuclei. Inoculation in metals and alloys is the addition of 

secondary particles to material in its molten state such that the inoculants act as 

heterogenous nucleating sites for the formation of equiaxed grains, while growth of 

columnar grains becomes suppressed [36,41–43]. Inoculation is one of the most 

popular methods to achieve grain refinement due to its simplicity and the approach 

is widely used [36,44,45]. For any particle to act as an inoculant, it should be able to 

provide proper wetting of the nucleating alloy. The contact between the inoculant and 

the matrix is usually treated by a spherical cap model and the equilibrium between 

the interfacial energies can be expressed as: 

𝛾𝛾𝑙𝑙𝑙𝑙 =  𝛾𝛾𝑠𝑠𝑙𝑙 + 𝛾𝛾𝑙𝑙𝑠𝑠𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐 (1) 

where γlp, γsp and γls are the liquid/particle, solid/particle, and liquid/solid interface 

energies, respectively, and Θ is the contact angle as shown in Figure 4. For an 

inoculant to be effective, it should satisfy the following requirements: 

i) it should have higher melting point than the alloy being solidified,

ii) it should be able to initiate freezing at very small undercooling,

iii) number density of the particles in the melt should be high,

iv) the nucleating particles should be larger than a critical size depending on the

undercooling of the melt [36,41].



Page | 12  
 

 

Figure 4 Spherical cap model depicting the equilibrium of interfacial energies between the solid, liquid, and the 
nucleating particle [36,40]. 

2.4.2 Grain control by inoculation in PBF-LB 

As mentioned in the previous sections, because of the rapid melting and solidification 

mechanisms which result in complex thermal gradients and solidification velocities, 

epitaxially grown columnar grains are common in PBF-LB. In many case, these grow 

across several meltpools along the building direction [35,46,47]. Addition of 

nucleating particles either in-situ (by alloy design leading to precipitation) or by ex-

situ additions to achieve the grain refinement has been studied for materials such as 

Ti-6Al-4V, Al- alloys, Fe-alloys and HEAs [44,45,48]. Addition of elements such as 

boron, carbon, tungsten, and compounds such as TiN, La2O3 in particulate form to the 

Ti-alloys has proven to be better grain refiners owing to their ability to enhance the 

constitutive super cooling [49]. Their addition is reported to result in the refinement 

of prior-β grain size, refining the α-lath size and refinement of α-grains [48–52]. 

Potential applications and use cases for the aluminum alloys produced by PBF-LB for 

the aerospace applications are high, owing to the advantages of the manufacturing 

route. However, apart from the anisotropy induced by the columnar grains, printing 

of some of the age-hardenable aluminum alloys such as 6000 and 7000 series is very 

challenging due to the hot cracking induced by the rapid melting and solidification 

conditions. Equiaxed grain structure resulting from the heterogenous nucleation with 

the help of inoculation in these aluminum alloys not only addresses the anisotropy 

but also addresses the hot cracking due to better distribution of the thermal strain in 
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the fine grain structures. The grain size refinement in the 6000 and 7000 series 

aluminum alloys was reported to be achieved by the ex-situ addition of the hydrogen-

stabilized zirconium nanoparticles. During solidification, the added nanoparticles 

react and form Al3Zr which acted as inoculants for the grain refinement with the 

aforementioned effect of limiting hot cracking [44]. Similarly, addition of Ti is reported 

to induce a similar effect on the 2000 series aluminum alloys [53,54]. This was reported 

to be achieved in-situ by alloy design to incorporate Ti which during solidification 

reacts with Al to form Al3Ti, a well-known inoculant for aluminum alloys [36,55].  

Among the grain refinement studies for the high entropy alloys produced via PBF-LB, 

Cantor alloys are the only systems that have been studied [56,57]. Addition of the TiN 

nanoparticles ex-situ was shown to induce the grain size refinement resulting in 

change of strong <001> texture to random structure. The addition of TiN to this alloy 

system was reported to improve the yield strength of the alloy but to decrease the 

ductility. However, the mechanism of grain refinement by the addition of TiN to 

Cantor alloy system is still unclear and needs further verification [56]. 

Though austenitic stainless steels (mostly 316L) are one of the widely studied alloys 

for PBF-LB, the grain refinement was mainly achieved by manipulating the printing 

parameters. The addition of particles such as MgO and NbO is known to influence the 

nucleation on undercooling for casting conditions but not much work has been 

reported for PBF-LB conditions. Ferritic stainless steels, on the other hand, are gaining 

interest in the PBF-LB community due to their excellent printability and ability to 

solidify with fine equiaxed grains [58–60]. The TiN is a well-known inoculant for the 

ferritic steels owing to its low lattice misfit with the ferrite matrix and ability to 

increase the constitutional supercooling required for the heterogenous nucleation [61]. 

Ferritic stainless-steel grade SS441, which is dual alloyed with niobium and titanium, 

is reported to form TiN in-situ during solidification in the presence of nitrogen [60]. 

Similarly, Ti-alloyed ferritic steel grades are also reported to achieve excellent 

printability with a fine equiaxed grain structure [58,59,62]. 





Page | 15 

3 Materials 
3.1 SS441 ferritic stainless steel 
The most researched and used alloys for powder bed fusion – laser beam techniques 

include austenitic stainless steels, titanium alloys, aluminium alloys, cobalt chrome, 

nickel base super alloys, and copper-based alloys [25,63–67]. Ferritic stainless steels 

have received little to no attraction in the field of additive manufacturing (AM). SS441 

stainless steel is one of the grades of the ferritic stainless steels which is used in the 

automobile industry specifically for catalytic convertors. Materials for catalytic 

convertor applications require excellent thermal fatigue resistance and high 

temperature strength as the operating temperatures are as high as 900°C. One of the 

biggest challenges for the utilization of ferritic stainless steels at these temperatures is, 

however, is due to the depletion of chromium in the form of carbides. SS441 on the 

other hand is a titanium and niobium dual-stabilized steel, whose carbides are more 

stable than chromium carbides there by depleting the available carbon for 

sensitization [68]. However, the presence of niobium poses a challenge by its ability 

in forming Laves phases which lead to embrittlement and loss of high temperature 

strength [69,70]. The presence of Laves phase in SS441 is not always detrimental as in 

case of solid oxide fuel cells (SOFC), where SS441 is used as an interconnector. At the 

operating conditions of the SOFC’s, niobium and titanium rich Laves phase interacts 

with silicon and prevent the formation of insulating silica layer [71]. 

3.1.1  Microstructure and mechanical properties 

The traditional manufacturing method for SS441 is by casting and hot rolling with an 

equiaxed microstructure of grain size around 50 µm with the distribution of TiN 

particles inside the grains and Nb (C, N) particles at the grain boundaries [60,69,70,72]. 

However, due to the large local thermal gradients and solidification velocities in the 

PBF-LB process, SS441 is known to undergo cellular solidification with niobium-rich 

particles accumulated to the cell walls and some titanium-rich particles inside the 

grains, which themselves can attain average grain size of about 1.6 µm [60]. Upon 

annealing, the niobium-rich cell walls assist in the formation of Laves phase. The 

SS441 manufactured through the PBF-LB is shown to exhibit high yield strength (~ 680 

– 740 MPa) attributed to the small grain size and cellular solidification structure

compared to its wrought counterpart (~ 314 MPa) [60].
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Table 1 Chemical compositions in weight percent of the alloy powder grades used in this study. 

 

 

Figure 5 Phase fractions at equilibrium as a function of temperature calculated for the (a) Ti-free and (b) Ti-high 
as-built compositions listed in Table 1 [62].  

In this study, three different variants of pre-alloyed gas-atomized powder based on 

SS441, were supplied by Kanthal AB, with particle size distribution ranging from 10 

to 45 µm. The chemical composition of the stainless-steel powder variants under the 

present study is mentioned in Table 1. Computational thermodynamic models based 

on CALPHAD were used for designing 1) to maximize the amount of TiN available 

during the solidification and 2) to minimize the possibility of formation of detrimental 

phases such as Laves phase, which would deplete the titanium available to form TiN, 

see Figure 5. 

3.2 High entropy alloys and medium entropy alloys 
Traditional alloying, the practice that has been around for millennia, involves using a 

base metal with desirable properties and selectively adding other elements in 

controlled quantities to enhance these properties. This approach, however, restricts 

compositional freedom and limits the exploration of phase diagrams, barely 

scratching the surface of potential alloy combinations. Another challenge is the limited 

availability of new, stable metallic elements that could serve as the foundation for 

developing new alloy systems. 

Alloy Cr Si Mn Nb Ti Ni N C O P S Fe 

SS441 19.5 0.9 0.8 0.8 0.3 0.1 0.1 0.03 0.03 0.01 0.007 Balance 

Ti-free 18.0 0.7 0.8 - 0.01 0.1 0.1 0.01 0.1 0.01 0.01 Balance 

Ti-high 19.5 0.9 0.9 - 0.8 0.2 0.12 0.02 - 0.01 0.01 Balance 
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As technology continues to advance, there is an increasing need to improve the 

material properties. For instance, the energy and aerospace industries require 

materials with improved high-temperature properties, while the transportation sector 

generally needs lighter and more cost-effective alloys. 

In 2004, two research groups, Cantor et al. [73] and Yeh et al. [74], simultaneously 

addressed this issue by introducing a new concept of alloys called High Entropy 

Alloys (HEAs). This innovative approach to alloying explores the centre of the multi-

element phase diagram, where there is no obvious base element, opening new 

possibilities in material science by introducing novel alloy systems. The original 

definition of the HEAs is based on the entropy effect. Yeh et al. [74] hypothesized that 

for an ideal solid solution (enthalpy of mixing, ∆Hmix is zero), the free energy of 

formation of the alloy depends mainly on the entropy part as shown in the equation 

below: 

∆𝐺𝐺𝑚𝑚𝑚𝑚𝑚𝑚 =  −TΔS𝑚𝑚𝑚𝑚𝑚𝑚 (2) 

where, ∆𝐺𝐺𝑚𝑚𝑚𝑚𝑚𝑚 is the Gibbs free energy of mixing, ΔSmix is the entropy of mixing and T 

is the absolute temperature. Boltzmann’s equation for ideal entropy of mixing is given 

by: 

Δ𝑆𝑆𝑚𝑚𝑚𝑚𝑚𝑚 =  −𝑅𝑅Σ𝑥𝑥𝑚𝑚ln𝑥𝑥𝑚𝑚 (3) 

where, R is the gas constant and xi is the mole fraction of the ith element. If the alloy is 

an equiatomic alloy with n elements, the above equation changes to 

Δ𝑆𝑆𝑚𝑚𝑚𝑚𝑚𝑚 =  −𝑅𝑅ln𝑛𝑛 (4) 

Utilizing the equation for the configurational entropy of mixing, we find that the 

entropy values for equiatomic alloys composed of 4, 5, and 6 elements are 1.39R, 1.61R, 

and 1.79R, respectively. From this, we can infer that HEAs were initially defined as 

alloys containing at least five elements, each with elemental concentrations ranging 

from 5 to 35 atom percent. When the entropy value exceeds 1.6R, the contribution of 

the mixing entropy to the total free energy of the system becomes significant enough 

to counteract the mixing enthalpies associated with the formation of intermetallics and 

phase separation resulting in the formation of simple and stable solid solution phases. 

The magnitude of the mixing entropy is used to classify alloys into three categories: 

low-entropy alloys (traditional alloys), medium entropy alloys (MEAs), and HEAs, as 

depicted in Figure 6 [75–78].  
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Figure 6 Classification of alloys based on the value of configurational entropy of mixing. 

3.2.1 Phase formation rules in HEAs 

While entropic stabilization can partially explain why some HEAs contain single-

phase solid solutions, it does not fully explain the formation of intermetallics, complex 

compounds and even amorphous phases [79–83]. Zhang et al. [84] and Guo et al. 

[84,85] tried to explain the phase formation rules by considering the factors such as 

enthalpy of mixing (ΔHmix), entropy of mixing (ΔSmix), atomic size difference (δ), 

electronegativity difference (Δχ) and valence electronic configurations (VEC). They 

concluded that high configurational entropy of mixing is not the only factor that 

controls the formation and stabilization of the phases in HEAs, and solid solutions can 

form when, 

−22 ≤ ΔHmix ≤ 7 kJ/mol,  

0 ≤ δ ≤ 8.5 and  

11≤ ΔSmix ≤19.5 J/(K·mol) 

On the other hand, the valence electron configuration (VEC) plays a crucial role in 

determining whether Face-Centred Cubic (FCC) or Body-Centred Cubic (BCC) solid 

solutions are formed. It was concluded that VEC greater than 8 favours the formation 
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of FCC type solid solutions, VEC less than 6.87 favours the formation of BCC solid 

solutions, and mixture of BCC and FCC solid solutions forms when 6.87 < VEC < 8.0 

[84–88]. In addition to the aforementioned parameters influencing the phase stability 

and formation of various solid solutions in HEAs, researchers have suggested a few 

more empirical parameters, providing additional insights into phase formation [88–

90]. However, a comprehensive understanding of phase stability, especially for solid 

solution types other than FCC and BCC, remains elusive [87]. 

Recently the relaxation to the equiatomic rule was also proposed resulting in the HEAs 

and MEAs with both equiatomic and non-equiatomic compositions which could result 

in the stabilization of single or multi-phase solid solutions [79,91–101]. This relaxation 

has further expanded the development of alloys with varying atomic percentages of 

constituent elements. Some of the examples of MEAs are CoCrNi, CoNiV, CoCrFeNi, 

Ni46Cr23Co23Al4Ti4, etc. Even though these alloys are MEAs, they have shown 

exceptional phase stability and even superior properties compared to their HEA 

counterparts [79,102–106]. 

3.2.2 Influence of stacking fault energy (SFE) 

Stacking faults are the planar defects that interrupt the ideal stacking sequence of the 

crystalline planes in crystalline materials. They are categorized into two types: 

intrinsic and extrinsic stacking faults. The intrinsic stacking faults are formed when a 

plane of atoms is missing from its ideal stacking sequence (due to the vacancies) while 

the extrinsic stacking faults are formed when an extra plane of atoms disrupt the ideal 

stacking sequence (often due to the presence of interstitials). Stacking faults are 

generated by the dissociation of a perfect dislocation into two partial dislocations. 

When a dislocation with Burgers vector a/2<110> dissociates, it generates two 

Shockley partial dislocations with Burgers vector a/6<112> and the region in between 

these two Shockley partials is stacking fault. Stacking fault energy (SFE) is the energy 

associated with the formation of such partial dislocations and it is an intrinsic material 

property [107–110]. Two main factors that influence the SFE of an alloy are 1) the 

chemical composition of the alloy [101,111], and 2) the working temperature[112]. The 

SFE significantly influences the deformation behaviour of the alloys. Alloys are 

generally categorized based on their SFE and the corresponding deformation 

mechanisms they exhibit. High SFE alloys primarily deform through slip, while those 

with a moderate SFE, experience twinning during deformation and hence are also 

referred to as TWIP alloys. On the other hand, alloys with low SFE, are characterized 
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by phase transformation up on deformation and hence they are termed as TRIP alloys 

[100,113,114]. Consequently, SFE plays a crucial role in mechanical behaviour of the 

alloys and the ability to manipulate SFE allows the design of alloys with tailored 

mechanical properties [115]. 

3.2.3 Metastability in HEAs and MEAs 

As discussed in the previous section, the composition of the alloy plays a crucial role 

for the SFE which in turn influence the mechanical behaviour. Extremely high 

compositional complexity of HEAs means that SFE plays an even greater role in the 

deformation behaviour of the alloys. In case of HEAs, the SFE is also likely to be 

influenced by the local chemical and structural changes resulting in more complex 

and competing underlying mechanisms determining their mechanical behaviour 

[110,111,116]. Due to this fact there is increasing interest in the field of HEAs to design 

alloys to manipulate SFE resulting in materials with improved strength without 

compromising the ductility of the alloys, improved damage tolerance and other 

functional properties [10,98–100,109,113,114,117–121]. One of the most studied HEAs 

is CoCrFeMnNi, owing to its exceptional strength, damage tolerance and fracture 

toughness both at room temperature and under cryogenic conditions [112,122]. Liu et 

al. studied the influence of chemical composition on the SFE and its influence on 

mechanical properties for alloy system based on CoCrFeMnNi. They concluded that 

with increasing Co content, the SFE decreases resulting in the increase in the free 

energy difference between the resulting FCC and HCP phases rendering FCC being 

more metastable. They also reported that with the increase in the Co content, the 

deformation mode of the alloys changed from dislocation slip to TWIP and with 

further increase in the Co content, eventually TRIP with HCP phase transformation 

upon deformation. This resulted in significant improvement in the mechanical 

behaviour with yield strength increase from about 640 MPa to 820 MPa and ductility 

increase from about 52% to 69% when the alloy composition was changed from 

equiatomic CoCrFeMnNi to Co30Cr20Ni10Fe20Mn20 [115]. 
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Figure 7 XRD patterns and EBSD phase maps of Fe80 − xMnxCo10Cr10 (x = 45 at%, 40 at%, 35 at% and 30 at%) 
HEAs. Taken with permission from [100] 

Another such example is Fe80-xMnxCo10Cr10; by changing the Mn and Fe concentrations 

simultaneously introduces the metastability resulting in changing deformation mode 

from dislocation cross slip to TWIP. Further increase in the Mn content resulted in the 

alloy with formation of FCC + HCP system, which up on deformation could further 

undergo TRIP by significant amount of strain hardening [100]. The EBSD phase maps 

showing the influence of alloy composition on resulting mechanical behaviour of the 

alloy are shown in Figure 7. A similar change in the SFE and resulting mechanical 

properties by carefully tuning the composition of the principal elements was observed 

by many researchers [79,91,97,98,118,123] underlining the potential considerations for 

SFE as important criteria for designing HEAs. In the coming sections, a brief overview 

of the alloys used in this study is presented.  

3.2.4 The CoCrNi MEA 

Equiatomic single-phase FCC, CoCrNi is the most widely studied MEA owing to its 

high strength and ductility, excellent corrosion and oxidation resistance, enhanced 

hydrogen embrittlement resistance and excellent cryogenic properties [103,106,124–

127]. This material is also known to provide high strain hardening due to its ability to 

undergo deformation twinning upon plastic deformation because of its stacking fault 
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energy (SFE) [102]. The DFT simulations of CoCrNi proved that metastability of FCC 

phase resulting in the athermal transformation further strengthening the alloy up on 

deformation both at room temperature and at low temperatures [128,129]. 

Addition of nitrogen or carbon as interstitial elements to CoCrNi alloy was observed 

to further enhance its yield strength without compromising the ductility, high 

temperature properties and corrosion resistance [130–136]. It has also been reported 

that addition of carbon and nitrogen as interstitial solid solution strengtheners would 

increase the SFE of CoCrNi. This results in delayed onset of twinning (so called TWIP 

effect) resulting in improved yield strength without compromising the ductility 

[135,137]. Still, once the twinning is initiated in the presence of interstitials, the 

thickness of the twin lamellae formed was observed to be smaller than those in 

CoCrNi. The presence of interstitials with the nano-scaled twins can hence possibly 

act as obstacles for the dislocation movement as well as Frank Read sources for 

dislocation generation resulting in significantly improved strain hardening response 

for the alloy [135].  

Another significant advantage of the addition of interstitial elements to the 

HEAs/MEAs in general is their influence on the recrystallization behaviour of the 

alloys [131,138–141]. Particularly in case of wrought CoCrNi, addition of carbon and 

nitrogen as interstitials is reported to lead to Cr-rich precipitates resulting Zener 

pinning effect of the grain boundaries, thereby inhibiting the growth of grains 

resulting in improved high temperature stability of the alloy.  

Table 2 Elemental compositions of powder and as-printed samples of CoCrNi and CoCrNi-N alloys used in this 
thesis work. 

Material Co, wt% Cr, wt% Ni, wt% N, wt% O, wt% 

CoCrNi 
(Powder) 

34.05 29.80 36.10 0.003 0.038 

CoCrNi-N 
(Powder) 

34.4 30.70 34.60 0.18 0.04 

CoCrNi 
(As-printed) 

34.05 29.80 36.10 0.002 0.038 

CoCrNi-N 
(As-printed) 

34.48 30.76 34.6 0.12 0.04 

 

Two different variants of equiatomic CoCrNi MEAs were used in the present study. 

One variant was prealloyed with nitrogen (CoCrNi-N) and the other variant was 
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without any nitrogen. In both cases, pre-alloyed spherical powder with a D90 of 45 

µm for both the variants were supplied by Höganäs AB, Sweden. The elemental 

compositions of both CoCrNi and CoCrNi-N, powder, and as-printed samples used 

in this thesis work are presented in the Table 2. 

3.2.5 Non-equiatomic, metastable MEAs 

As discussed in section 3.2.3, introducing metastability induced by SFE into the alloy 

design further expands the scope of MEAs resulting in non-equiatomic compositions. 

One such alloy system is based on the equiatomic CoCrFeNi MEA [117]. Wei et. al. 

showed that for CoxCr25(FeNi)75-x, by changing the atomic fractions of Co, Fe and Ni 

simultaneously, the SFE is lowered destabilizing the FCC. This in turn resulted in the 

change in mechanical response of the alloys with change in the deformation response 

of the alloy. The influence of the composition on CoxCr25(FeNi)75-x system on SFE and 

the resulting phase stability of the FCC and HCP phases is shown in Figure 8. 

The MEA used in the present study is of composition Co45Cr25(FeNi)30 which is single 

phase metastable FCC alloy (when manufactured using wrought metallurgy) and is 

known to undergo martensitic transformation (HCP) through TRIP on deformation. 

Our aim is to study the influence of various factors on the mechanical properties of 

such alloy, and the TRIP effect, when fabricated via PBF-LB. Specifically, the thesis 

study has included the impact of PBF-LB processing conditions on the as-printed 

microstructure and phase fractions and the resulting the nanoscale hexagonal close-

packed (HCP) phase on TRIP behaviour. Employing in-situ HEXRD and 

comprehensive microstructural characterization, the study addressed the load 

distribution associated with phase transformation during tensile deformation of the 

alloy. The pre-alloyed spherical powder of the non-equiatomic Co45Cr25(FeNi)30 with 

D90 of 45 µm supplied by Höganäs AB was used in this investigations.  
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Figure 8 Influence of composition on(a) The ΔGfcc→hcp of CoxCr25(FeNi)75-x (x: 25∼65) HEAs calculated by 
Thermo-Calc; (b) generalized-stacking fault energy of {111}<112 > slip and (c) the intrinsic and extrinsic 
stacking fault energies of the HEAs at 0 K calculated by DFT. reprinted by permission of Informa UK Limited, 
trading as Taylor & Francis Group, www.tandfonline.com, from [117]. 
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4 Methods 
4.1 Powder bed fusion-laser beam 
All the materials presented in this study are produced using EOS M100 PBF-LB 

machine equipped with 200W Yb-fiber laser with a spot diameter of 40 µm. This 

machine features a circular build plate of 100 mm in diameter and with a maximum 

build height of 95 mm. Prior to the printing process, the machine is purged with 5N 

purity Argon gas to reduce the oxygen level in the build chamber to below 1000 ppm. 

All the bulk samples for the alloys presented in the study were produced using 20 µm 

layer thickness, with a stripe scan strategy of 5 mm stripe width and a stripe overlap 

of 0.1 mm and with 67° scan rotation between subsequent layers. 

Single scan tracks for all the three ferritic stainless-steel variants of 8 mm length were 

printed at a laser power of 110W, at a layer height of 20 µm and at scan speeds of 600, 

800, and 1200 mm/s on the substrates of 10 x 10 x 5 mm3 of the same material as of 

single tracks. 

Mixing of the alloys powder with nano-particles for selected trials was performed 

using two different techniques. Two different volume fractions of 80 nm size TiN 

particle were added to pre-alloyed CoCrNi powder. Mixing of 0.5 wt% of TiN particles 

was performed for 3 hours using the rotary tumbler placed inside a glove box under 

pure nitrogen. Mixing of 5 wt% TiN nanoparticles was performed using the ball 

milling process in ambient atmosphere with powder to ball ratio of 1:5 for 15 minutes. 

After ball milling, the mixed powder was sieved with -63 µm mesh to remove any 

coarse powder and agglomerates formed during the mixing processes. The mixed 

powder samples were then subjected to extensive DOE to obtain the optimum 

processing parameters and to achieve densities >99.5%.  

4.2 Metallographic preparation 
Metallography is the study of physical structures and components of metallic 

materials. The goal of metallography is to examine and analyse the microstructure, 

focussing on the microstructural features such as grains, inclusions, and phases 

present in the metallic materials. Metallographic sample preparation refers to the 

techniques used, and the steps involved in preparation of samples for the 

metallography. 
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Metallographic sample preparation of the powder samples was performed by mixing 

small quantities of powder with PolyFast (Struers), a conductive mounting resin 

followed by hot mounting with Citopress-20 (Struers). The as-printed samples of 

ferritic stainless steels and CoCrNi-N MEA were also mounted in the same way as 

mentioned above. The mounted samples were then carefully ground using 320 grit 

SiC emery sheet to attain a flat surface. The ground samples were then subjected to 

mechanical polishing using 9 µm, 3 µm and 1 µm suspended diamond solutions in 

sequence. These steps were followed by final polishing using colloidal suspension of 

silica particles (~50 nm) on an to attain a mirror like surface finish. The etching of the 

as-printed samples of CoCrNi-N MEAs was performed using diluted aqua regia (1:3 

volume mixture of nitric acid and hydrochloric acid) to reveal the cellular 

solidification structure. 

Heat treated samples of CoCrNi and CoCrNi-N MEAs and the as-printed samples of 

Co45Cr25Fe15Ni15 alloy were prepared for metallography using the electrochemical 

polishing. The samples were initially ground with SiC emery sheets carefully starting 

with 500 grit all the way up to 4000 grit to get a flat surface and surface. The CoCrNi-

N MEAs were subjected to electrochemical polishing using 10% perchloric acid in 

methanol as an electrolyte, while Co45Cr25Fe15Ni15 alloy was prepared using Struers A2 

electrolyte to attain a stress-free, mirror like surface finish. 

4.3 Optical microscopy 
Optical microscopy (OM) is one of the most basic, yet most useful tools in 

metallographic characterization. The OM uses visible light as the light source which 

when reflected from the sample surface, passes through a set of lenses to magnify, and 

form an image. Although modern microscopes have adapted a more complex design 

to improve the resolution and contrast of the image down to a few micrometres, the 

basic principle of the imaging remains the same. It is essential to note that the 

resolution of OM is limited due to the restricted wavelength of the visible light. This 

limitation is called as Abbe diffraction limit which is that the smallest resolvable limit 

between two points for a conventional microscope can never be smaller than the half 

of the wavelength for the visible light [142]. 

4.4 Scanning electron microscopy 
Scanning electron microscope is one of the most resourceful tools in the field of 

materials science. The main difference between the OM and scanning electron 
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microscope (SEM) is the source of imaging, where SEM uses accelerated beam of 

electrons (usually between 1 keV and 30 keV). The electrons generated at cathode are 

focused into a spot on to the surface of the sample using a set of condenser lenses. 

While both visible light and electrons are part of the electromagnetic spectrum, the 

wavelength of the visible light is between 400 nm and 700 nm, whereas the 

wavelength of the electrons varies from 0.006 nm to 0.03 nm (for the acceleration 

voltage between 1kV and 30 kV). This results in a theoretical spatial resolution to 

about 0.02 nm for an electron microscope. Though the theoretical limit is significantly 

high, it is limited due to the electron optics reaching a practical limit of around 0.2 nm 

[135]. Another major difference between OM and SEM is that the electrons are 

strongly scattered by gases than the visible light. Hence, it is required to maintain a 

vacuum level of at least 10-7 atmospheric pressure inside an electron microscope. 

While the lenses in the optical microscope have refractive index, which contribute to 

the limited resolution of the optical microscopes, the “lenses” in the electron 

microscopes are essentially magnetic fields and hence there is a negligible change of 

the refractive index as the electrons pass through each magnetic lens.  

Figure 9 Origin and information of secondary electrons, backscattered electrons, Auger electrons, X-rays in the 
diffusion cloud for normal incidence of primary electrons [143]. 

When accelerated, high energy electrons interact with the material, they do so within 

the sample to a depth of a few micrometres (also called interaction volume) depending 

on the accelerating voltage and the density of the sample. The interaction between the 

electron beam and the sample produces elastic and inelastic collisions with the atoms 
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of the material and results in scattering of electrons with a wide range of energies. 

Depending on the type of interaction, different signals like secondary electrons (SE), 

backscattered electrons (BSE), diffracted backscattered electrons (EBSD), characteristic 

and continuum X-rays, and heat are generated. These signals are collected by one or 

more types of detectors. Images are generated from these collected signals and are 

then displayed on the screen. The representative electron-material interaction is 

shown in Figure 9. 

Microstructural characterization of both the printed bulk samples and the powder was 

performed using LEO Gemini 1550 and LEO Gemini 450 field emission gun scanning 

electron microscopes (FEGSEM). Energy dispersive X-ray spectroscopy (EDS) was 

performed to analyse the elemental composition of various phases in the 

microstructure using X-Max EDS detector. Electron back scattered diffraction (EBSD) 

and transmission Kikuchi diffraction (TKD) were performed to understand the 

crystallographic orientation of the printed samples with respect to various building 

directions using Nordlys II and symmetry detectors by Oxford Instruments. The 

analysis of the EBSD data was performed using MTEX, an opensource MATLAB 

toolbox [144]. 

4.5 Transmission electron microscopy 
Similar to SEM, transmission electron microscopy (TEM) is also one of the most 

indispensable tools in the field of materials science. The operating principle of TEM is 

similar to the SEM in the sense that it uses high energy electron beam as the energy 

source to visualize the details of the materials. However, one significant difference is 

that the acceleration voltage of the electrons is in typically in the range of 100 – 300 kV 

and the TEM uses the electrons that are transmitted through the materials. Using TEM, 

it is possible to achieve resolution that ~100 times higher than SEM. Hence it is possible 

to reveal crucial details such as crystal structure, qualitative information about the 

dislocation densities and etc [145]. 

Two most common imaging modes used in TEM are bright field and dark field 

imaging modes. As the electrons interact with the sample, the interaction results in 

various scattering phenomenon. In the bright field (BF) mode, the unscattered 

(transmitted) electrons are detected by the aperture while the scattered electrons are 

excluded. This results in the images with dark regions from where the electrons are 

scattered while the regions of the materials where the electrons are unscattered appear 
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bright. In darkfield (DF) mode, the unscattered electron beam is excluded from the 

aperture, while the scattered electrons are detected [145]. 

In the current research work, samples for TEM were prepared by using Electrical 

Discharge Machining (EDM) to extract samples that were 3 mm wide and roughly 1.2 

mm thick. These extracted samples were then thinned down to a thickness of 

approximately 100 µm by sequential grinding with minimal pressure on SiC emery 

sheets. Following this, the thinned samples underwent ion slicing with a JEOL EM-

09100IS ion slicer, which used a low-energy argon ion beam at a 5-degree angle to 

remove material. The BF and DF imaging and EDS analysis were conducted in the 

Scanning TEM (STEM-EDS) mode using a JEOL-JEM 2100F. 

4.6 X-ray diffraction 

Figure 10 Schematic representation of the principle of X-ray diffraction [146]. 

The X-ray diffraction (XRD) is one of the most used techniques to determine the phase 

information, crystallinity, and texture of the materials. When X-rays from a 

monochromatic source of wavelength, λ, are impinged on to a crystalline material, the 

interaction results in the constructive interference as shown in Figure 10 which can be 

described/determined by the Bragg’s law as mentioned below: 

𝑛𝑛λ = 2 ∗ 𝑑𝑑 ∗ SinѲ (5) 

where d is the interplanar spacing, Ѳ is the diffraction angle and n is the order of 

diffraction. The peak positions in XRD patterns represent the miller indices (hkl) of 

the plane at which the constructive interference occurs [139]. The lattice parameter for 

cubic materials could be obtained by using the equation given below.  
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1
𝑑𝑑ℎ𝑘𝑘𝑘𝑘
2 =  ℎ

2+𝑘𝑘2+𝑙𝑙3

𝑎𝑎2
          (6) 

where a is the lattice parameter for the materials under investigation. 

Lab-scale XRD techniques used X-ray tubes which produce X-rays by the interaction 

of accelerated electrons with a metal target as an anode (for example, Co, Cu, Cr etc.). 

The intensity of the X-rays produced using the lab scale X-ray sources is low and the 

wavelength is also fixed which depends on the anode material. In this study, the phase 

characterization of the materials was performed using Bruker AXS D8 Advance 

diffractometer equipped with a Cr Kα source (λ = 2.28970 Å) operated at 35 kV and 40 

mA. 

4.7 High energy X-ray diffraction (HEXRD) 
Unlike lab-scale XRD, synchrotron X-rays are produced by cyclic accelerators where 

the charged particles such as electrons travel at relativistic speeds. As these charged 

particles travel at high speeds under vacuum and are forced to change the direction 

under the influence of magnetic fields, they emit radiation known as synchrotron 

radiation. This emitted radiation extends over a broad range of the electromagnetic 

spectrum, from infrared light to X-rays [147]. This synchrotron radiation is incredibly 

bright and highly collimated, making it an excellent source of X-rays for advanced 

analytical techniques. The high intensity of synchrotron radiation allows for the 

collection of more detailed data in less time compared to lab-scale XRD and thus can 

be tailored to the specific needs of the experiment by using various beamline 

components, such as monochromators and mirrors [148]. This flexibility allows a wide 

variety of experiments, from high-resolution diffraction studies to detailed 

spectroscopic analyses. 

The principle for the diffraction of the X-rays has already been discussed in the 

previous section. When the high energy X-rays interact with a sample with material 

with large number of crystallites randomly oriented in space, the constructive 

diffraction of the X-rays follow Braggs law of diffraction. The wavelength of the X-

rays can be determined by Planck’s law, given by:  

𝐸𝐸 = ℎ𝑐𝑐
𝜆𝜆

           (7) 

where: 

- E is the energy of the photon, 
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- h is Planck’s constant,

- c is the speed of light, and

- λ is the wavelength of the X-ray

the wave vector for the scattered radiation, k is given by the equation:

𝑘𝑘 = 2𝜋𝜋
𝜆𝜆

(8) 

and the scattering vector in reciprocal space (as shown in Figure 11), q is given by the 

equation: 

𝑞𝑞 = 2𝑘𝑘 𝑐𝑐𝑠𝑠𝑛𝑛(𝜃𝜃) (9) 

Figure 11 Schematic of the experimental set up for the in-situ tensile tests performed using HEXRD. 

In-situ HEXRD tensile tests were performed on Co45Cr25(FeNi)30 samples in the as-

printed state to understand the deformation behaviour of the as-printed 

microstructure which consists of metastable FCC and nano scaled HCP phase formed 

due to the high cooling rates of the PBF-LB process. Miniature dogbone shaped 

specimens of gauge length 7 mm and thickness 1.2 mm were extracted using EDM 

from the as-printed samples. The extracted samples were carefully ground and 

polished using 50 nm silica solution to remove any deformation layer formed during 

the grinding stage. The tensile tests were performed in displacement control mode at 

an equivalent strain rate of 2.5 x 10-4 s-1 to a maximum nominal strain of 40%. The in-

situ diffraction experiments during deformation were performed at 90 keV and a spot 

size of 150 µm x 150 µm. The 2D diffraction patterns were obtained at a time resolution 

of 1 second during the deformation process. The schematic of the experimental setup 

is shown in the Figure 11. The 2D diffraction images were integrated across the 
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loading direction (LD) and transverse direction (TD) along the azimuthal ranges of 

±10° around each direction, to acquire the 1D diffraction patterns using PyFAI [149], 

an open-source, Python-based module for azimuthal integration [149]. The instrument 

calibration of the diffraction setup was performed using CeO2 (SRM 674b NIST 

standard). The curve fitting was performed on peaks observed in the integrated 1D 

patterns using an in-house developed Python-based code using lmfit library [150]. 

Single peak fitting was performed by identifying the peak centres and for all the peaks 

in a 1D pattern followed by iterative fitting of all the identified peaks using pseudo-

Voigt function. This iterative peak fitting was then repeated on all the acquired 1D 

patterns in both transverse (TD) and loading directions (LD). Post fitting, the peak 

parameters such as, actual peak centres (q), peak heights, full width at half maximum 

(FWHM) and other required parameters were extracted. Based on these parameters, 

the change in q was converted to lattice parameters. The d(hkl) values for the detected 

reflections were determined using: 

𝑑𝑑(ℎ𝑘𝑘𝑙𝑙) =  2∗𝜋𝜋
𝑞𝑞

                       (10) 

Where d(hkl) is the lattice constant for the (hkl) reflection. The lattice strain 

measurements for the detected reflections were performed using: 

𝑐𝑐𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑛𝑛 =  𝑑𝑑0−𝑑𝑑
𝑑𝑑

                         (11) 

where, d0 is the lattice spacing for the reflections in the initial state and d is the lattice 

spacing at the stressed state. It was assumed that, in the initial state, any residual 

stresses were relaxed during the sample preparation stage. 

Rietveld refinement was performed on the extracted 1D profiles using the GSAS II 

[151]software. The initial refinement was performed on the lattice parameters and 

texture distribution of the final profile, considering both HCP and FCC phases. The 

phase fractions were estimated from EBSD results, and the peak broadening was fitted 

using the isotropic macrostrain model. Sequential refinements were performed on all 

test profiles, starting from the final profile at 40% normal strain. During the sequential 

refinement, the phase fractions, micro strains, hydrostatic and elastic strains, and 

texture parameters were refined. 
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4.8 Hardness 
The hardness of a material, defined as the resistance of the material to deformation and is 

one of the most fundamental properties to assess the mechanical behaviour of the 

materials. Vickers hardness is one of the indentation hardness techniques which uses 

a diamond indenter shaped in the form of an inverted pyramid with 136° angle 

between the opposite faces. Once the material is indented using a predetermined load 

(L), the length of the diagonals is measured, and the hardness is calculated using the 

following equation: 

𝐻𝐻𝐻𝐻 =  𝐿𝐿
𝐴𝐴

= 1.8544𝐿𝐿
𝑑𝑑2

           (12) 

where d is the average length of the two diagonals of the indent. 

Vickers hardness measurements for the materials used in the study were performed 

using Struers Durascan-70 G5 at 5 kgf load for 15 s of dwell time. The hardness values 

were taken in both building and transverse directions of the printed samples to 

measure the anisotropy with respect to different directions. 

4.9 Tensile testing 
Tensile tests were performed on both as-printed and heat-treated samples presented 

in this study to understand the mechanical response of the resulting microstructures. 

Tensile samples for both the as-printed and heat-treated states of CoCrNi-N alloys 

were prepared using wire arc EDM, with a gauge length of 8 mm, a thickness of 1.2 

mm, and a width of 2 mm within the gauge section. The extracted samples were the 

carefully ground using SiC emery sheets starting from 800 grit all the way up to 4000 

grit to attain a flat surface. Tensile tests were conducted using the SHIMADZU AG-

100kN Xplus machine in displacement control mode, corresponding to a strain rate of 

1 x 10-3 s-1. The deformation during the tensile tests was recorded using a high-

resolution camera, capturing images at 5 frame per second (fps). Strain analysis was 

performed on the acquired images using digital image correlation (Vic-2D, Correlated 

Solutions). To ensure consistency in the observed tensile properties of the alloys, at 

least three samples were tested for all the selected conditions. 

Tensile samples of gauge length 4 mm, 1.2 mm thickness and a width of 2 mm were 

extracted using wire arc EDM from as-printed samples of Co45Cr25(FeNi)30 for ex-situ 

testing to obtain the bulk mechanical properties. At least three samples were tested in 
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displacement control mode corresponding to a strain rate of 2.5 x 10-4 s-1 for each 

condition.  

4.10 Thermodynamic calculations 
Thermodynamic calculations were performed using Thermo-Calc, a commercial 

CALPHAD (CALculation of PHAse Diagram) software, using TCHEA4 database for 

HEAs and TCFE10 database for ferritic steels. With the help of thermodynamic 

calculations, the potential phase fractions for the alloys used in this study were 

predicted and the alloy compositions for ferritic stainless steel were tweaked 

accordingly to reduce the probability of formation of detrimental phases. 

Scheil solidification simulations were performed to predict the solidification pathway 

for the alloys and obtain an understanding about the elemental segregation during 

solidification for various alloys presented in this study. Precipitation calculations were 

performed to understand the heat treatment response of the CoCrNi-N MEAs and to 

predict the formation of nitrogen rich phases which could deplete the interstitial 

nitrogen and hence be detrimental for the properties of the alloys.  
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5 Summary of results 
5.1 Inoculation in ferritic stainless steels 
Three different variants of ferritic stainless steels based on SS441 were used in order 

to i) maximise the amount of titanium and nitrogen available for the formation of TiN 

particles prior to the solidification of ferrite matrix and ii) minimize the formation of 

intermetallic phases Laves (Fe2(Ti,Nb)) and σ-phase which could potentially be 

detrimental to the mechanical performance of the materials (Table 1 and Figure 5 ). 

All the three materials were printed with the same set of printing parameters and the 

orientation maps obtained from EBSD analysis of the as-printed materials x-y and x-z 

orientations are shown in the Figure 12 below.  

Figure 12 EBSD orientation maps of Ti-free (a, d), SS441 (b, e), and Ti-high (c, f) materials in x-y and x-z 
orientations[152]. 

Comparing all the three materials with respect to different building directions, it is 

clear that SS441 and Ti-high materials showed completely different microstructure 

compared to the Ti-free material. The Ti-free material has epitaxially grown large 

columnar grains as viewed along the x-z orientation and similar large grains spanning 

across few scan tracks as seen from the x-y orientation, which is typical to for PBF-LB 

process conditions. For SS441 (Figure 12 b, e) and Ti-high variant (Figure 12 c, f), the 

microstructures show mixture of fine equiaxed grains and some long columnar grains. 

The average grains sizes measured from EBSD data for Ti-free material is ~14 µm 

whereas for both SS441 and Ti-high materials the average grain size is ~1 µm. Figure 

13 shows the inverse pole figure for the Ti-free variant, SS441 and the Ti-high variant. 
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The influence of titanium content is also clear in terms of the texture between these 

two materials with Ti-free materials showing <001> preferred orientation in building 

direction, while SS441 and Ti-high materials show <111> preferred orientation. This 

difference in texture indicates difference in the solidification behaviour between Ti-

free variant compared to S441 and Ti-high variant. It should be noted that the overall 

macroscopic thermal gradient is the same, but locally the solidification behaviour is 

different. 

 

Figure 13 Inverse pole figures for a) Ti-free, b) SS441 and c) Ti-high materials in x-z orientation[152]. 

For an inoculate to be effective, this should have: 

i) low lattice mismatch with the matrix and  

ii) should be able to induce wetting of the nucleating solid effectively [36]. 

Apart from the above-mentioned points, for an inoculant to be effective, number 

density and size of the inoculant particles are also of utmost important [41,43].  

Titanium nitride is known to be one of the most effective inoculates for the ferritic 

steels due to low lattice mismatch and better wetting of the ferrite in the cast alloys 

[61,153,154]. 

Microstructural analysis revealed distribution of various particle in all the three 

materials (Figure 14 a, b, c). The EDS analysis of particles in Ti-free (Figure 14 d) 

material revealed the presence of spherical Al-Si oxides. The SS441 and Ti-high 

materials (e and f) showed distribution of pure nitrides of titanium and core-shell 

structured oxy-nitrides with aluminium-rich oxide core and titanium nitride shell. 

Though there is a clear influence of titanium addition on the solidification behaviour 

and grain refinement of these alloys, a mixture of columnar and equiaxed grains is 

observed in for both SS441 and Ti-high variant. 
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Figure 14 SEM backscattered electron images of a) Ti-free b) SS4541 and c) Ti-high material showing distribution 
of particles inside the matrix and EDS analysis of the particles in d) Ti free material showing Al-Si oxides, e) core-
shell type oxy-nitride particles and f) Pure nitride particles in SS441 and Ti-high materials[152]. 

In order to get a better understanding of the efficiency of the TiN as an inoculant for 

the PBF-LB process conditions, it is necessary to get an understanding of the 

distribution of TiN particles inside the matrix. Automated feature analysis of the 

particles combined with EDS was performed for the equiaxed and columnar regions 

of for SS441 and Ti-free materials and the size distribution is shown in Figure 15. It is 

clear from Figure 15a that the number of particles in the equiaxed region are much 

higher than that for the columnar region. Though the average size of particles in both 

equiaxed and columnar region is very similar being ~39 nm, the number density of 

particles in columnar region is 0.3 µm-2 whereas for the equiaxed region it is 1.2 µm-2. 

If we consider the solidification at melt pool scale, at the bottom of the melt pools, G 

is high, and V is low resulting in conditions favourable for columnar growth. In order 

to promote CET in this columnar regions, the required number density and size of the 

inoculating particles must be higher to achieve undercooling required to promote the 

formation of equiaxed grains. At the centre of the meltpools on the other hand, G is 

low, and V is high. A schematic of different thermal conditions within one meltpool 

and its resulting influence on the grain morphology is presented in Figure 15b. The 

conditions are more favourable for the formation of equiaxed grains. Also, at the 

centre of the melt pools, the alloy stays molten for relatively longer periods compared 

to the edges of the meltpools, thereby providing more time for the nucleation and 

growth of inoculant particles resulting in the equiaxed grains. 
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Figure 15 a) Particle size distributions obtained from feature analysis showing the size distribution of particles in 
columnar and equiaxed region[152] and b) Schematic showing the difference in the G and V at different regions 
of the meltpools that influence the grain morphology[13]. 

5.2 Influence of printing parameters on microstructure of ferritic 

stainless steels 
As mentioned in the previous section, the concept of in-situ inoculation has been very 

effective in terms of influencing the solidification conditions resulting in the 10-fold 

reduction grain size for the inoculated materials. However, the microstructure still 

consists of mixture of equiaxed and columnar grains. It is well reported that in PBF-

LB, manipulation of process parameters alone could result in the formation if 

equiaxed grain structures [18–20]. Specifically, either increase in laser power or 

increase in scan speed are reported to influence the resulting G and V during the 

solidification within the melt pools resulting in the reduction of grain size. In order to 

understand the influence of the printing parameters on the resulting grain 

morphology, 10-layer high single tracks were printed at scan speeds of 600 mm/s, 800 

mm/s and 1000 mm/s at a constant laser power of 110W and layer thickness of 20 µm 

for the Ti-free, SS441 and Ti-high materials. The resulting grain size distribution of 

single tracks in comparison with the bulk materials is shown in Figure 16. 
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Figure 16 Grain size distribution plots for a) Ti-free, b) SS441 and c) Ti-high materials showing the distribution 
of grain size as a function of scan speeds in single tracks in comparison with the bulk samples of their respective 
materials[152]. 

A similar trend is observed from the grain size distribution plots for the single tracks 

for all the three materials. Tracks printed at high scan speeds showed finer grain size 

distributions relative to the tracks printed at the low scan speeds. With the variation 

in the scan speeds, the amount of energy input into the material during the printing 

varies. At constant laser power, slower scan speeds result in larger heat input per unit 

time resulting in formation of keyhole shaped meltpools and hence slower cooling 

rates during solidification and with increase in scan speeds the cooling rate also 

increases. Higher cooling rates result in the formation of finer grain morphologies. 

However, printing at higher scan speeds also result in formation of narrow tracks 

which needs to be compensated by reducing the hatch distance.  

Comparing the grain sizes between single tracks and bulk samples, bulk samples of 

Ti-free material showed coarser grain size distribution compared to its single tracks. 

This is because, in the absence of the inoculation in Ti-free material, the remelting due 

to the layer-by-layer printing results in the epitaxial growth of columnar grains which 

is typical in PBF-LB. However, for SS441 and Ti-high materials, grain size distribution 

in bulk samples is observed to be finer compared to the all the single tracks. This is 

because, the remelting which is a result of both layer-by-layer bulk printing and the 

consecutive hatches provides sufficient time for the nucleation and growth of 
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inoculant particles in terms of their size and number density resulting in reduced 

undercooling required for CET.  

5.3 Influence of nitrogen doping on microstructure and properties of 

CoCrNi medium entropy alloy 

 

Figure 17 a) As printing microstructure of a) CoCrNi and b) CoCrNi-N MEA showing the cellular solidification 
structures and Scheil solidification simulations showing elemental segregation for c) CoCrNi and d) CoCrNi-N 
along with magnified inset for nitrogen segregation. 

Influence of nitrogen addition to CoCrNi with an aim of achieving interstitial solid 

solution strengthening from nitrogen, and its influence on the microstructure, room 

temperature mechanical properties and corrosion and passivation behaviour was 

studied. Two different alloys, one with pre-alloyed nitrogen and another without 

nitrogen was studied and the elemental compositions of alloy powder and as-printed 

samples for both alloy variants are shown in Table 2. No detrimental phases were 

observed in the as-printed samples and microstructural analysis revealed cellular 

solidification structure in both CoCrNi and CoCrNi-N (Figure 17 a and b, 

respectively). Scheil solidification simulations predicted elemental segregation of 

chromium in CoCrNi (Figure 17 c) and nitrogen along with chromium into the cell 

walls in the CoCrNi-N MEA (Figure 17 d). 
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Figure 18 a1 and b1) EBSD grain boundary maps of as-printed CoCrNi and CoCrNi-N, respectively, showing 
the distribution of low angle (2°-10°, marked in red) and high angle grain boundaries (>10°, marked in black), 
STEM bright field images of a2) CoCrNi and b2) CoCrNi-N alloys showing the network of dislocation cells. 

Along with the cellular solidification structure, STEM and EBSD analysis revealed the 

presence of high density of dislocation cells as shown in Figure 18 a2 and b2. This 

formation of this high density of dislocation cells is also an inherent characteristic of 

PBF-LB owing to the subsequent thermal cycling arising from the printing layer by 

layer building process. Figure 18 a1 and b1 shows the grain boundary maps plotted 

from the EBSD data for CoCrNi and CoCrNi-N, respectively. High angle grain 

boundaries with misorientation greater than 10° are indicated by black lines and the 

low angle boundaries with misorientation angles between 2° and 10° are indicated by 

the red lines; the density of the latter correspond closely to the cellular dislocation 

colonies. Within the cellular dislocation colonies, the change in misorientation is 

observed to be less than 2°. The STEM bright field images of such colonies in both 

CoCrNi and CoCrNi-N revealed the presence of dislocation cells (see Figures 18 a2 
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and b2). This hierarchical structure with varying degree of misorientation and high 

density of dislocation cells arise from the subsequent thermal cycling inherent in the 

layer-by-layer printing process [155–158]. This thermal cycling induces local thermal 

stresses in the alloy, contributing to the formation of dislocations within the cellular 

microstructure. The observed hierarchical microstructures were similar for both 

CoCrNi and CoCrNi-N as both alloys were printed using the same printing 

parameters. Hence, the pre-alloying with nitrogen does not induce any significant 

influence on dislocation density obtained during the printing process.  

Thermodynamic calculations for CoCrNi-N predicted that nucleation of Cr2N should 

happen between 800 and 1200°C. To understand the nucleation behaviour of Cr2N 

which could potentially deplete the nitrogen as an interstitial strengthener, as-printed 

samples were therefore heat-treated for 30 mins at different temperatures ranging 

between 800 and 1200°C. The as-printed material does not show the presence of any 

secondary phase particles (see Figure 19a and Figure 20a) apart from some primary 

oxides that were formed during the printing process or possibly originating from the 

metal powder. After heat treatment at 800°C, the nucleation of particles was observed 

mainly at the cell boundaries in both CoCrNi and CoCrNi-N (see Figure 19b and 

Figure 20b, respectively). Particles were observed to grow with increase in the heat 

treatment temperatures for both CoCrNi and CoCrNi-N samples (see Figure 19 c-d 

and Figure 20 c-d) with no significant influence on the general microstructure of the 

alloy. The samples heat treated at 1200°C, showed recrystallized microstructure with 

particles of different morphologies (see Figure 19e and Figure 20e). The EDS analysis 

of the particles revealed that all the particles are chromium-rich oxides, while no 

nitrides were observed (Figure 21 a-c). Though the nucleation of Cr2N precipitates was 

predicted by the thermodynamic calculations and has also been experimentally 

observed in wrought alloys [139], these were not observed for the alloys manufactured 

using PBF-LB. This could be because the driving force required for the diffusion of the 

elements is lower as compared to the cold rolled specimens due to the lower stored 

energy coming from lower dislocation densities. Still, it is clear that the heat treatment 

as such seem to trigger the formation of small internal oxides, that were not observed 

in as-printed condition. 
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Figure 19 SEM back scattered electron images of CoCrNi samples in a1) as-printed state, a2-a6) heat-treated at 
800, 900, 1000, 1100 and 1200°C. 

Figure 20 SEM back scattered electron images of CoCrNi-N samples in a1) as-printed state, a2-a6) heat-treated 
at 800, 900, 1000, 1100 and 1200°C. 

Figure 21 SEM- EDS analysis of particles in the CoCrNi-N that was heat-treated at 1200°C. 
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5.3.1 Properties of CoCrNi and CoCrNi-N MEAs 

Figure 22a shows the as-printed tensile properties of CoCrNi and CoCrNi-N and a 

table summarizing the mechanical properties measured from the tensile tests. 

Addition of nitrogen to the CoCrNi led to significant improvement in both yield 

strength and ultimate tensile strength of the alloy in both the printing directions albeit 

with slight loss in ductility. Hardness of the as-printed and heat-treated samples 

showed ~35 HV hardness difference between CoCrNi-N and CoCrNi samples (Figure 

22b). Significant drop in the hardness was observed post recrystallization in both the 

alloys after heat treatments at 1200°C. Based on the microstructural analysis and 

relative difference in the hardness in as-printed and heat-treated samples between 

both CoCrNi and CoCrNi-N MEAs, it could be inferred that nitrogen is stable as an 

interstitial.  

 

Figure 22 a) Engineering stress strain curves of CoCrNi and CoCrNi-N in as-printed state and b) hardness plots 
of as-printed and samples heat treated for 30 minutes at various temperatures for CoCrNi and CoCrNi-N MEAs 
and the table summarizing the tensile properties of the as-printed samples.  

The TiN nano particles with average particle size of 80 nm were added to CoCrNi 

alloy in order to enable a metal matrix composite like strengthening of the alloy 

produced through PBF-LB. The process of mixing did not show any negative influence 

on the flow behaviour and final particle size distribution with 0.5 wt% TiN addition 

while the further increase in the TiN fraction to 5 wt% showed a bimodal distribution 

with a small secondary peak observed around 2 and 8 µm indicating the 

agglomeration of the TiN nano particles.  The addition of 0.5 wt% of TiN did not have 

any significant influence on the relative density, which was measured to be >99.9%. 

With increase in the TiN content to 5 wt%, the resulting maximum final relative 

density of 99.6% was achieved. The influence of this agglomeration observed for the 

powder with 5 wt% TiN addition can be seen in the average TiN particle size in the 
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as-printed microstructures. The average TiN particle size in the as-printed 

microstructure for 0.5 TiN addition is about 80 nm (similar to the original size of the 

TiN particles) while the average TiN particle size for 5 wt% TiN addition is about 140 

nm. The difference between the as-printed states of CoCrNi and various TiN additions 

can be clearly seen in Figure 23 a-c. The mechanical response of the TiN addition to 

the CoCrNi alloy was studied using hardness measurements as shown in Figure 23d. 

With 0.5 wt% TiN addition, increase in hardness of ~30 HV1 was observed as 

compared to the as-printed state of CoCrNi. This level of hardness increase is similar 

to that observed with the 0.11 wt% nitrogen addition by pre-alloying, see Figure 22. 

With further increase in the TiN content to 5 wt%, the hardness value increased to 357 

HV1, which is ~80 HV higher than the CoCrNi in as-printed state. These results 

demonstrate that PBF-LB can be a promising technique to manufacture MMC-based 

alloys with improved mechanical properties.  

Figure 23 SEM backscattered electron images of as-printed samples of a) CoCrNi, b) CoCrNi -0.5 wt% TiN and 
c) CoCrNi -5 wt% TiN samples and d) PSD of TiN particles in both TiN containing materials as measured from
the feature analysis[159].



Page | 46  
 

5.3.2 Corrosion and passivation behaviour of CoCrNi and CoCrNi-N MEAs 

The corrosion properties of CoCrNi and CoCrNi-N MEAs were measured using 

potentiodynamic polarisation measurements in 0.5 M H2SO4 and 0.5 M H2SO4 + 3 wt.% 

NaCl. The alloys were benchmarked against 316L manufactured using PBF-LB as well 

wrought 316L. In both the acidic and saline environments, MEAs showed better 

corrosion resistance when compared to 316L (see Figure 24 a and b). Both alloys when 

tested in 0.5 M H2SO4, showed pseudo passivation behaviour but when tested in 0.5 

M H2SO4 + NaCl showed clear passivation behaviour. 

 

Figure 24 Potentiodynamic polarization plots for CoCrNi and CoCrNi (a) 0.5 M H2SO4 (b) 0.5 M H2SO4 + 3 
wt.% NaCl (c) ARXPS spectra for CoCrNi and CoCrNi-N showing the original spectra and curve fitting for 
O1s and Cr2p3 peaks performed at a take-off angle of 60°, and a table depicting the hydroxide to oxide ratios 
obtained from AR-XPS scans performed at 30°, 45° and 60° and X in the O1s peak corresponds to fitting of 
both C=O and S=O[136]. 

To understand the passivation behaviour, angle-resolved XPS (ARXPS) was 

performed with take-off angles 30°, 45° and 60° on both CoCrNi and CoCrNi-N 

samples. This was done after the passivation in 0.5 M H2SO4 + 3 wt.% NaCl between 

the -0.5 (vs. EOCP) and 0.5V (vs. EOCP). The idea behind this is that having a passive 

condition would not significantly change the surface when handled in air prior to XPS 
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analysis. The results of curve fitting performed for the Cr2p3 and O1s spectra along 

with depicted hydroxide to oxide ratios acquired with take-off angle 60° are shown in 

Figure 24c. The absence of cobalt and nickel peaks at any take-off angle suggests that 

the passive film is composed of Cr-oxide. Also, since neither Ni nor Co is shown in 

metallic state as well, this tells that the passive film is sufficiently thick to conceal the 

presence of these elements. The Cr peaks in oxide state were observed for both CoCrNi 

and CoCrNi-N alloys, confirming that the passive film is Cr-based, and this is 

expected to contribute to the corrosion resistance of alloys. While nitrogen in the alloy 

could be expected to enhance corrosion resistance of CoCrNi owing to passive film 

with a lower hydroxide-to-oxide ratio[134], the ARXPS data revealed similar 

hydroxide-to-oxide ratios for both CoCrNi and CoCrNi-N alloys, even with 0.11 wt% 

nitrogen present in the as-printed state. In conclusion, when compared to 

conventional as well as PBF-LB 316L, both MEAs exhibited significantly superior 

passivation behaviour, leading to improved corrosion resistance. 

5.4 Recrystallization behaviour of CoCrNi-N MEA 
In order to understand the high temperature and long-term stability of nitrogen as an 

interstitial and the stability of the as-printed microstructure of the nitrogen-containing 

alloy in particular, long-term isothermal heat treatments were performed for both 

alloys at temperatures of 800, 900 and 1000°C for 24, 48, 96 and 192 hours. After heat 

treatments at 800°C, even after 192 hours, no difference in microstructure was 

observed when compared to the as-printed state. However, both CoCrNi and CoCrNi-

N showed very high-density of fine oxide particles distributed across the matrix. 

These were not observed in the as-printed conditions. In case of CoCrNi-N, we also 

observed that there was the precipitation of ~1 µm sized particles rich in Cr and N 

across the grain boundaries after heat treatments at 800°C for 192 hours. 

Figure 25 shows the BSE SEM images of the CoCrNi (see Figure 25 a1 -a4) and CoCrNi-

N (see Figure 25 b1 -b4) samples heat treated at 900°C for different heat treatment 

times. After heat treatment at 900°C for 24 hours, no significant changes were 

observed in the microstructures of both CoCrNi and CoCrNi-N alloys. Both alloys 

showed high density of oxide particles, similar to the results at 800°C. However, when 

heat treated for 48 and 96 hours, recrystallized grains were observed in both alloys. 

The CoCrNi variant showed a significantly higher fraction of recrystallized grains 

compared to the CoCrNi-N variant. Recrystallization was first observed in both alloys 
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after 48 hours at 900°C and the fraction of recrystallized grains increased with longer 

heat treatment times (up to 192 hours). The EBSD analysis of both alloys heat treated 

at 900°C for 192 hours showed significant differences in the fraction of recrystallized 

grains, with CoCrNi showing a significantly higher fraction than CoCrNi-N. The 

recrystallized fractions measured from the EBSD analysis for the heat treatments at 

800, 900 and 1000°C for all the heat treatment times are summarized in Figure 27. In 

CoCrNi-N, segregation and formation of Cr and N rich phases was observed at the 

grain boundaries with size of approximately 10 µm. 

Further increase in the heat treatment temperature from 900°C to 1000°C, CoCrNi-N 

showed lower recrystallization fractions as compared to CoCrNi similar to the 

previous observations. Though the difference in the recrystallization fractions among 

both the alloys is less significant as compared to the heat treatments after 900°C, the 

consistently low recrystallization fractions in CoCrNi-N suggest that nitrogen has 

significant influence on the recrystallization behaviour. 
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Figure 25 Backscattered electron images along with high magnification insets of samples heat treated at 900°C 
for 24, 48, 96 and 192 hours, for CoCrNi (a1-a4) and CoCrNi-N (a1-a4), respectively. Red arrows indicate the 
Cr-rich nitrides in after heat treatments. 

Presence of oxide particles observed after heat treatments in both the alloys suggests 

that Zener pinning mechanism could also play a crucial role in retarded 

recrystallization kinetics. This is further supported by the STEM bright field image of 

CoCrNi-N alloy heat treated at 900°C for 192 hours (Figure 26a), which showed the 

bulging of the grain boundary between recrystallized and non-recrystallized grain. 

Feature analysis using SEM was performed on both the alloys heat treated at 900°C 
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for 192 hours to quantify the fraction of oxide particles in both the alloys and the 

results are as shown in Figure 26. From the particle size distributions (see Figure 26b), 

CoCrNi showed higher number density of oxide particles than CoCrNi-N with similar 

average particle size about ~ 60±30 nm. This indicates that although Zener pinning 

could play a crucial role in hindering the recrystallization behaviour, the difference in 

number density of the particles between the alloys suggested solute drag effect caused 

by nitrogen enrichment at the grain boundaries could be dominant over the Zenner 

pinning effect. 

 
Figure 26 a) STEM bright field image of CoCrNi-N heat treated at 900°C for 192 hours, showing the recrystallized 
grain boundary, and TEM-EDS on the particles observed and b) feature analysis of oxide particles showing the 
distribution of particles in CoCrNi and CoCrNi-N heat treated at 900°C for 192 hours. 

Table 3 summarizes the mechanical properties of both CoCrNi and CoCrNi-N 

obtained from the tensile tests performed at different heat treatment conditions. Both 

alloys showed a decrease in yield strength compared to the as-printed state after heat 

treatment at 800°C, with CoCrNi having a yield strength of about 650 MPa and 

CoCrNi-N having a yield strength of about 710 MPa. This decrease in yield strength 

is attributed to a combination of stress relieving and recovery, as no significant 

microstructural changes were observed. After heat treatment at 900°C for 24 hours, 

~100MPa further decrease in the yield strength was observed for CoCrNi while less 

than 35 MPa decrease in yield strength was observed for CoCrNi-N. This difference 

in yield strength is consistent with the observed differences in recrystallized grain 

fractions between the alloys. Further increasing the heat treatment time to 192 hours 
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at 900°C resulted in the decrease of approximately 140 MPa in yield strength of 

CoCrNi, while CoCrNi-N only showed a decrease of approximately 50 MPa. This 

correlates well with the observed differences in recrystallization fractions between the 

alloys after heat treatments at 900°C. Similar differences were also observed after heat 

treatment at 1000°C. and hence CoCrNi-N showed consistently higher yield strength 

as compared to the CoCrNi for all the heat treatment times. In comparison to yield 

strength, the ultimate tensile strength (UTS) showed greater stability in response to 

heat treatment. This is because recrystallization reduces the dislocation density in the 

materials. Upon deformation, the alloys have the ability to work harden by generating 

dislocations, resulting in higher UTS values. Also with increasing heat treatment 

temperature, the elongation to fracture is significantly high, and hence can adopt 

higher UTS (undergo more work hardening). 

Table 3 Summary of mechanical properties of CoCrNi and CoCrNi-N alloys from the tensile tests performed on 
the selected heat treatment conditions.  

CoCrNi CoCrNi-N 
YS 

(MPa) 
UTS (MPa) 

Elongation 
(%) 

YS (MPa) UTS (MPa) 
Elongation 

(%) 
800°C 24 hours 649 927 39.3 710 1002 38.0 
900°C 24 hours 544 855 50.0 677 984 40.4 

900°C 192 
hours 

407 824 54.3 588 932 37.8 

1000°C 24 
hours 

388.30 822.66 51.18 493.6 925.90 51.18 

1000°C 192 
hours 

340.03 808.05 64.71 445.6 873.22 61.11 

The change in hardness as a function of heat treatment temperature and time along 

with the corresponding recrystallization fractions are presented in Figure 27a and b 

for CoCrNi and CoCrNi-N, respectively. After heat treatments at 800°C, both alloys 

did not show any change in the microstructure as a function of time and hence no 

significant change in the hardness was observed for both the alloys.  
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Figure 27 Hardness response and recrystallization fractions for a) CoCrNi and b) CoCrNi-N as a function of heat 
treatment time and temperatures. 

After heat treatments at 900°C, as CoCrNi started to recrystallize, the change in the 

hardness was clearly evident with the increase in the heat treatment duration. 

CoCrNi-N on the other hand showed stronger resistance to recrystallization and did 

not show any change in the hardness even after heat treatments up to 48 hours. After 

96 hours at 900°C, when the recrystallization fraction increased to 1.5%, a slight 

decrease in the hardness value to 278 HV5 was observed, and the hardness further 

decreased to 273 HV5 after 192 hours. These differences in hardness between CoCrNi 

and CoCrNi-N even after prolonged exposure at high temperatures showed the 

significance of interstitial solid solution strengthening. At 1000°C, the recrystallization 

kinetics was significantly faster than at 900°C, and there was a significant decrease in 
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hardness for both alloys compared to samples heat treated at 900°C for the same 

durations. The difference in hardness between both alloys was still clearly evident 

with CoCrNi-N showing a higher hardness.  

5.5 Microstructure and mechanical behaviour of Co45Cr25(FeNi)30 non-

equiatomic medium entropy alloy 
The influence of high cooling rates inherent to PBF-LB on as-printed microstructure, 

phase fractions and resulting mechanical properties of a Co45Cr25(FeNi)30 metastable 

MEA were studied. Figure 28a below shows the SEM-BSE image of the as-printed 

microstructure which showed a significant density of band-like features. Closer 

observations revealed a high density of cellular dislocations which are typical to PBF-

LB along with the dislocation substructures. As-printed material showed strong (110) 

texture parallel to the building direction (see Figure 28c). The TKD analysis shown in 

Figure 28b, on the as-printed sample, indexed these band-like features as the HCP 

phase, suggesting the martensitic transformation due to the inherently high cooling 

rates during the PBF-LB process.  

 
Figure 28 a) SEM-BSE image of the as-printed sample along with the high magnification ECCI image of the inset 
marked in red showing high density of dislocation sub structures along with HCP phase and dislocation cells, b) 
TKD phase map showing the presence of nano-scaled HCP phase, c) pole figures obtained from EBSD analysis 
showing (110) texture parallel to building direction and d) Pole figures of the FCC and HCP phase showing the 
S-N orientation relationship (111)fcc//(0001)hcp and [110]fcc//[2-1-10]hcp. 
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The HCP phase was observed in the samples obtained from both vertical and 

horizontal cross sections of the as-printed sample. Corresponding pole figures of the 

FCC and HCP phase revealed that the athermal martensite observed in the as-printed 

sample followed the (111)fcc//(0001)hcp and [110]fcc//[2-1-10]hcp orientation relationship, 

which is the Shoji-Nishiyama (S-N) orientation relationship as shown in Figure 28d. 

 
Figure 29 a) true stress - true strain plots of the as-printed sample obtained from both horizontal and vertical 
samples, b) EBSD phase maps of the fractured sample showing the FCC and HCP phase, along with the c) Pole 
figures of the FCC and HCP phase showing the S-N orientation relationship and a table summarizing the 
mechanical properties obtained from tensile tests.  
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Figure 29a shows the true stress-true strain plots of the as-printed sample obtained 

from vertical and horizontal directions and along with the table summarizing their 

tensile properties. The horizontal sample showed slightly higher yield strength and 

ultimate tensile strength as compared to the vertical sample. The elongation to fracture 

was observed to be higher in the vertical samples as compared to the horizontal 

samples. This difference in mechanical properties is common in PBF-LB processed 

materials due to the difference in texture with respect to building directions of the 

sample [160]. Figure 29b shows the EBSD phase map of the fractured horizontal 

sample. The measured phase fraction was approximately 50 % of the HCP phase. 

Figure 29c shows the corresponding pole figures of the FCC and HCP phase, 

confirming the S-N orientation relationship between the deformation induced HCP 

and FCC phase. In order to understand the TRIP behaviour and the influence of the 

load partitioning during deformation, in-situ tensile experiments were conducted 

using high energy synchrotron XRD and EBSD.  

Figure 30 a) True stress vs true strain curve obtained during in-situ HEXRD experiments and b) EBSD phase 
maps obtained from in-situ EBSD tensile tests and Rietveld refinement on the 1D HEXRD patterns of the 
horizontal sample along the loading direction from c) as-printed state and d) after fracture, refined using GSAS 
II [151]. 

Figure 30a shows the true stress true strain plots obtained from the in-situ HEXRD 

experiments. The tensile behaviour with respect to the different building directions is 
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similar to what was observed in the ex-situ tensile tests (see Figure 29a). However, the 

observed strains were lower. This is due to non-standard geometry used during the 

in-situ HEXRD tests, which is known to result in varied strain. Figure 30b shows the 

EBSD phase maps of the in-situ EBSD tests showing the evolution of phase fractions 

as a function of strain. In the as-printed state, only FCC phase was observed because 

of the limited spatial resolution to index the nano-scaled HCP phase. At 15% nominal 

strain, the HCP phase fraction was 4% and with increase in the strain to 25%, the HCP 

phase fraction grew significantly to nearly 33%. Finally, at 40% nominal strain, the 

final measured HCP phase fraction was nearly 50%. This is consistent with the 

postmortem phase fractions shown in Figure 29b. Rietveld analysis was performed on 

the 1D-XRD profiles in order to confirm the relative phase fractions before and after 

in-situ tests and the results are shown in Figures 30c and 30d. Before the deformation, 

i.e., in the as-printed state, 0.8% and 1.5% of HCP was obtained from refinement while 

after refinement the HCP phase fraction increased to approximately 42% and 60% in 

the horizontal and vertical sample, respectively.  

 
Figure 31 Lattice strain evolution with applied true stress along LD for a) vertical sample and for b) horizontal 
sample along. The black dashed line represents the yield strengths for horizontal and vertical samples obtained 
from the ex-situ tensile tests. 

Figure 31 shows the lattice strain evolution for selected FCC and HCP reflections, 

measured from peak fitting as a function of true stress for vertical and horizontal 

samples. Though HCP phase was observed in both horizontal and vertical specimens 

as mentioned before, the volume fraction of it was too low as compared to FCC peaks 

to reliably fit it in the beginning. With increasing strain, as the HCP phase fraction 

increased, the HCP (10-11) reflection could be identified with greater reliability 
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starting at approximately 250 MPa and 375 MPa for vertical and horizontal samples, 

respectively. 

Examining the lattice strain measurements, all FCC reflections exhibited nonlinear 

stress-strain response below the macroscopic yield point. The degree of nonlinearity 

increased in the order of FCC (200), (311), (111), and (220), in both vertical and 

horizontal samples. Although this nonlinearity is typical of FCC materials [161], the 

observed deviation from nonlinearity coincided with the formation of the HCP (10-

10) reflection in both vertical and horizontal samples (Figures 31a and 31b). Further

increase in the strain was observed to result in increasing nonlinearity for all observed

FCC reflections, while the HCP (10-11) plane continued to strain linearly up to the

macroscopic yield point. Beyond the yield point, the formation of HCP (10-12)

reflection was observed in both vertical and horizontal samples albeit at different

macroscopic stress. Further straining the samples showed significant increase in the

lattice strain for the HCP (10-12) reflection, and result in the further unloading of all

FCC reflections together with the HCP (10-11) reflection. The relaxation of FCC

reflections at approximately 200 MPa below the macroscopic yield point, and the

increase in nonlinearity of the FCC phase as the HCP phase started to appear in both

vertical and horizontal samples, validated that load sharing was due to the stress

induced martensitic transformation, occurring in the elastic regime of the tensile

curve.
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6 Conclusions 
The aim of this thesis is to study the relationship between PBF-LB processing 

conditions and the microstructure and properties of ferritic stainless steels and 

medium entropy alloys. By delving into the influence of inoculation, interstitial solid 

solution strengthening, and processing conditions, this research yielded significant 

insights that advance our understanding of these materials and their potential 

applications. This research has led to the following important conclusions as 

summarized below. 

In-situ inoculation in ferritic stainless steels (RQ1 and RQ2) 

Pre-alloying ferritic stainless steel with titanium and nitrogen effectively promotes the 

formation of fine equiaxed grains with preferential <111> orientation as compared to 

preferential <100> preferential orientation of grains when manufactured by means of 

PBF-LB. This transformation in grain morphology is attributed to the formation of 

efficient inoculants, namely a mixture of pure titanium nitrides and core-shell 

structured oxy-nitrides as depicted by EDS. These inoculants facilitate nucleation and 

growth of equiaxed grains in the as-printed materials. In both Ti-containing materials, 

the centre of the melt pools exhibited a high concentration of fine, equiaxed grains 

with sizes under 1 µm, while the periphery of this zone contained slightly coarser, 

columnar grains. This distribution is attributed to the favourable solidification 

conditions at the centre of the melt pools, which promote the nucleation and growth 

of inoculants. These favourable conditions include relatively low G-values, high 

velocities (R), and extended liquid lifetimes. The higher number density of titanium-

nitride particles in the equiaxed grain regions supports this explanation. 

Both Ti-containing and Ti-free materials exhibited finer grain sizes in single tracks 

produced at higher scan speeds (1000 mm/s). However, the bulk samples of Ti-free 

material showed significantly coarser grains compared to the single tracks due to 

epitaxial growth during remelting by neighbouring tracks and subsequent layers. In 

contrast, the bulk samples of Ti-containing material exhibited an improvement in 

grain refinement due to remelting, suggesting an interactive effect between the 

formation of inoculants and the remelting process. 
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As-printed microstructure and properties of CoCrNi and CoCrNi-N MEAs (RQ3) 

As-printed microstructures revealed cellular solidification structure with elemental 

segregation of chromium and nitrogen to the cell walls, as predicted from Scheil 

solidification simulations. Along with the cellular solidification structure, high 

density of dislocation cells was observed in both the alloys, supposed to be a result of    

the subsequent thermal cycling during the layer-by-layer printing process. The 

CoCrNi-N alloys demonstrated approximately 100 MPa higher yield strength and 

ultimate tensile strength compared to the CoCrNi variant, while also exhibiting 

reduced anisotropy in mechanical properties with respect to different building 

directions. Short-term heat treatments at 800°C for 30 minutes resulted in the 

formation of fine chromium-rich oxides along the grain boundaries of both alloys and 

these oxides were not observed in as-printed condition. Increasing the heat treatment 

temperature led to the coarsening of these oxides while Cr2N precipitation was not 

observed during the heat treatment process. After heat treatment at 1200°C, both 

alloys exhibited a recrystallized microstructure. The CoCrNi-N alloy consistently 

displayed hardness value approximately 35 HV higher than the CoCrNi variant, both 

in the as-printed and heat-treated states. Addition of 0.5 wt% and 5 wt% TiN 

nanoparticles of size around 80 nm to CoCrNi alloy improved the mechanical 

properties without any change in the general microstructure. The distribution if the 

TiN was much finer than depicted from metal powder size. The improvement in the 

hardness value of approximately 30 HV and 80 HV was observed with the addition of 

0.5 wt% and 5 wt% TiN nanoparticles.  

Potentiodynamic tests in acidic and saline environments showed better corrosion 

properties for both the CoCrNi and CoCrNi-N materials compared to those for 

conventional and PBF-LB fabricated 316L. The CoCrNi-N showed better passivation 

behaviour but similar corrosion behaviour when compared to the CoCrNi.  The angle-

resolved XPS (ARXPS) on passivated samples did not show any presence of Co and 

Ni on the passive film. The passive film was observed to be composed of Cr-oxide and 

Cr-hydroxide as confirmed by the peak fitting. The hydroxide to oxide ratios extracted 

from the intensities of curve fitted peaks revealed no significant difference in surface 

composition between the CoCrNi and CoCrNi-N alloys. 
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Influence of nitrogen on the recrystallization behaviour of CoCrNi MEA (RQ4) 

High-temperature heat treatments of CoCrNi and CoCrNi-N at 800°C, 900°C, and 

1000°C for longer holding times revealed distinct microstructural and phase stability 

changes. For both alloys, heat treatment at 800°C resulted in the precipitation of 

chromium-rich oxides, while 900°C induced recrystallization accompanied by the 

formation of larger nitride particles in CoCrNi-N. At 1000°C, recrystallization 

progressed further, but the recrystallized grain fraction remained lower in CoCrNi-N 

compared to CoCrNi. Oxide particle analysis indicated a higher number density in 

CoCrNi, suggesting a lower pinning effect in the nitrogen-containing alloy by such 

oxide particles. Since the sole difference between the alloys is nitrogen content, the 

lower recrystallization kinetics in CoCrNi-N is hence suggested to be attributed to 

nitrogen segregation at grain boundaries, leading to solute drag, hindering grain 

boundary migration. 

Influence of PBF-LB processing metastable Co45Cr25(FeNi)30 MEA (RQ5) 

Microstructural examination revealed that high cooling rates inherent to PBF-LB 

processing led to the formation of nano-scaled HCP phase in the as-printed 

Co45Cr25(FeNi)30 metastable MEA. This HCP phase was observed in both vertical and 

horizontal cross sections of the as-printed sample. The pole figures of FCC and HCP 

phases revealed that this athermal martensite (HCP phase) observed in the as-printed 

sample followed the Shoji-Nishiyama (S-N) orientation relationship. The mechanical 

properties of the as-printed samples were found to be dependent on the building 

direction, with the horizontal samples showing slightly higher yield strength and 

ultimate tensile strength values while lower elongation to fracture as compared to the 

vertical samples. This difference in the mechanical properties is common in PBF-LB 

processed materials owing to the difference in texture with respect to building 

orientation of the sample. Postmortem EBSD analysis revealed approximately 50% 

HCP phase in the fractured horizontal sample, with a similar S-N orientation 

relationship between the HCP and FCC phase. In-situ tensile experiments were 

conducted using high energy synchrotron XRD and EBSD to understand the TRIP 

behaviour and the influence of the load partitioning during deformation. The results 

showed that the HCP phase fraction increased with increasing strain, and that the 

nano-scaled HCP phase in the as-printed state played an important role in the TRIP 

behaviour of the alloy. The HCP phase fraction increased from 0.8% and 1.5% to 
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approximately 42 % (at fracture) and 60 % (at 40% nominal strain) respectively for 

horizontal and vertical samples in the as-printed state. From the lattice strain/true 

stress plots, we observed that the FCC reflections start to deviate from linearity well 

below the macroscopic yield point, which coincided with the formation of HCP (10-

11) reflection, indicating the load sharing between the FCC and HCP phase. This 

proves that not only stress induced martensitic transformation was happening, but 

the so formed HCP also played a crucial role in shaping the mechanical behaviour of 

the alloy.   
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7 Future scope 
The following aspects are not addressed yet in the current thesis but are potential 

directions to be considered for future research. 

Inoculation: 

• To explore the influence of inoculation on the static and dynamic mechanical

properties of ferritic stainless steels manufactured using the PBF-LB process.

• To investigate the influence of ex-situ and in-situ addition of inoculants on the CET

in the columnar regions of ferritic stainless steels, both with and without

inoculation forming elements.

• To investigate the feasibility of inoculation in austenitic alloys manufactured using

the PBF-LB process.

Medium entropy alloys: 

CoCrNi-N MEAs 

• To conduct a comprehensive study to elucidate the deformation mechanisms for

CoCrNi and CoCrNi-N in both as-printed and heat-treated conditions.

Specifically, the interplay between high dislocation cell density in the as-printed

state and its influence on twinning behaviour is of interest.

• To conduct detailed investigation on the high temperature stability of both CoCrNi

and CoCrNi-N alloys, particularly the underlying mechanisms responsible for the

stabilization of hardness after heat treatments at 1000°C.

• To further extend the research on the high temperature stability of CoCrNi and

CoCrNi-N alloys by delving into their creep behaviour.

The Co45Cr25(FeNi)30 MEA 

• To study the influence of stress relieving/annealing heat treatments on the phase

stability, microstructure and resulting mechanical properties.

• To examine the relationship between microstructural changes, such as grain size

and phase distribution, and their influence on the TRIP behaviour and load

partitioning behaviour of the alloy.

• To conduct a detailed microstructural characterization of the deformation

mechanisms, such as dislocation slip and twinning, in FCC and HCP phases of the

alloy, in both the as printed and heat-treated states, for a better understanding of

their role in the observed load partitioning behaviour.
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