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Supramolecular modification of sustainable
high-molar-mass polymers for improved
processing and performance

Daniel Görl1, Shuichi Haraguchi1,2,5, Yevhen Hryshunin1, Sophia Thiele 1,
Giorgia Scetta 1, Alexandre Simula1, Matthieu Wendling1, Oguzhan Oguz1,
Nicolas Candau1,6, Torne Tänzer 3,4, Marianne Liebi 3,4,
Christopher J. G. Plummer1 & Holger Frauenrath 1

The plastic waste crisis is among humanity’smost urgent challenges. However,
widespread adoption of sustainable plastics is hindered by their often inade-
quate processing characteristics and performance. Here, we introduce a bio-
inspired strategy for the modification of a representative high molar mass,
biodegradable aliphatic polyester that helps overcome these limitations and
remains effective at molar masses far greater than the entanglement molar
mass. We use co-assembly of oligopeptide-based polymer end groups and a
low molar mass additive to create a hierarchical structure characterized by
regularly spaced nanofibrils interconnected by entangled polymer segments.
The modified materials show a rubbery plateau at temperatures above their
melting point, associated with strongly increasedmelt strength, extraordinary
melt extensibility, improved dimensional stability, and accelerated crystal-
lization. These thermomechanical property changes open up otherwise inac-
cessible processing routes and offer considerable scope for improving solid-
state properties, thereby addressing typical shortcomings of sustainable
alternatives to conventional plastics.

Plastics have transformedmany aspects of our lives for the better, but
the continued exponential growth in their production has led to a
corresponding surge in plastic waste1,2. However, while the plastic
waste crisis is one of humanity’s most pressing challenges, it remains a
complex systemic problemwith no single optimal solution1,3. Aliphatic
polyesters nevertheless represent a highly promising materials class
for a more sustainable plastics economy4–6 because they integrate
multiple complementary features considered vital to any holistic
strategy. They may often be sourced from renewable feedstocks,
which is key to favorable life cycle assessment7,8, and a wide variety of

grades are commercially available1, many of which are biodegradable,
mitigating the consequences of leakage into the environment9. Ali-
phatic polyesters are also amenable to chemical recycling tomonomer
under mild conditions5,6,10,11, and may be designed to have properties
similar to polyolefins12, which represent some two-thirds of plastics
production worldwide but are non-biodegradable5.

However, the market share of more sustainable plastics remains
low, as their implementation is often hindered by their failure to meet
the processing and property requirements of their intended applica-
tions. Typical shortcomings include low melt strength, melt elasticity,
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melt extensibility (severely restricting processing windows), slow
crystallization (implying unacceptably long cycle times in important
industrial processes), and limited maximum use temperatures8. These
may, to some extent, be addressed individually via established stra-
tegies involving, for instance, nucleating agents, chain extenders, long-
chain branching, blending, or reinforcement13. More recently, covalent
networks and vitrimers14,15 or supramolecular polymers based on
thermoreversible self-assembly of multivalent, self-complementary
hydrogen-bonding motifs have also been used to produce materials
with rheological properties typical of well-entangled or cross-linked
polymers combined with sharp transitions to low-viscosity melts,
offering improved processing and recyclability16–19. The dynamic nat-
ure of these materials may also lead to remarkable self-healing
properties20–23, shape-memory behavior24, and stimuli-
responsiveness25,26. Moreover, ditopic hydrogen-bonded ligands27,28,
including in particular β-sheet-forming oligopeptides or poly(amino
acid)s29–31, provide additional mechanical reinforcement thanks to
their bio-inspired, self-limiting aggregation into uniform, one-
dimensional nanofibrils32,33. This has been used to tailor elasticity and
toughness in thermoplastic elastomers29,34, as well as in biomedical
scaffolds35 or structural guides for organic electronics36–38.

With some exceptions34,39, however, research into supramolecular
polymers and networks has so far focused on supramolecular mate-
rials based on short-chain polymer segments, because self-assembly of
the end groups becomes unfavorable as the polymer chain length
increases40–42. This may preclude the use of polymer segments with
molar masses well above their entanglement molar mass, which is a
critical limitation, given that entanglement is fundamental to the
mechanical properties of technologically relevant, high molar mass
polymers43. The relative lack of interest in supramolecular assembly of
highmolarmass semicrystalline and glassy polymers44,45may also stem
from the prevailing notion that their strength and stiffness are domi-
nated by the polymer matrix. Adequate melt processability and final
properties are nevertheless indissociable when implementing new
plastics technology. An effective supramolecularmodification strategy
for semicrystalline polymers with molar masses typical of commercial
grades may, hence, be hugely beneficial for broadening their range of
applications.

Here, we show that the co-assembly of polymer end groups and a
matching low molar mass additive, both based on β-sheet-forming
oligopeptides (Fig. 1), results in efficient, reproducible formation of a
supramolecular network even for polymers with molar masses far

Fig. 1 | Hierarchical structure formation by co-assembly of oligopeptide end
groups and additive molecules. a Supramolecular structure formation is decou-
pled from themolarmass of thepolymer segment by co-assemblyofmonodisperse
polymer end groups (blue) and a lowmolar mass additive (orange), both based on
β-sheet-forming oligopeptides. The end-modified polymer alone shows limited
network formation athighmolarmasses, and the additivephase separates from the
non-modified polymer to form bulk precipitates. However, b co-assembly of the
end groups and additives via multivalent amide hydrogen bonding gives rise to
antiparallel β-sheet aggregates even when the polymer molar mass is high.
c Inspired by nanostructure formation in silks46,47, the β-sheets are programmed to
assemble further into semirigid nanofibrils with a uniform diameter, consisting of

helically twisted stacks of a well-defined number of β-sheets, self-limited by helicity
and polymer tethering29,32. d Polymer bridging results in a supramolecular net-
work with a regular nanofibril spacing. The thermal stability, morphology, and
semirigid nature of the nanofibrils are crucial to their packing and orientation
during deformation at temperatures above the polymermelting point. e Extended-
chain crystallization owing to stretching of the polymer segments bridging the
nanofibrilsmay reinforce thenetworkas it deforms, contributing to the exceptional
melt extensibility. This allows the preparation of homogeneous, oriented films,
whose morphology after cooling comprises aligned polymer-bridged nanofibrils
and shish-kebab structures in the polymer matrix.
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greater than their entanglement molar mass. The silk-inspired46,47,
hierarchical structure adopted by the oligopeptides is an essential
design element in suppressing macroscopic phase separation of the
additive in favor of a co-assembly of additive and polymer end groups
into well-defined, regularly spaced, high-aspect-ratio, polymer-
bridged, semirigid nanofibrils that are determinant for the melt
properties. The nanofibrils act as physical cross-links, inducing rubber-
like behavior with a plateau modulus on the order of 1MPa at tem-
peratures of up to 50 °C above the nominal polymer melting point, as
required for many important industrial processing routes48, as well as
strongly improved dimensional stability. Within this temperature
window, the synergy between the dynamic and anisotropic cross-links
and the entangled polymer results in enhanced low-strain elasticity,
significant strain hardening, as well as exceptionally high melt exten-
sibility of up to 3000%, opening up processing routes otherwise
inaccessible to the base polymer, such as thermoforming, film blow-
ing, and film melt-drawing.

The nanofibrils also act as highly efficient nucleating agents,
increasing polymer crystallization rates by over one order of magni-
tude compared with standard nucleating agents. This combination of
properties facilitates macroscopic orientation and deformation-
induced crystallization and, hence, tailoring of the solid-state mor-
phology, which in turn results in novel room-temperature mechanical
properties, such as a fivefold increase in yield strength. Given that the
same concept can be applied to a wide range of other highmolarmass
polymers that are considered sustainable alternatives to common
plastics, itmayhelp toovercome the technical barriers to their broader
adoption in consumer products.

Results and discussion
We have chosen poly(ε-caprolactone) (PCL) as a representative
example of the family of aliphatic polyesters because, while commer-
cial grades of PCL are generally petroleum-based, it can be sourced
from renewable feedstock, it is chemically recyclable5, and its fast and
complete biodegradation under various conditions has been well
established49–51. At the same time, it is also a typical example of poly-
mers whose important shortcomings with regard to processability and
thermomechanical properties have severely limited their range of
applications (Fig. S1). PCL with a number average molar mass, �Mn, of
89,500 g/mol, which is about thirty times the entanglement molar
mass, Me, of approximately 3000g/mol52, has been modified with
acetyl-L-alanyl-L-alanyl end groups (mPCL, 0.5wt% end groups). Bio-
degradability measurements carried out according to standard pro-
cedures confirm that the known excellent biodegradability of PCL has
not been altered by this end group modification (Fig. S1), while the
dipeptide end groups are expected to be readily broken down by
proteases abundant in soil and water53. These end groups are mono-
disperse, ditopic hydrogen bonding ligands that aggregate via triva-
lent self-complementary N–H···O =C hydrogen bonds into one-
dimensionally extended, high aspect ratio, antiparallel β-sheet tapes,
which are programmed to form helically twisted stacks that we shall
refer to as well-defined nanofibrils (Fig. 1)29, in order to distinguish
them from the less well defined hard domains typically seen in other
systems. Thus, modified low molar mass PCL (mPCL20,
�Mn = 22, 000g=mol, 2 wt% end groups) indeed shows end-group
association below 77 °C, and hence rubber-like behavior down to the
PCL crystallization onset temperature of around 40 °C in cooling
experiments, which is not seen in unmodified PCL with a similar molar
mass. However, mPCL20 is highly brittle because �Mn is only about
7 Me, resulting in weak entanglement. In marked contrast, the high
molar mass mPCL shows ductile behavior but no end-group associa-
tion, so its properties are close to those of the corresponding unmo-
dified PCL (Fig. S2).

This demonstrates the adverse effect of end-group dilution on
end-group aggregation in high molar mass polymers. We address this

problem by blending mPCL with the additive 2-octyldodecyl acetyl-L-
alanyl-L-alanyl amide (A) that is based on the same supramolecular
motif. As will be shown in what follows, the co-assembly of the
monodisperse, ditopicmPCL end groups and the additive A results in
well-defined nanofibrils in a region of the mPCL/A phase diagram
(Fig. 2a, Figs. S3–5) that is absent from the phase diagram for reference
blends of A with unmodified PCL with a similar molar mass and is also
impossible to reproduce with monotopic self-assembling motifs such
as ureidopyrimidone, for which the addition of a complementary
additive leads to the break-up of the network16. The unmodified PCL/A
blends show upper critical solution temperature behavior, i.e., an
optically transparent, homogeneous melt over the entire range of A
contents at sufficiently high temperatures, but precipitation of bulk
additive domains on cooling (Fig. S4). While the behavior of mPCL/A
resembles that of PCL/A at high A contents (Fig. S6), pressed speci-
mens ofmPCL/A are optically homogeneous at all temperatures prior
to crystallization of the PCL when the A content is below about 5wt%
(Figs. 2b and S7). Room-temperature FTIR spectroscopy in this con-
centration range nevertheless demonstrates the additive and end
groups to self-assemble quantitatively into extended antiparallel β-
sheet-like aggregates, implyingnanophase separation (Figs. 2c andS8).
The solid bulk additive precipitates in both mPCL/A (at A contents
greater than 5wt%) and the PCL/A reference blends take the form of
birefringent microfibers (Figs. 2d and S6–7) with chiral columnar
mesophase structure and a characteristic intercolumnar spacing, dA,
of 2.8 nm (Figs. 2e and S9). The corresponding SAXS Bragg reflection
may hence be used to further evaluate the transition from precipita-
tion in the form of nanofibrils, for which it is absent, to mixed regimes
ofmicrofibers and nanofibrils as theA content is increased inmPCL/A.
Bulk additive precipitation is found to be fully suppressed in favor of
nanofibrils at up to at least 2.5 wt% A, and this transition shifts to as
much as 5wt% A in specimens deformed during cooling (Figs. 2f and
S10), consistent with optical microscopy and the concentration
dependence of the additive dissociation temperatures, Td, determined
by DSC (Figs. S3 and S5).

AFMphase images of hot-pressedmPCL/A containing 2 and 5wt%
of A, and recorded prior to the onset of PCL crystallization after
melting in situ, confirm bulk additive precipitates to be absent in this
composition range and allow direct observation of the nanofibrils.
These nanofibrils are homogeneously distributed in the PCL matrix
with a regular interfibrillar spacing, dNF (Figs. 2g and S11), which is
necessarily much larger than the intercolumnar spacing, dA, observed
in solid bulk additive precipitates, and decreases fromabout 17.5 nmat
2wt% A to 9.5 nm at 5wt% A. Assuming the nanofibrils to be hex-
agonally packed and contain all the end groups and additive mole-
cules, as implied by IR spectroscopy (Fig. 2c), this suggests each
nanofibril comprises a helically twisted stack of about three β-sheet
tapes (Fig. S12).

A well-defined nanofibril diameter follows from the controlled
nature of superstructure formation in monodisperse chiral β-sheet-
forming oligopeptides29,32. The helical twist induced in the β-sheet
aggregates self-limits β-sheet stacking so that the resulting nanofibrils
are constituted by a fixed number of stacked β-sheet tapes, such that
the height of the stack corresponds approximately to the length of the
oligopeptide. This superstructure formation also implies the oligo-
peptide nanofibrils to be semirigid, with persistence lengths far larger
than for other types of 1D hydrogen-bonded aggregates, but smaller
than for nanocrystals with a high degree of 3D order29,36,54,55. They
hence align locally to give a nematic texture that orients readily under
shear. The resulting morphologies are similar to those of cylindrical
phases in microphase-separated ABA triblock copolymers, implying
some 60% of the tethered PCL segments bridge adjacent
nanofibrils56,57. Thebridging segments andnanofibrils hence constitute
a physical network, trapping entanglements above the PCL melting
point, while the molar mass of the PCL segments is sufficiently high to

Article https://doi.org/10.1038/s41467-024-55166-1

Nature Communications |          (2025) 16:217 3

www.nature.com/naturecommunications


Fig. 2 | New phase region corresponding to co-assembled, polymer-bridged
nanofibrils. a The mPCL/A binary phase diagram constructed from DSC heating
scans shows a new phase region (blue) at low A contents, where the co-assembly of
A andmPCL endgroupson cooling results in a supramolecularnetworkof polymer-
bridgednanofibrils (NF), as distinct from the solid bulk precipitates (As) observed at
higher concentrations and in the PCL/A reference blends. b Within this phase
region, hot-pressed mPCL/A appears homogeneous in bright-field optical micro-
graphs (OM) and between cross-polarizers (POM) above the PCLmelting point (the
micrographs shownwere recorded at 70 °C). However, the additive and end groups
self-assemble quantitatively into β-sheet aggregates according to c room tem-
perature Fourier transform infrared (FTIR) spectroscopy. d, e OM, POM, and
atomic force microscopy (AFM) phase images from the PCL/A reference blends
under the same conditions reveal bulk precipitates of A in the form of microfibers.

These consist of a chiral columnarmesophasemade up of close-packed columns of
additive molecules helically twisted around the microfiber axis. The power spec-
trum (bottom left) of the inset in the AFM image shows the columns to have a
periodic spacing, dA, of 2.8 nm parallel to the microfiber surfaces, consistent with a
prominent 2D SAXS reflection (bottom right) observed for both pure A and PCL/
A. f The normalized intensity of the SAXS reflection at 2.8 nm may be used to
distinguish the nanophase-separated regime from regimes dominated by bulk
additive precipitation. Bulk additive precipitation is suppressed atA contents of up
to 2.5 wt% inmPCL/A cooled under quiescent conditions and atA contents of up to
5wt% in specimens deformed during cooling. g AFM phase images of
mPCL/A prepared by hot pressing at 80 °C and recorded prior to the onset of PCL
crystallization after melting in situ show aligned, high-aspect-ratio nanofibrils
homogeneously distributed over the entire specimen. (See Figs. S3–11 for details.).
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ensure a stable response to large deformations in both the melt and
the solid state. This hierarchical structure, which comprises at least
four structural levels (the chiral oligopeptides form hydrogen-bonded
β-sheet tapes, further stacked into polymer-bridged nanofibrils that in
turn show nematic order) is reminiscent of certain key molecular and
nanoscale features of silks46,47, and clearly distinguishes our system
from previous examples of the use of low molar mass additives as
supramolecular fillers in hydrogen-bonded polymers58,59. As will be
discussed in what follows, this hierarchical structure is crucial to the
remarkable solidification behavior and melt elasticity of mPCL/A,
opening up new possibilities for melt processing without compro-
mising solid-state performance.

Concerning solidification, the nanofibrillar network inmPCL/A is
a far more effective nucleating agent for PCL crystallization than the
bulk additive (whose performance is similar to standard nucleating
agents), presumably because of both the high dispersion of the
nanofibrils and tethering of the polymer chains60. Thus, the PCL

crystallization half-time for mPCL/A (2 wt%) determined from iso-
thermal DSC at 45 °C is about an order of magnitude shorter than for
PCL/A (2 wt%), which contains only bulk A microfibers at this tem-
perature, and 25 times shorter than for pure PCL (Figs. 3a and S13).
However, the PCL matrix morphology remains spherulitic, and the
nanofibrils have little effect on its crystallinity, which is about 40wt%
for all the materials after cooling from the melt at 10 °C/min (Fig. S13).

Significant modifications to the melting behavior of mPCL/A are
also apparent in the nanofibrillar regime, that is, for A contents below
about 5wt%. In oscillatory shear rheometry temperature sweeps, both
mPCL/A and PCL/A show clear rheological onset temperatures for
aggregate formation, Tagg, defined as the temperature where the
behavior first deviates significantly from that of pure PCL on cooling
(Fig. 3b). In each case, Tagg is close to the onset temperature of the
corresponding DSC exotherms (Figs. S3 and S14). However, in marked
contrast with the reference materials, the modified mPCL/A blends
show a rubbery regime down to the lowest A contents investigated,

Fig. 3 | Effect of the nanofibrillar network on nucleation, low-strain melt
properties, and high-temperature dimensional stability. a PCL crystallization
half times, τ1/2, from isothermal DSCmeasurements at 45 °C after cooling from the
melt at 10 °C/min, show that polymer crystallization is about six times faster in
mPCL than in PCL, up to twenty-five times faster inmPCL/A than in PCL, and about
nine times faster inmPCL/A than in the corresponding PCL/A reference blends at
low A contents. b According to oscillatory shear rheometry cooling scans (strain
0.5%, frequency 1 rad/s, cooling rate 1 °C/min), both mPCL/A (blue) and PCL/
A (orange) exhibit rheological onset temperatures for aggregate formation, Tagg,
defined as the temperature at which the melt storage modulus, G’, and loss mod-
ulus, G”, start to deviate significantly from those of pure PCL on cooling, that are in
excellent agreement with the onset temperatures of the corresponding DSC

exotherms (Fig. S3). However, at low A contents, rubbery elastic behavior (G’ >G”,
light blue area) is only observed for mPCL/A. The corresponding rubbery plateau
extends from the PCL crystallization temperature up to the rheological softening
temperature, Ts (G’ =G”). Within this temperature window, G’ is about an order of
magnitude higher for mPCL/A than for PCL/A. c, d Ts and the effective plateau
modulus (G’ at 60 °C) increase systematically withA content up to about 5wt%A.
e Dogbone specimens of mPCL/A (5wt%) remain dimensionally stable for several
hours at 95 °C, whereas specimens of PCL or PCL/A fail within a few seconds. f A
thermoformedmPCL/A (5wt%) cup retains its shapewhen filledwith boilingwater,
although it becomes transparent, indicating a loss of crystallinity in the PCLmatrix.
However, cups prepared from PCL and PCL/A fail within a few seconds. (See
Figs. S13–15 for details).
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extending from the PCL crystallization temperature up to a rheological
softening temperature, Ts, defined here as the crossover temperature
of the melt storage modulus, G’, and loss modulus, G”. Because the
rubbery regime is only observed in themPCL/A blends, it is inferred to
be due to establishment of an elastically active network by the
polymer-bridged nanofibrils. By comparison, the limited melt rein-
forcement by the bulk additive precipitates in PCL/A is attributed to
their coarse dispersion and lack of coupling to the polymer matrix, so
they act as non-interacting solid filler particles at low concentrations.

Ts in mPCL/A increases steeply with A content in the range of
0–3wt%, and then levels off at about 110 °C as the A content approa-
ches 5wt%, that is, some50 °C above the PCLmeltingpoint and around
70 °C above the crystallization onset temperature on cooling (Fig. 3c).
The plateau modulus, defined here as G’ at 60 °C, also increases
stronglywithA content in this regime to reach amaximumof0.94MPa
at 5wt%A, before falling off again at higherA contents. This represents
an increase ofmore than two orders ofmagnitudewith respect to PCL,
and by a factor of about six with respect to the corresponding PCL/A
reference blends (Fig. 3d). The supramolecular network in mPCL/A is
hencemost effective atA contents close to 5wt%, which was therefore
chosen as the concentration for subsequent investigations.

The mPCL/A blends show markedly improved high-temperature
dimensional stability in the nanofibrillar regime thanks to their elastic
response well above the PCL melting point. Thus, suspended hot-
pressed sheets ofmPCL/A (5wt%) retain their initial shape for hours at
95 °C, whereas reference PCL/A or pure PCL specimens fail within
seconds (Figs. 3e and S15, Video V1). Similarly, thermoformedmPCL/A
(5 wt%) cups (see below) filled with boiling water support the weight of
the water for minutes, although their transparency indicates the PCL
matrix to have melted. This is a remarkable achievement for a PCL-
based formulation, as reflected by the behavior of a reference PCL/A
cup, which disintegrates immediately when filled with boiling water
(Figs. 3f and S15, Videos V2 and V3).

Low-strain melt elasticity is also seen in other supramolecular
polymers and networks18 but rarely translates into useful tensile
properties at large deformations because of the low polymer molar
masses usually employed. In the present case, however, extensional
rheometry at 70 °C and a constant logarithmic (Hencky) strain rate of
2 s−1, indicates a strongly non-linear response for mPCL/A (5 wt%),
similar to that of conventional high molar mass polymers in the rub-
bery regime61,62. Thus, not only is the initial extensional viscosity of
mPCL/A (5wt%) over an order of magnitude greater than for PCL/A
(5 wt%) but it also shows a local stress maximum or yield stress at
0.48MPa and a nominal strain of 120%; pronounced strain hardening
from about 610% nominal strain; unstable fracture within the gage
length characterized by a well-defined planar fracture surface, an
ultimate strength of 0.82MPa, and an exceptionally high nominal
strain-at-break of nearly 3000% (Figs. 4a and S16). In marked contrast,
PCL/A exhibits unstable viscous necking beyond the stress maximum
and the unmodified PCL cannot be tested at all under these conditions
owing to its lack of mechanical stability. The total energy-at-break of
mPCL/A (5 wt%) of 18MJ/m3, is hence some 22 times that of PCL/A
(5 wt%). The analogy with microphase-separated ABA triblock copo-
lymers alluded to earlier is useful in interpreting the rheological
behavior ofmPCL/A, assuming the B block to be in the melt state and
its molar mass to be very much greater than Me. In either case, if the
molten polymer chains are covalently tethered to a solid cylindrical
phase that moves affinely during deformation, their response is
expected to be dominated by entanglement at low strains, while the
cylindrical phase domains act essentially as a hard reinforcement63,64.
This implies a plateau modulus of about 0.9MPa formPCL/A at low A
contents, taking Me to be 3000g/mol, which is consistent with the
results for 2–5wt% A (Fig. 3d) and thus suggests strong anchoring of
themPCL chain ends to the nanofibrils in this composition range. Prior
to the onset of non-Gaussian strain-hardening, the shear modulus is

predicted to tend towards that of a phantom network formed by the
tethered polymer chains as the strain increases, assuming the network
points corresponding to the chain ends remain immutable63. However,
this does not account for the observed yielding and strain softening at
strains above about 120% (Fig. 4a). Significant relaxation of loaded
network strandsmust, therefore, take place, analogous to the onset of
disentanglement in high molar mass linear polymers in the rubbery
state61. In the present case, relaxation is assumed to involve shear of
the nanofibrils and/or dynamic exchange of the end groups via
(reversible) dissociation of the intermolecular hydrogen bonds65. In
extensional flow, these processes are presumably accompanied by the
alignment of thenanofibrilswith the tensile axis and are in competition
with the increased orientation of the polymer chains and non-Gaussian
strain hardening as deformation proceeds (Fig. 4b)66,67. Moreover,
molecular orientation may be further stabilized by extended-chain
crystallization at large deformations, provided the deformation tem-
perature is below the equilibrium melting point of PCL, which may be
as high as 100 °C68. This behavior, and particularly the exceptionally
high strain-at-break, attributed in large part to the length of the brid-
ging chains and thedynamic nature of thenanofibrils acting as physical
cross-links, cannot easily be reproduced by, for instance, conventional
block or segmented copolymerization, which implies substantial
modification to the solid-state and melt flow behavior of the base
polymer. However, the proposed concept of a double network
anchored by β-sheet nanofibrils covalently linked to extensible chain
segments doesmirror certain key features of silk materials, whichmay
show extraordinary combinations of strength, ductility, and energy at
break46,47.

The extensibility and strain hardening of mPCL/A under tensile
loading at temperatures above the polymer melting point, together
with the accelerated PCL matrix crystallization, is highly relevant to
industrial processing techniques that involve tensile or biaxial drawing
in the melt state. These include film blowing, extrusion and injection
blow molding, injection stretch blow molding, thermoforming, or
foaming. Pronounced strainhardening, for instance,may stabilizemelt
deformation at a well-defined draw ratio, leading to a uniform wall
thickness during blowmolding, which is a crucial factor in the success
of poly(ethylene terephthalate) (PET) in bottle manufacturing69.
mPCL/A is, therefore, more compatible with this important class of
processing techniques thanunmodifiedPCL,which lacks thenecessary
melt strength. Hence, film-blowing of hot-pressed mPCL/A (5 wt%)
sheets at 70 °C results in stable bubble formation, whereas unstable
defects propagate in sheets of PCL and PCL/A immediately on appli-
cation of the pressure (Fig. 4c). Similarly, thermoforming of hot-
pressedmPCL/A (5wt%) sheetsmaybeused tomanufacture cupswith
high feature fidelity that may easily be removed from the mold, are
self-supporting, and whose wall thickness is in the range 30–90 µm
(Figs. 4d and S16). On the other hand, PCL/A (5wt%), can only be
thermoformed with the aid of a paper support, and the resulting wall
thickness varies from 30 to as much as 220 µm at the base of the cup.

It is also possible to produce homogeneous films with thicknesses
of the order of 300 µm by isothermal or non-isothermal melt drawing
hot-pressed mPCL/A (5wt%) sheets to strains, εm, of up to 2000%,
whereas melt drawing of pure PCL and PCL/A gives poorly defined,
inhomogeneous filaments (Figs. 4e, 5a, and S17). FTIR spectroscopy
(Fig. S18) and 2D WAXD and SAXS (Fig. S19) of mPCL/A (5 wt%) films
melt drawn at 70 °C and a nominal strain rate of 2 s−1 to 500, 1000, or
2000%, indicate preferential orientation of the nanofibrils along the
draw direction and the presence of PCL crystalline lamellae oriented
perpendicular to thedrawdirection, and show strongmeridional (hk0)
diffraction peaks from the usual orthorhombic PCL crystal
modification70, although drawing has little effect on the lamellar long
period, which remains roughly unchanged at 15–18 nm.

Furthermore, 2D synchrotron SAXS ofmPCL/A (5 wt%) reveals an
equatorial streak, which becomes more pronounced as εm increases,
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while the meridional scattering from the lamellae decreases (Figs. 5b
and S20). This suggests the equatorial streak to be primarily due to
extended-chain PCL crystals71, and indeed it is particularly evident in
the non-isothermally drawn films (drawn and cooled simultaneously),
in which strain-induced PCL crystallization is expected to be enhanced
as the temperature decreases, consistent with an increase in the DSC
peak melting point to 66 °C (Fig. 5c). Epitaxial overgrowth of lamellar
PCL crystals on further cooling then results in shish-kebab structures,
as also seen in AFM images of the film surfaces (Fig. 5d, e).

The transition from a predominantly lamellar to amore extended-
chain crystal morphology with increasing εm induces concomitant
changes in the room-temperature tensile properties of themelt-drawn
mPCL/A (5 wt%) films (Figs. 5f and S21, Table S1). The isothermally
drawn films show a systematic increase in Young’s modulus and
nominal yield stress with εm. Moreover, the highest yield stresses and
tensile strengths are observed in the non-isothermally drawn films,
albeit accompanied by a large reduction in the strain-at-break, sug-
gesting increased molecular orientation. The fact that the strain-at-
break in the isothermally drawn films remains above 200% for εm as
high as 2000%, together with the limited work-hardening, indicates
molecular relaxation during drawing, which offers considerable scope
for further increases in tensile strength and stiffness through, for

instance, optimized cold drawing72,73. Hence, while the performance of
PCL itself is fundamentally limited by its low Tm and Tg, it is unrealistic
to expect PCL-basedmaterials to rival high-performancefilmsof glassy
polymers such as oriented poly(ethylene terephthalate) (PET), our
approach renders it competitive with other ductile, commodity film-
formingmaterials such as low-density polyethylene (LPDE), linear low-
density polyethylene (LLDPE) and high-density polyethylene (HDPE),
which dominate the flexible film packaging market (Fig. 5g).

In conclusion, we have demonstrated that the reversible co-
assembly of polymer end groups based on ditopic and monodisperse
oligopeptides and a corresponding low molar mass additive into a
hierarchical structure of polymer-tethered nanofibrils remains effec-
tive for the supramolecular modification of polymers with molar
masses well above their entanglement molar mass. This approach is,
therefore, a highly promising means of addressing some of the most
critical shortcomings of typical aliphatic polyesterswith regard to their
processing behavior and final performance without compromising
their biodegradability (Fig. S1). The strong nucleating effect of the
polymer-tethered nanofibrils on polymer crystallization should trans-
late into reduced process cycle times, which is particularly important
for polyesters, many of which crystallize comparatively slowly. More-
over, the supramolecular network of polymer-bridged nanofibrils

Fig. 4 | Large deformation behavior and improvedmelt processing properties.
a Nominal tensile stress-logarithmic (Hencky) strain curves from elongational
viscosity measurements onmPCL/A (5wt%) (blue) and PCL/A (5wt%) at a constant
logarithmic (Hencky) strain rate of 2 s–1 and a temperature of 70 °C, that is, above
the nominal PCLmelting point of 60 °C.mPCL/A (5wt%) shows (1) an initially linear
elastic response with Young’s modulus of 6.1MPa, (2) a local stress maximum
(yielding) at 0.48MPa and a nominal strain of 120%, (3) homogeneous viscoplastic
deformation, (4) strain hardening, and (5) unstable fracture with a well-defined
planar fracture surface, resulting in ultimate strength of 0.82MPa and a nominal
strain-at-break of 2940%. PCL/A, on the other hand, shows unstable viscous neck-
ing. b We attribute the behavior of mPCL/A (5wt%) to (1) deformation of an
elastically active network made up of entangled PCL chains, reinforced and

anchored by co-assembly of the end groups and the additive, (2) orientation of the
network and partial relaxation of the anchored chains via dynamic end-group
exchange between nanofibrils, and (3) longitudinal displacement of the nanofibrils
and viscoplastic extension of the anchored chains, followed finally by strain-hard-
ening, whichmay involve strain-induced crystallization of the extended PCL chains
and fracture. c In consequence, mPCL/A (5wt%) shows stable bubble formation
during film blowing at 70 °C (0.1 bar overpressure), whereas PCL/A immediately
fails. d Hot-pressed sheets of mPCL/A (5wt%) may be thermoformed into self-
supporting cups, whereas PCL/Amaterials can only be thermoformed with the aid
of a paper support. e Melt-drawing of mPCL/A (5wt%) results in homogeneous
deformation up to large nominal draw strains, εm. (See Fig. S16 for details).
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gives rise to a new, extended rubbery plateau above the nominal
polymer melting point with a tailorable plateau modulus of about
1MPa. This provides significantly enhanced high-temperature dimen-
sional stability and melt strength, as well as a remarkable degree of
melt extensibility, with nominal strains-at-break approaching 3000%.
A representative high molar mass, biodegradable aliphatic polyester
(PCL) is hence rendered suitable for processing by, for instance,
thermoforming, film blowing, or film drawing within a well-defined
temperature window up to the dissociation temperature of the nano-
fibrils, while maintaining the flow behavior required for injection-
based techniques above that temperature. We further show that the
facilitated melt deformation to large strains and the concomitant
changes in orientation and morphology lead to tensile strengths
typical of conventional packaging film materials. Given that the

concept of end-group and additive co-assembly is applicable beyond
PCL74, our approach offers new perspectives for the manufacture of
film and foam packaging from a wide variety of polymers currently
regarded as sustainable alternatives to conventional plastics. However,
possible effects onmaterialsmicrostructure—and consequently onkey
performance parameters for sustainability—will need to be carefully
evaluated in each case.

Methods
Blend preparation
For a typical mPCL/A and PCL/A blend about 1 g of mPCL or PCL,
respectively, and the additive A were dissolved in 50–75mL of freshly
distilled dichloromethane (DCM). The solvent was removed with a
rotary evaporator, and the remaining solid material was dried under a

Fig. 5 | Oriented PCL materials. a Hot-pressed sheets of mPCL/A (5wt%), PCL/
A (5 wt%), and PCL melt drawn at 70 °C and a nominal strain rate of 2 s−1.
mPCL/A (5 wt%) forms films with a uniform thickness, while PCL and PCL/A show
viscous necking, resulting in inhomogeneous filaments. b In addition to the mer-
idional scattering corresponding to the lamellar long period, 2D synchrotron SAXS
patterns of melt-drawn films of mPCL/A (5wt%), show a pronounced equatorial
streak, which is particularly marked at high draw ratios and in films drawn under
non-isothermal conditions. This combination of features is attributed to the for-
mation of shish-kebab structures, that is, extended-chain polymer crystals oriented
along the fiber axis and epitaxially nucleated lamellar polymer crystals oriented
perpendicularly to the fiber axis. Accordingly, c DSC scans of the deformed spe-
cimens show a significantly higher melting transition in the first than in the second
heating or than non-deformed PCL specimens. d AFM phase images of
mPCL/A (5 wt%) non-isothermally melt-drawn to a nominal strain, εm, of 2000%

togetherwith selected grey-level profiles confirm the existence of a highly oriented
morphology composed of nanofibrils (identified with finely spaced features
observed locally, profile A–B), extended-chain PCL crystals (coarser fibrillar fea-
tureswith a spacing of about 25 nm, profile C–D), and lamellar PCL crystals growing
epitaxially from the extended-chain crystal cores and stacked perpendicularly to
the draw direction (average spacing of Lp = 18 ± 2 nm, profile E–F), as is schemati-
cally shown in (e). f Representative room temperature nominal stress-strain curves
of melt-drawn mPCL/A (5wt%) films show a strong increase in yield stress with
increasing εm accompanied by a decrease in strain-at-break, which is particularly
marked for non-isothermal drawing. g Young’s modulus vs. ultimate tensile
strength for common packaging films (cf. Table S2) compared with the present
results for PCL (orange) and mPCL/A (5 wt%) films at different εm after isothermal
(blue) and non-isothermal (red) drawing. Error bars indicate the standard
deviations.
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high vacuum overnight. For reproducible structure formation from a
homogeneous melt state, all specimens of themPCL/A blend and the
PCL/A reference blends were subsequently heated to above the dis-
sociation temperature, Td, of the aggregates and cooled to well below
their association peak temperature at a cooling rate of 10 °C/min,
unless stated otherwise in the figure captions. This thermal protocol
was also applied to reference specimens of the pristine PCL, mPCL,
and mPCL20 as part of their structural and thermomechanical
characterization.

Differential scanning calorimetry
DSC measurements were performed using a Mettler Toledo DSC 3+ in
a nitrogen atmosphere (flow rate 50mL/min) with 2–8mg specimens
and a default scanning rate of 10 °C/min. Each material was typically
subjected to at least two independent DSCmeasurements, and at least
three heating and two cooling scanswere applied in each case to check
for reproducibility. Unless stated otherwise, only the linear baseline-
corrected second heating and first cooling scans are shown. Phase
diagrams were established from the observed dissociation tempera-
tures, Td, whose concentration dependence and the corresponding
binodals for liquid–liquidphase separationwere described analytically
using the Flory–Huggins approach, as described in the legend to
Fig. S4. Isothermal experiments were conducted by heating the spe-
cimens to the homogeneous melt state (up to 200 °C depending on
the composition), followed by cooling at 10 °C/min to the measure-
ment temperature (45 °C) and maintaining this temperature until the
end of the crystallization process.

Gel permeation chromatography
The number-average molar mass, �Mn, the weight-average molar mass,
�Mw, and the dispersity, Đ, were determined by dissolving a 3–5mg
sample in 1mL tetrahydrofuran and filtering the solution through a
0.220μm Nylon filter before injection. The elution was performed in
tetrahydrofuran at 40 °C at a flow rate of 1mL/min, using an Agilent
1260 Infinity instrument incorporating the 390-MDS detector train
equippedwith a refractive indexdetector, one PSSSDVprecolumnand
either two PLgel 5 µm MIXED-C Analytical columns or two PSS SDV
Analytical Linear XL columns. The calibration was performed with
polystyrene standards with Mn in the range of 682–2,520,000g/mol.

Infrared spectroscopy
Specimens for IR spectroscopy were prepared in the DSC by cooling a
few milligrams of the material from the homogeneous melt state to
room temperature at 10 °C/min. IR spectra of solid specimens were
recorded in attenuated total reflectance (ATR) mode on a JASCO FT/IR
6300 spectrometer using the Miracle ATR accessory from PIKE. The
polarized IR spectra of the melt-stretched PCL-based films were
averages of 100 scans recorded in transmission mode using a Bruker
Vertex 70v FTIR Spectrometer attached to a Bruker Hyperion 3000
microscopewith anN2 cooledMCTdetector incorporating aKBr beam
splitter and a ZnSe-based wire grid polarizer.

Atomic force microscopy
Selected materials were cooled from the melt at 200–230 °C to
ambient temperature at 10 °C/min. Flat surfaces were prepared by hot-
pressing the specimens directly onto a steel AFM stub at the desired
temperature (between the PCL matrix melting point and the dis-
sociation temperature of the fibrils) with the aid of an amorphous
Kapton™ H release film (DuPont) and a Linkham TMS600 hot stage.
They were then cooled to room temperature at 10 °C/min, and the
release film was removed. Images were obtained using an Asylum
Research Cypher VRS AFM equipped with a heating stage and a laser-
excited MikroMasch aluminum-coated NC14 probe (resonance fre-
quency 160 kHz, and force constant 5N/m) in intermittent contact

mode, with a typical scanning frequency of 5 Hz and amplitude ratios
of 0.3–0.5.

Optical microscopy
Specimens of a few milligrams were compressed between glass cover
slides, heated to the homogeneousmelt state (up to 200 °Cdepending
on the composition), and then cooled at a nominal rate of 10 °C/min to
the desired observation temperature using a Linkham TMS600 hot-
stage. Images were recorded using an Olympus BX60 optical micro-
scope equipped with crossed polarizers once the temperature had
stabilized.

Shear rheology and extensional viscosity
Dynamic shear rheology was performed using a parallel plate TA
Instruments ARES 2 rheometer. 8mm diameter steel plates were used
throughout, with the gap set to 0.8–1.5mm. Theblend specimenswere
loaded in the homogeneous melt state (at up to 200 °C depending on
the composition) and cooled at 1 °C/min with a fixed radial frequency
of 1 rad/s and a strain of 0.5%, while a higher strain of 5% was used for
PCL. A standard test fixture from TA Instruments was used for the
extensional viscosity measurements. Hot-pressed sheets were cut into
20 × 7 ×0.3mm3 strips, placed in the test fixture, and held at the test
temperature for 3min before starting the measurement.

1D NMR spectroscopy
1H and 13C NMR spectra were obtained at 298K using a Bruker Avance
III 400 spectrometer at a frequency of 400MHz and calibrated with
respect to the residual solvent peaks of CDCl3 (7.26 ppm 1HNMR; 77.16
ppm 13C NMR). Chemical shifts are expressed in parts per million
(ppm) (s = singlet, d = doublet, t = triplet, m =multiplet).

High-resolution mass spectrometry
HRMS spectra were recorded using a Waters Q-ToF Ultima with elec-
trospray ionization (ESI).

Thermogravimetric analysis
TGAmeasurements were conducted on a PerkinElmer TGA 4000. The
specimens (3–11mg) were dried under a high vacuum for several days
and heated in the TGAchamber from30 to 900 °C at a scanning rate of
10 °C/min. The onset of decomposition was taken to be the tempera-
ture at which the mass loss first reached 10%.

Tensile testing (UTM)
Room temperature tensile tests were performed using a Zwick Roell
5 kN Universal Testing Machine (UTM) at a nominal extension rate of
10% of the initial length, L0 (17–23mm), per minute with a pre-stress
of0.1MPa.Dogbone specimenswith a lengthof 4 cmandagage length
of 2 cmwere prepared from the hot-pressed ormelt-drawn films using
a steel punch. The films had an average thickness of 330 µm (undrawn
hot-pressed specimens of pristine PCL), 340 µm (undrawn hot-pressed
specimens of PCL/A), 100 µm (mPCL/A (5 wt%) films melt-drawn to a
strain, εm, of 500% at Tmelt = 70 °C), 50 µm (mPCL/A (5 wt%) filmsmelt-
drawn to a strain, εm, of 1000% at Tmelt = 70 °C), 30 µm (mPCL/A
(5 wt%) filmsmelt-drawn to a strain, εm, of 2000% at Tmelt = 70 °C), and
25 µm(mPCL/A (5wt%)films drawn to 2000%while cooling from70 °C
to below the melting point of the PCL matrix). The width of the
clamping zone was 1 cm, and that of the gage length was 0.5 cm. The
specimens were mounted using standard 500N clamps. Young’s
modulus was calculated from the maximal slope of the nominal
stress–strain curve in the linear elastic regime.

2D small and wide-angle X-ray scattering (SAXS/WAXS)
2Dpatternswereobtainedusing aBrukerD8Discover Plus systemwith
a TXS Cu rotating anode and a Göbel mirror for focusing. A 0.5mm
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pinhole and a0.3mmcollimatorwere placed in the primary beampath
to select a beam of approximately 300 × 400 µm2 in area at the spe-
cimen position. A Cu Kα (λ = 1.54Å) micro source was used in trans-
mission mode with an Eiger2 500K detector at 300mm, calibrated
using silver behenate. The intensity profiles were obtained by azi-
muthal or radial integration of the 2D patterns using Bruker Difrac Eva
software. A uniaxial orientation distribution about a reference direc-
tion or “fiber axis”maybe expressed as a series of even-order Legendre
polynomials Pn½cosϑ�, where ϑ is the angle between a unique axis
characteristic of the orienting units and the fiber axis. Such distribu-
tions are conveniently characterized in terms of the coefficient of the
second-order term in the series expansion

P2
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3 cos2ϑ
� �� 1

� � ð1Þ

also known as Herman’s orientation factor. P2
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where Iψ is the scattered intensity of the corresponding Bragg reflec-
tion at the azimuthal angle ψ. Herman’s orientation factor takes the
value of 1 for a specimen fully oriented parallel to the fiber axis, –1/2
for planar isotropic orientation perpendicular to the fiber axis, and 0
for isotropic specimens.

Synchrotron scanning small angle X-ray scattering
Scanning SAXS was performed at the cSAXS (X12SA) beamline at the
Paul Scherrer Institut (PSI, Switzerland). The X-ray beam was mono-
chromated by a fixed-exit double crystal Si (111) monochromator to
12.4 keV and focused to 20 × 7 µm2. To minimize the air scattering and
absorption, a flight tube was placed between the specimen and the
detector. The scattering signal was recorded by a Pilatus 2M detector,
and the transmitted beam was measured with a photodiode on a
beamstop placed inside the flight tube. The specimen-to-detector
distance was 7.12m, calibrated using silver behanate. The exposure
time was 0.1 s for all the specimens. The 2D scattering patterns were
radially integrated to obtain 1D scattering curves in 64 azimuthal
detector segments with the cSAXS Matlab analysis package. The azi-
muthal plotswere calculated either from the radially integrateddata or
directly from the pixel intensities, depending on the measured inten-
sity and statistics in the q-range of interest.

Hot-pressing
The specimens were placed in an aluminum mold with dimensions of
25 × 25 ×0.03 cm3 and a square (5 × 5 cm2) or circular (d = 7 cm) hole in
the center, and placed between Teflon plates of lateral dimensions of
50 × 50cm. A Lauffer Pressen UVL 5.0 laboratory press was loaded at
30 °C and evacuated to 1mbar before heating to 200–230 °C at 10 °C/
min. Once the desired melt temperature was reached, a pressure of
60N/m was applied for 5min, followed by cooling to ambient tem-
perature at 10 °C/min.

Film melt drawing
Hot-pressed films of lateral dimensions of 5 × 5 cm2 were placed in the
oven of the Zwick Roell 5 kNUTMusing 500N clamps and equilibrated
at 70 °C for 5min. The draw rate was set to 2 s−1, and the maximum
extension was set to a melt strain, εm, of 500, 1000, or 2000%. Non-
isothermallymelt-drawnmPCL/A (5 wt%)waspreparedbyopening the
oven door 5 s after drawing began.

Film blowing
Sheets with a thickness of 400 µmwere prepared frommPCL/A (5wt%)
and PCL by hot-pressing at 200 °C. The sheet was placed on a film-
blowing device with pressure control and placed in an oven at 70 °C for
20min, during which the PCL matrix fully melted. A constant over-
pressure of about 0.1 bar was then applied, and the resulting deforma-
tion was recorded with a video camera.

Thermoforming
Circular hot-pressed specimens with a diameter of 7 cm and thickness
of 0.3mmwereprocessed into a cup (30mm in diameter and 35mmin
depth) above the melting point of the PCL matrix using a Formech
HD686 vacuum former by heating for 20–30 s in an infrared oven and
thermoforming after a delay of 0.4 s, with 100% plug assist, 50%
vacuum power, 0% air pressure and 0% pre-stretch into the 40 °C
mold. PCL/A (5 wt%) was thermoformed using paper support to avoid
damage due to the direct application of the vacuum via the holes
present in the steel mold, while mPCL/A (5wt%) could be thermo-
formed without the need for support.

Heat stability testing
To test their heat stability, the thermoformed specimens were filled
with boiling water, and their response was recorded with a video
camera. Further stability tests were carried out by suspending
dogbone specimens prepared from hot-pressed sheets using a
steel punch for tensile testing in a Memmert VO49 vacuum
oven at 95 °C.

Biodegradability testing
The biodegradability test was conducted according to ISO standard
guidelines (ISO 14851) at 25 °C. The biochemical oxygen demand
(BOD) wasmonitored while stirring over several days under aerobic
conditions with a BOD meter using a temperature-controlled BOD
reactor (Oxitop® with a 500mL BOD reactor, WTW. Co. LTD). A
powder specimen (initial weight about 30mg) was placed in a BOD
reactor, and 100mL of natural seawater from Tokyo Bay (Tokyo,
Japan) was added to the reactor as an inoculum, together with
0.1 mL of a mineral salt solution containing 8.50 g/L of KH2PO4,
21.75 g/L of K2HPO4, 67.00 g/L of Na2HPO4 × 12 H2O, 1.70 g/L of
NH4Cl, 22.50 g/L of MgSO4 × 7 H2O, 27.50 g/L of CaCl2 and 0.25 g/L
of FeCl3 × 6 H2O. The BOD biodegradability of the PCL-based
materials was calculated by subtracting the BOD of the control
from that of the test solution and dividing it by the theoretical
oxygen demand of the test specimen. The BOD of the control was
determined from an average of two blank tests using 100mL of the
natural seawater without the test specimen.

Materials and chemical synthesis
Details on the materials used and chemical synthesis procedures are
given in the Supplementary Information.

Data availability
The authors declare that the data supporting the findings of this study
are available within the paper and its Supplementary Information files.
Should any raw data files be needed in another format they are avail-
able from the corresponding author on request.
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