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A B S T R A C T

A mechanistic understanding of phase transformation behaviour under extreme thermal conditions is essential 
for controlling microstructure and performance of additively manufactured metallic components. However, 
direct experimental evidence capturing phase evolution during rapid solidification remains limited. In this study, 
phase transformations in M50 tool steel processed by laser powder bed fusion (LPBF) were investigated using 
operando X-ray diffraction in reflection mode to monitor phase evolution during laser melting and subsequent 
cooling processes. Under cooling rates in the order of 105 ℃/s, austenite formed directly from the liquid while 
δ-ferrite formation was suppressed. Martensitic transformation proceeded in a stepwise manner, with significant 
changes in phase fraction occurring at different cooling stages, highlighting the influence of rapid solidification 
on martensite nucleation and growth. Distinct transformation stages were identified, consisting of early abrupt 
transformation stages followed by later stages characterised by more gradual transformation. The carbon content 
in martensite increased from 0.58 ± 0.04 wt% to 0.68 ± 0.02 wt%, as determined from the evolution of local 
tetragonality. While variations in LPBF volume energy density had a limited effect on the cooling rate, lower 
energy densities were associated with higher martensite tetragonality and carbon enrichment. These findings 
provide valuable insights into phase evolution in rapid solidification processes for tailoring microstructure 
through manufacturing process control in additively manufactured steels.

1. Introduction

Laser powder bed fusion (LPBF), as a metal additive manufacturing 
(AM) technique, has been successfully applied to the fabrication of 
several tool steels, including H13 steel [1], M2 steel [2], CrMoV 
hot-work tool steel [3], and high-speed steels such as HS6–5–3–8 [4] and 
M3:2 [5]. M50 tool steel, the focus of this study, is widely used in 
aerospace, bearing, and tooling applications, due to its excellent 
high-temperature mechanical properties, attributed to its predomi
nantly martensitic microstructure and fine precipitates. Previous studies 
have consistently shown that LPBF M50 steel exhibits good process
ability, refined microstructures and excellent mechanical properties. 

Saewe et al. [6] was the first to successfully process crack-free M50 steel 
by LPBF, achieving a high hardness of over 62 HRC (approximately 658 
HV). Qin et al. [7] fabricated highly dense M50 steel using LPBF, 
achieving a relative density of above 99.9% and a high hardness of up to 
850 HV. Kunz et al. [8] reported that M50 steel processed by LPBF 
exhibited a significantly smaller grain size (2.8–5.5 µm) compared to its 
conventionally manufactured counterpart (15.6–22.1 µm) produced by 
vacuum induction melting and vacuum arc remelting (VIM-VAR). This 
grain refinement contributed to a high hardness of 789 HV and a fatigue 
strength of 1180 MPa. This refinement also helps to minimise the 
presence of large primary carbides, which can otherwise compromise 
the mechanical properties of the steel, e.g. by initiating butterfly defects 
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under rolling contact conditions [9]. Therefore, LPBF emerges as a 
promising manufacturing route for tool steels. However, the nature of 
the phase transformation behaviour and its underlying mechanisms 
during LPBF processing remain poorly understood.

The martensitic phase transformation plays a crucial role in deter
mining the mechanical properties. A deeper understanding of martens
itic formation kinetics, particularly during the LPBF process, could 
facilitate the development of advanced high-performance steels tailored 
for AM. Conversely, an incomplete understanding may lead to stress 
concentrations, potentially initiating cracks [10] or compromising the 
dimensional accuracy of the AM-built parts [11]. The martensite start 
temperature Ms is a key parameter that defines the onset of the 
austenite-to-martensite transformation. Donachie and Ansell [12,13]
observed Ms increases with higher cooling rates. Specifically, they re
ported a 73 ℃ increase in Ms at a cooling rate of over 1.8 × 104 ℃/s 
compared to a lower rate of 8.0 × 103 ℃/s in a high carbon steel 
(0.76 wt% C). They attributed the Ms dependence to carbon diffusivity in 
austenite, where rapid cooling leads to an uneven carbon distribution, 
reducing austenite stability and thereby raising the Ms. In contrast, LPBF 
processed steels typically exhibited highly refined austenite grains and 
the increased grain boundary area can provide abundant nucleation sites 
for martensite [14]. Grain refinement also strengthened the austenite, 
impeding martensitic transformation and thereby reducing Ms [15].

Although many studies have investigated the effects of heat treat
ment conditions on martensitic transformation (e.g., [16,17]), the rapid 
cooling and thermal cycling inherent to the LPBF process, likely result in 
distinct martensite behaviour as revealed in the present study. A sig
nificant limitation of prior investigations into martensitic phase trans
formations arises from the inherent constraints associated with the 
experimental methodologies employed. Widely adopted ex situ charac
terisation methods, although valuable, provide only partial insights, 
namely, revealing the final microstructure state but failing to capture 
the dynamic processes. Therefore, efforts are needed to elucidate the 
martensitic transformation mechanisms specific to the LPBF process 
through in situ observations.

Operando X-ray techniques with high temporal resolution enable 
direct observation of non-equilibrium phase transformations under AM 
conditions [18]. For example, by tracking characteristic diffraction 
peaks, the phase transformation kinetics of β-Ti to α-Ti in Ti− 6Al-4V 
during the rapid cooling of LPBF process have been extensively studied 
[19,20]. Glerum et al. [21] used this technique to capture rapid 
elemental reactions in pre-alloyed Al-Sc-Zr powder, occurring within 
300 µs at high temperatures near the Al melting point during laser 
melting. For AM steels, Konig et al. [22] used operando X-ray diffraction 
to investigate the solidification mode of LPBF hot-work tool steel, 
focusing on the transition from primary δ-ferrite to primary γ solidifi
cation with increasing solidification velocity. Epp et al. [23,24]
employed the technique to study evolution of phase transformations in 
X40CrMoV5–1 steel, focusing on the effects of intrinsic heat treatment 
during deposition. Gao et al. [25] further applied operando X-ray 
diffraction to 316 L stainless steel to probe dislocation density in solid 
phases and its dynamic evolution during solidification and subsequent 
cooling.

In this work, the phase evolution of LPBF M50 steel, including both 
liquid-to-solid and solid-to-solid transformations, was investigated, 
demonstrating the capability of the operando LPBF setup to track phase 
transformations in tool steel during processing. Temperature profiles 
under the rapid solidification and associated carbon redistribution were 
analysed. Notably, the stepwise martensitic transformation observed 
during rapid cooling represents, to the best of the authors’ knowledge, is 
the first reported instance in AM steels. These findings provide crucial 
insights into phase evolution pathways during rapid solidification in 
AM, enabling improved process control and microstructural tailoring for 
enhanced mechanical performance of AM metals.

2. Methods

2.1. Operando X-ray diffraction

M50 tool steel powder feedstock was produced using vacuum in
duction melting and inert-gas atomisation, and its chemical composition 
determined by inductively coupled plasma analysis meets the ASTM 
standard specifications [26], Table 1. The powder was mostly spherical, 
with some satellite particles observed, as shown in Fig. 1a. The particle 
size distribution was determined by laser diffraction, yielding D10, D50, 
and D90 values of 19.27 μm, 33.65 μm, and 57.63 μm, respectively, with 
the corresponding size distribution plot presented in the inset. Overall, 
the M50 powder exhibits characteristics suitable for LPBF fabrication.

Operando X-ray diffraction experiments were conducted using a 
miniaturised LPBF printer at the microXAS beamline of Swiss Light 
Source, Switzerland. Fig. 1b schematically depicts the experimental 
setup. Steel powder was spread on the baseplate, with the X-Y plane 
representing the top view and the Z-axis for the AM-build direction. The 
monochromatic X-ray beam with an energy of 17.18 keV was focused to 
a spot size of 54 μm × 27 μm (horizontal × vertical) and directed onto 
the sample. The printer was tilted by 15◦ towards the incident X-ray 
beam, resulting in a projected area of 104 μm × 54 μm. The X-ray beam 
was positioned 2 mm from the outer edge of the build plate near the 
detector. Two-dimensional (2D) diffraction patterns were recorded with 
an EIGER 1 M detector in reflection mode at an acquisition rate of 
20 kHz (exposure time: 0.05 ms). These 2D images were reduced to 
conventional one-dimensional (1D) diffraction spectra by azimuthal 
integration using pyFAI [27]. Matlab scripts developed in-house were 
applied to track the positions and intensities of diffraction peaks. More 
details on the MiniSLM setup can be found elsewhere [19,28].

During the sample printing process, laser beam with a diameter of 45 
μm was used, along with a powder layer thickness of 0.03 mm. The 
printer chamber was continuously flushed with high-purity Ar gas. The 
LPBF parameter sets are summarised in Table 2. They were selected to 
ensure good steel processability and sufficient melt pool stability, min
imising powder spattering for reliable diffraction data collection. The 
volume energy density was calculated using the equation Ev = P∕(vdh), 
in which P is the power, v is the scanning speed, h is the hatch distance, 
and d is the layer thickness.

After printing, the samples were ground and polished to a final finish 
using 1 μm diamond suspensions. Chemical etching was then performed 
using 2% nital solution. Micrographs of the as-printed M50 steel were 
taken in back-scattered electron (BSE) mode of scanning electron mi
croscopy (SEM) on an FEI Quanta 650 FEG-SEM. Electron back-scatter 
diffraction (EBSD) samples were prepared by vibratory polishing and 
characterised using a TESCAN MIRA FEG-SEM. The micro-hardness was 
measured using a QNESS Q10 CHD automatic tester equipped with a 
Vickers indenter under a load of 300 g and a dwell time of 15 s.

2.2. Data analysis

To visualise the phase transformation sequence during the LPBF 
process, the integrated diffraction patterns were organised into an in
tensity map. Fig. 2a shows the phase evolution before, during, and after 
laser manufacturing of the top layer of Sample 1 with time on the ver
tical axis and diffraction angle (2θ) on the horizontal axis. Intensity 
(counts per pixel) is colour-mapped, where the baseline appears in dark 
blue, and peaks rising above the baseline are shown in green/yellow. 
The inset, marked by a red dashed box, shows an enlarged view of the 
γ(200) peak evolution as the steel powder within the X-ray interaction 
volume experienced cyclic heating and cooling during laser scanning. 
Intensity maps of other samples are provided in Appendix A.

The corresponding temperature profiles were estimated by tracking 
the γ(311) diffraction peak that is insensitive to texture evolution [29], 
allowing to derive the lattice strain from which the macroscopic strain 
can be estimated [30]. By linking this with the coefficient of thermal 
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expansion (CTE), a consistent temperature estimation can be attained. 

Fig. 2b presents the lattice parameter a for the γ(311) peak during the 
repeated melting and solidification cycles, which was calculated using 
the following equation: 

a =
λ

2sinθ
⋅

̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅
h2 + k2 + l2

√
(1) 

where λ is the wavelength with a value of 0.72 Å, θ is half of the 
diffraction angle, and h, k, l are the Miller indices. It is assumed that the 
peak shift during heating and cooling is primarily due to isotropic 
thermal expansion and contraction, without considering the effect of 

Table 1 
Chemical composition (wt%) of M50 steel powder in comparison to the ASTM standard specification.

Element C Mo Cr V Si Mn

Powder 0.79 4.19 4.36 1.15 0.42 0.34
ASTM 0.78–0.88 3.90–4.75 3.75–4.50 0.80–1.25 0.20–0.60 0.15–0.45

Fig. 1. (a) SEM micrograph of M50 steel powder, with particle size distribution shown in the inset; (b) schematic of the experimental setup in reflection mode for 
operando X-ray diffraction.

Table 2 
LPBF process parameters of samples for operando X-ray diffraction experiments. 
Ev: Volume energy density.

Sample ID Power/ W Speed/ mm•s− 1 Hatch distance/ mm Ev/ J•mm− 3

1 150 800 0.05 125.00
2 125 800 0.05 104.17
3 150 500 0.05 200.00
4 125 500 0.03 277.78

Fig. 2. (a) Evolution of diffraction patterns as a function of time measured by the X-ray beam on the surface layer during laser scanning (Sample 1, laser power: 
150 W; scanning speed: 800 mm/s; hatch distance: 0.05 mm). The inset highlights oscillations of peak positions under repeated heating and cooling cycles. (b) lattice 
parameter evolution of γ(311) peak during melting and solidification cycles. The error bars for some data points are covered by the markers due to the smaller 
magnitudes. (c) CALPHAD-based phase fraction predictions during equilibrium solidification and (d) CTE calculated by JMatPro.
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residual stresses or compositional changes.
The lattice strain at any time t was derived using the relation of εt =

− cotθt⋅(θt − θ0), where θt is the half-diffraction angle of the peak at t. θ0 
is the reference half-diffraction angle at t = 0 ms, corresponding to the 
initial measurement of the powder at ambient temperature (25 ℃). The 
temperature was then estimated from the lattice strain for the liquid-to- 
solid transformation process, using the equation εt = C⋅ΔT with the 
known C (coefficient of thermal expansion, CTE). ΔT is the temperature 
difference relative to the ambient temperature. A similar approach was 
adopted in a previous study [31]. The CTE values were determined 
through thermodynamic calculations using JMatPro (version 12.4; 
database: General Steel) [32]. The phase prediction for M50 steel under 
the equilibrium solidification condition indicates the liquidus tempera
ture of 1440 ℃, with solidification completing at 1260 ℃, as shown in 
the shaded region of Fig. 2c. The CTE values within the temperature 
range of 1260–1420 ℃, where only liquid and austenite phases are 
thermodynamically predicted to exist in the M50 steel system, are pre
sented in Fig. 2d. For simplicity, a constant CTE value of 2.25 × 10− 5 

℃− 1, corresponding to the temperature at 1420 ℃ when the liquid 
phase is predicted to start transforming into austenite, was selected for 
the qualitative evaluation of temperature profiles.

The assessment of phase evolution was based on the principle that 
the total intensity of all diffraction peaks for a given phase is propor
tional to its volume fraction [33]. As shown in Fig. 2a, the diffraction 
peaks tracked during solidification include γ{111}, γ{200}, γ{220}, and 
γ{311} for austenite; while α′{110}, α′{200}, and α′{211} for martensite.

Taking austenite γ as an example, for a given diffraction peak i of 
austenite, its intensity can be expressed as [33]: 

Iγ =
KRγcγ

2μ (2) 

where 

Rγ =

(
1
V2

)[

|F|2p
(

1 + cos22θ
sin2θcosθ

)]
(
e− 2M) (3) 

In Eq. (2), K is a constant, independent of the diffraction substance; μ 
is the linear absorption coefficient; cγ is the volume fraction of γ-phase 
and Rγ is a scalar. Eq. (3) provides the mathematical description of Rγ. V 
is the unit cell volume which is derived from the lattice parameter; F is 
the structure factor; p is the multiplicity factor which depends on the 
crystal structure; and e− 2M is the temperature factor.

Similarly, the intensity of martensite α′ is given by: 

Iαʹ =
KRαʹcαʹ

2μ (4) 

Thus, the volume-fraction ratio of cγ/cα′ can be obtained by taking the 
intensity ratio of Iγ to Iα′, yielding: 

cγ

cαʹ
=

IγRαʹ

IαʹRγ
(5) 

The austenite volume fraction cγ in a γ + α′ two-phase system can be 
estimated from the relation: 

cγ =

1
n

Σn
i=1

Iγi

Rγi

1
n

Σn
i=1

Iγi

Rγi
+

1
m

Σm
i=1

Iαʹi

Rαʹi

(6) 

where n and m represent the number of peaks used for phase determi
nation of austenite (n = 4) and martensite (m=3), respectively.

3. Results

3.1. Solidification and thermal condition

Fig. 3 shows the time-resolved evolution of diffraction patterns 

captured from the top layer by the X-ray beam. As the laser beam 
approached the X-ray beam probed region, the powder underwent rapid 
heating, resulting in a peak shift to lower diffraction angles due to 
thermal expansion and gradually recovered due to cooling as the laser 
moved away. When the laser beam came even closer, the powder 
reached elevated temperatures, causing the disappearance of α′-phase 
peaks at about 185 ms. Meanwhile, γ-phase peaks experienced cyclic 
shifting back and forth, indicating the repeated thermal fluctuations 
induced by the snake-like scanning strategy.

The inset in Fig. 3 (highlighted by a red box) provides a magnified 
view of the rapid melting and solidification processes. When the laser 
entered the probed region, all diffraction peaks vanished momentarily, 
indicating complete melting within the probed volume. As the laser 
beam moved away, γ-phase diffraction peaks appeared first. However, 
the thermodynamic calculations (Fig. 2c) predict δ-ferrite as the first 
stable phase to form during equilibrium solidification. The absence of 
δ-ferrite in the experimental data suggests that its formation was prob
ably suppressed. Due to the extremely short lifetime of transient 
diffraction peaks during rapid solidification, it is also possible that 
δ-ferrite existed only briefly and was not experimentally captured.

Fig. 4a presents the estimation of temperature based on the lattice 
parameter evolution of γ(311) peak. Temperature is shown only when 
austenite diffraction peaks are detectable. The evolution of the γ phase 
was monitored following melting, during which the maximum calcu
lated temperature reached 1290 ◦C. This is consistent with the liquid- 
austenite transformation temperature range (1260 ℃ to 1440 ℃) in 
the thermodynamic calculations, Fig. 2c. The temperature profile was 
fitted by an exponential decay function: T = T0 + Ae− (t− t0)/τ, where T0 
and t0 are the temperature and time when the incipient solid was 
detected at the start of cooling. A is the initial amplitude and τ is the 
decay constant. Two tracks overlaid in a red curve in Fig. 4a represent 
the fitting results of the temperature function during the solidification 
process.

The cooling rate dT/dt of the solidification process was derived from 
the first derivative of the fitted temperature function. Fig. 4b presents 
the calculated cooling rate from two tracks where materials solidified 
after fully melting. The cooling rate observed was in the order of 105 

℃/s which agrees reasonably well with the reported cooling rate of 
rapid solidification for laser printing [22,34]. The initial cooling rates of 
the two tracks were comparable, both reaching approximately 6 × 105 

℃/s at the highest temperature of 1290 ℃. However, discrepancies 
became more pronounced as cooling continued over time. Track 2, 
which followed Track 1, exhibited a lower cooling rate. This difference 
arises from the sequential laser line-scanning strategy, where the ma
terial in the probed region underwent initial solidification during Track 
1 before being remelted and resolidified in Track 2. The surrounding 
temperature during the solidification of Track 2 was higher than that of 
Track 1, resulting in a reduced temperature gradient and consequently a 
lower cooling rate [35]. In this study, the track with the highest cooling 
rate, corresponding to the first instance of full melting in the probed 
region, was used for the cooling rate determination across all samples, to 
ensure consistency in the extracted thermal profiles.

Fig. 4c presents the cooling rates determined for all samples from the 
laser track in which the probed region was first melted. Overall, the 
cooling rates are in the order of 105 ℃/s for all processing conditions. 
Sample 1, processed at a volume energy density of 125 J•mm− 3, 
exhibited the highest cooling rate among all samples, while Sample 4 
processed at the highest volume energy density of 277.7 J•mm− 3, had 
the lowest initial cooling rate of 3.7 × 105 ℃/s and the slowest decay 
during the first 1 ms of cooling. Fig. 4d presents the average cooling rate 
over the initial 1 ms as a function of volume energy density. The cooling 
rate varied around 3 × 105 ℃/s across all samples. At relatively low 
energy densities, the average cooling rate decreases to a minimum of 
2.1 × 105 ℃/s at Ev= 104.17 J•mm− 3, followed by an increase to a 
maximum of 3.8 × 105 ℃/s at Ev= 125 J•mm− 3 and then a gradual 
decrease at higher energy densities. The results indicate that the cooling 
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rate in LPBF steel is not governed by energy density only. It could reflect 
the combined effects of energy input, melt pool geometry and local heat 
transfer conditions which warrant further investigation.

3.2. γ-α′ transformation in LPBF process

Martensite phase was observed upon continued cooling, revealing 
the transformation from the austenite to martensite. Fig. 5a presents a 
series of diffraction patterns of Sample 1 at different time points where 
diffraction peaks corresponding to both austenite and martensite phases 
were identified. Initially, the diffraction patterns predominantly 
exhibited the γ phase, such as the strong γ(220) and γ(311). The in
tensity of the α′ reflections increased progressively with time, accom
panied by a corresponding reduction in γ phase intensity, as evidenced 

by the evolution of the γ(311) and α′(110) peaks. This indicates the 
progressive transformation from γ to α′. Fig. 5b presents the quantified 
evolution of austenite and martensite phase fractions as a function of 
time during cooling. The martensite first became detectable at approx
imately 365 ms, at which point the austenite fraction began to decrease 
from an initial value of 0.97 ± 0.007. As the transformation progressed, 
a substantial increase in martensite formation was observed, leading to a 
reduction in austenite content. The three distinct step-like increases in 
martensite fraction, as exhibited in the figure, at around 373 ms, 430 ms 
and 530 ms, suggest that the martensitic transformation proceeded in 
rapid bursts rather than as a continuous process.

Fig. 5c presents an enlarged view of the martensite phase fraction, 
revealing the detailed burst-like feature of the phase transformation. 
The diffraction patterns in the upper panel display a magnified region of 

Fig. 3. Evolution of diffraction patterns collected from Sample 1, with the enlarged view showing that the γ-phase is the first solid phase during the liquid cooling.

Fig. 4. (a) Calculated temperature profile based on the lattice expansion/contraction of γ(311); (b) cooling rate obtained from the first derivative of fitted tem
perature from the individual tracks in (a); (c) cooling rates of all samples as a function of time, labelled in different colours; (d) average cooling rate within 1 ms of all 
samples, as a function of volume energy density.
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the full intensity map (Fig. 2a) over the corresponding time interval, 
showing the evolution of the α′(110) and γ(111) peaks as direct in
dicators of changes in diffraction intensity. Both the martensite fraction 
and diffraction intensity exhibited significant increases during cooling, 
highlighting a stepwise transformation process that can be categorised 
into four distinct stages, as delineated by the red dashed lines: 

• Stage I (365–373 ms): the initial martensitic transformation occurred 
once the temperature dropped below Ms, with an abrupt phase 
fraction increase to 0.03;

• Stage II (373–430 ms): a rapid increase in martensite fraction by 0.05 
was observed, followed by a gradual increase to 0.19;

• Stage III (430–532 ms): martensite formation proceeded with an 
initial increase of 0.18, followed by a more gradual rise from 0.37 
± 0.001–0.46 ± 0.001;

• Stage IV (> 532 ms): the phase fraction of martensite continued to 
increase moderately, reaching 0.56 ± 0.0002 at 570 ms, after which 
it increased much more slowly.

This stepwise transformation behaviour has been consistently 
observed across all samples studied in the present work (Appendix A). 
The underlying mechanisms driving these discrete transformation stages 
as well as the martensitic transformation kinetics will be discussed later 
in Sections 4.2 and 4.3. In Stage II, minor fluctuations in the phase 
fraction occurred at around 404 ms and 424 ms. These variations are 
likely attributed to low peak intensities collected by the detector. The 
temporary reduction in diffraction intensity was likely caused by a 
partial obstruction of the diffracted X-ray beam due to spatters gener
ated during the manufacturing process in the chamber.

3.3. Martensite tetragonality

A key contribution to the outstanding hardness of high-carbon steels 
stems from the carbon atoms interstitially occupying one of the 

octahedral sites within the martensite lattice, inducing a body-centred 
tetragonal (BCT) distortion that enhances its strength and rigidity 
[36]. The martensite tetragonality, evaluated by the ratio of lattice pa
rameters c and a, is a crucial factor influencing the material properties. 
To this end, diffraction patterns collected after LPBF printing were 
systematically analysed, focusing on the characteristic martensite peaks 
to elucidate the evolution of lattice distortions.

Fig. 6a1 presents the diffraction pattern of Sample 1 collected after 
printing. The martensite phase fraction was quantified as 0.69 ± 0.001, 
which agrees well with the operando X-ray diffraction analysis, yielding 
a martensite phase fraction of 0.64 ± 0.001 at t = 1000 ms (Fig. 5b). 
This agreement supports the reliability of the operando measurement. 
The high content of retained austenite is one of the characteristics of AM 
steel due to the rapid solidification and high cooling rate, resulting in the 
low diffusion rate of carbon and alloy atoms remaining in the austenite 
phase [37]. The martensite tetragonality was evident in the broad {200} 
diffraction peak, highlighted within the red box in Fig. 6a1. Due to the 
presence of interstitial carbon atoms in the lattice, the {200} peak splits 
into two peaks. Fig. 6a2 shows an enlarged view of the {200} peak 
where peak fitting using the Pearson VII function successfully separated 
the overlapped (200) and (002) reflections, represented by dashed 
curves in different colours. The residuals between the fitted model and 
experimental data, as displayed in the bottom sub-figure, were in the 
range of ±0.005, indicating a high-quality peak fitting and reliable peak 
determination. The martensite tetragonality represented by the c/a 
ratio, was calculated as 1.020 ± 0.0002 based on the lattice parameters 
of c = 2.897 ± 0.0005 Å and a = 2.840 ± 0.0004 Å derived from the 
separated peak positions. The martensite tetragonality has been re
ported to vary linearly with the carbon content, following the relation
ship of the equation of c/a= 1 + 0.031 ×C (wt%), which has been 
confirmed for steels with various carbon concentrations [38,39]. Given 
the nominal carbon content of ~0.8 wt% in M50 tool steel, the expected 
c/a ratio is approximately 1.025, which is slightly higher than the 
experimentally measured value.

Fig. 5. (a) Representative diffraction patterns collected during the cooling process of Sample 1, showing the evolution of austenite and martensite peaks; (b) phase 
fraction evolution of austenite and martensite as a function of time; (c) martensite phase fraction as a function of time with α′(110) and γ(111) diffraction peaks 
shown in the upper panel, highlighting the stepwise martensitic transformation.
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Fig. 6b1 to b3 present the diffraction patterns collected during the 
transformation process at 400, 600, and 1000 ms, respectively, showing 
the progressive peak splitting of the {200} reflection. Martensite peaks 
first become identifiable at around 365 ms (Fig. 5c). Therefore, they are 
observed at 400 ms, although their intensity remains relatively weak 
and the {200} reflection appears as a single peak. As the transformation 
proceeds, martensite tetragonality becomes evident through the 
broadening and splitting of the {200} reflection into two components.

Fig. 6c presents the evolution of the determined lattice parameters (c 
and a) and their ratio (c/a) during the cooling process. Note that the 
tetragonal distortion of martensite only became measurable after 
approximately 500 ms, when the {200} peak intensity appeared suffi
ciently strong to resolve the distinct (200) and (002) reflections. Previ
ous studies have commented on critical carbon thresholds for the 
formation of tetragonal martensite. Liu et al. [40] theoretically esti
mated that martensite in steel exhibited tetragonality when its carbon 

content exceeded 0.18 wt%, while the tetragonal splitting of diffraction 
peaks occurred at the carbon content above 0.55 wt%. Sherby et al. [41]
reported that martensite had a cubic structure at a carbon content below 
0.6 wt% C but transformed to a tetragonal structure beyond this 
threshold [42,43]. Similarly, Tanaka et al. [44] observed that tetragonal 
martensite started to appear when the carbon content was over 0.44 wt 
%. In the present study, the tetragonal splitting of the martensite peaks 
was first detected at a c/a ratio of 1.018 ± 0.0012 (blue curve in Fig. 6c), 
corresponding to an estimated carbon content of 0.58 ± 0.04 wt%, 
which aligns well with previously reported values. As the transformation 
progressed, the lattice parameters exhibited a gradual increase, with 
a-value increasing from 2.833 ± 0.0020 Å to 2.852 ± 0.0010 Å and 
c-value increasing from 2.886 ± 0.0026 to 2.910 ± 0.0012 Å (black 
curves in Fig. 6c). Consequently, the c/a ratio increased from 1.018 
± 0.0012 to 1.021 ± 0.0006, indicating an increase in the estimated 
carbon content from 0.58 ± 0.04 wt% to 0.68 ± 0.02 wt% in the 

Fig. 6. (a1) Normalised diffraction pattern collected after laser printing of Sample 1, showing the diffraction peaks of α′-Fe (martensite) and γ-Fe (austenite). The 
characteristic martensite α′(200) peak was marked in a red box; (a2) enlarged view of the marked peak in (a1), showing the fitting results and the residuals; (b1-b3) 
normalised diffraction patterns collected at 400 ms, 600 ms, and 1000 ms, respectively, showing the progressive peak splitting; (c) evolution of the martensite lattice 
parameters (c and a) extracted from the α′(200) peak, along with the calculated c/a ratio as a function of time during the cooling process; (d) lattice parameters and 
corresponding c/a ratio of martensite for all samples, plotted as a function of volume energy density. For some data points, the error bars are barely visible because 
their magnitudes are smaller than the marker size.
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martensite phase. This increase is likely associated with the progressive 
enrichment of carbon in the austenitic parent phase during trans
formation. The uncertainties in the c/a ratios were estimated by prop
agating the fitting errors of the lattice parameters c and a. The 
corresponding uncertainty was also propagated into the carbon content 
calculated using the empirical relationship between martensite tetra
gonality and carbon content.

It is noted that the estimation of carbon content was based on the 
calculation of lattice parameters, which should be regarded as semi- 
quantitative rather than an independent compositional measurement. 
LPBF-induced residual stresses can influence the lattice parameter 
through elastic strain. However, they are unlikely to account for the 
lattice parameter evolution observed here. As shown in Fig. 6c, the 
lattice parameter increased from 2.88 to 2.90 Å between 500 and 
1000 ms. Using the conventional definition of lattice strain, this corre
sponds to a strain of approximately 7000 µε. Assuming a typical Young's 
modulus of 200 GPa for steel, this would imply an equivalent elastic 
stress of ~1400 MPa, which is unrealistically high for LPBF-induced 
residual stresses. Furthermore, after martensite formation begins 
(below 300 ℃), most processing-induced residual stress fields would 
already have been established while the subsequent cooling stage in
volves lower thermal gradients and limited additional stress accumula
tion. Therefore, the lattice parameter evolution measured by operando 
X-ray diffraction cannot be attributed solely to residual stress but likely 
also reflects mechanisms associated with martensitic transformation.

The effect of manufacturing parameters on martensite tetragonality 
was further investigated by comparing the c/a ratios of different sam
ples. Fig. 6d presents the lattice parameters and c/a ratio as determined 
from all samples after printing. There is no clear linear correlation be
tween tetragonality and volume energy density. With increasing energy 
density, the lattice parameters varied within a narrow range of 0.02 Å 
(a: 2.84–2.86 Å; c: 2.90–2.92 Å), while the c/a ratio varied between 
1.020 and 1.024, slightly lower than the theoretical value of 1.025 for 
0.8 wt% C steel. The sample fabricated at the lowest energy density 
exhibited the smallest deviations from the expected martensite tetra
gonality, suggesting that energy input may influence the degree of lat
tice distortion.

3.4. Ex situ characterisation

Fig. 7a presents the top layer microstructure of as-printed LPBF M50 
steel (Sample 1). The layer-by-layer nature of LPBF M50 steel micro
structure is clearly visible along the build direction, as indicated by the 
black arrow. A distinct contrast is observed between the topmost layer 
and the underlying layers, potentially arising from the repeated heating 
cycles where the previously deposited material was tempered. In 
contrast to the subsurface layers, the top layer does not experience 
additional heat treatment from subsequent passes and is therefore sub
jected to a lower degree of tempering. Similar microstructural contrasts 
between the top layer and subsurface layers have also been reported in 
other LPBF alloys [34,45]. An enlarged view of the microstructure is 
provided in the inset at the lower right, showing the presence of both 
equiaxed and columnar grains that are the typical features of additively 
manufactured steels.

Fig. 7b presents the phase distribution map of the top layer obtained 
by EBSD. Martensite phase, shown in red colour, is the dominant phase 
with a determined fraction of 74.6%. The EBSD-derived phase fraction is 
slightly higher than the martensite fraction of 69% measured by ex situ 
X-ray diffraction (Fig. 6) which may be attributed to the difficulty of 
reliably indexing highly strained intercellular regions, together with 
differences in sampling volumes and quantification principles between 
the two techniques. Retained austenite was observed primarily at the 
intercellular regions of the LPBF steel, consistent with previous reports 
on retained austenite formation in AM steels [3]. The narrow intercel
lular channels were not indexed by EBSD, most likely due to the high 
residual stresses and dislocation densities localised in these regions, 
which distort the crystal lattice and hinder reliable Kikuchi pattern 
indexing. It is therefore reasonable to assume that these unindexed re
gions also contain retained austenite, leading to a slight overestimation 
of the martensite fraction by EBSD. The inverse pole figure (IPF) of 
martensite in the top layer (Fig. 7c) shows randomly oriented grains. 
The average grain diameter of 0.48 μm was derived from the corre
sponding grain size distribution diagram in Fig. 7d.

Fig. 7e shows the microhardness measurements of the top layer, 
obtained at five randomly selected locations at comparable distances 
from the sample surface. The hardness values exhibit minor variations, 
indicating a relatively homogeneous microstructure within the layer. 

Fig. 7. (a) Microstructure of the top layer in LPBF M50 steel (Sample 1), with the build direction (BD) indicated by the black arrow; (b) EBSD phase map of the top 
layer showing the distribution of martensite (red) and austenite (green), with unindexed pixels displayed in dark contrast. The overall indexing rate was 0.72 without 
applying any data post-processing; (c) inverse pole figure (IPF) of martensite obtained from a cross-section parallel to the build direction; (d) grain size distribution of 
the top layer derived from EBSD analysis; (e) microhardness profiles measured at multiple locations within the top layer.
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The average hardness of LPBF M50 steel in the as-built condition was 
determined to be 804 ± 14 HV, comparable to previously reported 
values for LPBF M50 steel [7]. Importantly, this is much higher than that 
of conventionally produced M50 steel via VIM-VAR, which exhibits a 
hardness of 681 HV (equivalent to 63 HRC [9]) after appropriate heat 
treatment, with secondary carbides distributed throughout the micro
structure. The excellent mechanical performance of LPBF M50 steel can 
be attributed to its refined grain structure, a direct consequence of the 
rapid solidification inherent to the LPBF process. These findings high
light the promise of AM technique for future steel production and the 
critical importance of understanding phase transformation pathways 
under AM conditions to establish comprehensive 
processing-microstructure-property relationships in tool steels.

4. Discussion

4.1. Phase suppression during rapid solidification

The microstructures developed during the solidification of steels are 
influenced by alloy compositions and thermal conditions [46]. In this 
study, by employing the operando X-ray diffraction technique at LPBF 
conditions, the γ-Fe phase was observed as the only phase directly 
formed from the liquid phase in M50 tool steel under rapid solidification 
conditions at a cooling rate of 105 ℃/s. This contrasts with the ther
modynamic predictions, where the δ-ferrite is expected to be the first 
solid phase, as shown in Fig. 2c. Similar findings were reported by Konig 
et al. [22], who observed that δ-ferrite was suppressed in AM hot work 
steel at a cooling rate of 106 ℃/s but was detected at a lower cooling rate 
of 104 ℃/s. This highlights the important role of thermal conditions on 
phase transformation paths. Moreover, rapid solidification accompanied 
by a high thermal gradient results in the development of a dendritic 
microstructure [47,48]. This microstructural feature has been 
commonly observed across various AM steels, including tool [5,49–51], 
stainless [52,53], transformation-induced plasticity (TRIP) [54], and 
maraging steel [55]. Chou et al. [3] calculated the dendrite tip tem
perature of steel matrix phases as a function of solidification velocity. 
They found that austenite (γ-Fe) exhibited a higher dendrite tip tem
perature than δ-ferrite at higher solidification velocities. This suggests 
that rapid cooling conditions promote the direct formation of γ-Fe, 
providing a plausible explanation for the absence of δ-ferrite in the 
present work (Fig. 3).

MC and M2C carbides are predicted to precipitate alongside austenite 
during solidification, following equilibrium thermodynamic calcula
tions (Fig. 2c). These primary carbides have been reported in M50 steel 
produced by casting [56] and hot-rolling [57,58]. However, owing to 
the high cooling rates, our observations indicate that only γ-Fe and α′-Fe 
were detected in M50 steel after rapid solidification. Although it remains 
possible that a minor fraction of carbides formed in subsequent solidi
fication layers, their volume fraction was below the detection limit of 
operando X-ray diffraction.

The synchrotron X-ray diffraction measurements were made under 
reflection mode, meaning diffraction signals were collected only from 
the top layers (< 60 μm depth) instead of the underlying layers, which 
experienced thermal ageing due to heat conduction from the top. This 
ageing could potentially facilitate carbide formation [23]. Nevertheless, 
in larger M50 steel bulk samples produced by LPBF, no carbide was 
observed in the as-manufactured condition [6], and only a few fine 
carbides were visible after tempering heat treatments [8]. This suggests 
that the rapid solidification conditions in laser-based AM restricted 
carbide formation, in contrast to the slower cooling conditions of con
ventional means.

However, it is important to recognise the uncertainties in the cooling 
rate determination based on evolved peak positions. First, the cooling 
rate of 105 ℃/s was derived from the solid phase of γ-Fe in the probed 
region once its phase fraction reached a detectable level of X-ray 
diffraction (0.2 wt% for synchrotron X-ray [59]), neglecting the initial 

stage of liquid solidification. Therefore, the peak cooling rate of AM 
solidification processing is expected to be higher. Second, the probed 
region with a length of 104 μm was larger than the hatch distance of 50 
μm, encompassing multiple laser tracks. As a result, the collected 
diffraction signals represented an average response of the material 
within the probed region rather than directly capturing the solidification 
front only.

Third, only thermal effects on lattice parameters were considered in 
the analysis, leaving out the residual stress, strain or potential compo
sitional variations. Residual stresses in AM materials arise from the rapid 
heating and cooling, typically manifesting as tensile stresses near the top 
surface due to constrained contraction during solidification. For refer
ence, Ahmad et al. [60] reported maximum tensile residual stress of 
837 MPa in LPBF Inconel 718 and 920 MPa in LPBF Ti− 6Al-4V. It 
should be noted that the cooling rate determined in this study corre
sponds to the early stage of solidification at elevated temperature where 
the residual stress level is expected to be lower than the values reported 
for components determined after manufacturing. Additionally, while the 
CTE is inherently temperature-dependent, it was approximated as a 
constant value for cooling rate estimation. The constant CTE value 
selected at a relatively high temperature (1420 ℃) in this study may 
lead to an underestimation of the absolute temperature values. How
ever, the temperature profile was derived for cooling rate calculation, 
depending on the first derivative of the temperature curve rather than 
the exact temperature values. Glerum et al. [21] reported that using a 
constant CTE resulted in a ~5% misestimation of the temperatures 
experienced by the melt pool while the temperature profile exhibited 
almost the same trend as that obtained using a temperature-dependent 
CTE. Therefore, this simplification is not expected to affect the deter
mined cooling rate results. To assess this effect, a sensitivity analysis was 
performed, with the results presented in Appendix B.

4.2. Thermodynamics of martensite formation

The nucleation of martensite is primarily driven by an energy change 
resulting from undercooling. The driving force consists of two compo
nents: (i) a chemical contribution expressed by the Gibbs free energy 
difference between the parent austenite and the martensite; (ii) energy 
barriers that oppose the transformation, including the elastic strain 
energy and the interfacial energy [61]. The elastic strain energy arises 
from the volumetric deformation associated with the martensite for
mation, while the interfacial energy corresponds to the energetic cost of 
generating the austenite/martensite boundary. Given the semi-coherent 
nature of the martensite-austenite interface, the interfacial energy 
contribution is minimal, making the elastic energy component the 
dominant non-chemical barrier to transformation.

Martensitic transformation is inherently accompanied by a volu
metric deformation, generating elastic strain energy ΔGel. This can be 
expressed as [62]: 

ΔGel =
E

1 − νεV
2Vαʹ

m (7) 

where E represents Young’s modulus, v is Poisson’s ratio, εV is the 
volumetric strain and Vαʹ

m is the molar volume of martensite. Here, the 
value of Young’s modulus was taken as 219 GPa and the Poisson’s ratio 
as 0.285, which were obtained by thermodynamic calculations using 
JMatPro software (version 12.4) [32].

The experimentally determined lattice parameters for the M50 steel 
were aγ= 3.570 Å for austenite, aαʹ= 2.840 Å and cαʹ= 2.897 Å for 
martensite. The unit cell volume of austenite Vγ

cell is equal to aγ
3 =

4.55 × 10− 23 cm3. Given the face-centred cubic (FCC) structure with 4 
atoms per unit cell, the molar volume of austenite was derived as Vγ

m =

1
4NA • Vγ

cell = 6.85 cm3/mol, where NA is Avogadro’s number. 
Martensite, which has a BCT structure with 2 atoms per unit cell, ex
hibits a molar volume given by Vαʹ

m = 1
2NA • Vαʹ

cell = 1
2NA•(aαʹ2cαʹ) =
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7.04 cm3/mol. Therefore, the strain of volumetric deformation associ

ated with the phase transformation was estimated as εV =
Vά

m − Vγ
m

Vγ
m 

=

0.027. Based on these values, the resulting strain energy contribution of 
volume change ΔGel in Eq.(7) was estimated to be 1572 J/mol.

Martensitic transformation kicks in only when the chemical driving 
force is sufficient to overcome the opposing non-chemical energy bar
riers. Fig. 8 presents the Gibbs free energies of martensite and austenite 
in M50 steel as a function of temperature, as obtained from Thermo-Calc 
2024a with the TCFE13 database. The equilibrium temperature T0 
represents the critical point at which the Gibbs energy difference be
tween austenite and martensite vanishes. The martensitic trans
formation initiates as soon as the temperature reaches a point where the 
chemical free energy change ΔGγ→αʹ

T , the difference in Gibbs free en
ergies between austenite (γ) and martensite (ά ) at temperature T, is 
sufficient to counterbalance the elastic strain energy induced by the 
transformation. This defines the martensite start temperature (Ms), the 
point at which martensitic transformation is first observed during 
cooling. From Fig. 8, the critical driving force ΔGγ→αʹ

Ms 
required to initiate 

transformation corresponds to 1572 J/mol, yielding an estimated Ms 
temperature of about 97 ℃.

Alternatively, Ms can be approximately estimated from the 
martensite phase fraction using the classical Koistinen and Marburger 
(K-M) equation [63]: V0 = 1 − exp[ − a(Ms − T0) ], where V0 is the 
martensite volume fraction, a is the coefficient and T0 is the final tem
perature to which the sample is cooled, approximately 300 K in this 
study. The martensite phase fraction in the fabricated M50 steel was 
determined to be 0.69 from the diffraction pattern acquired after 
manufacturing (Fig. 6a). The coefficient a is known to depend on steel 
chemical composition, especially carbon content [64]. In the absence of 
reported parameters for M50 steel, a value of a= 0.0122, reported for a 
Fe− 0.8 C steel [65] with a comparable carbon content was used for the 
Ms estimation. Using the K-M relationship, the corresponding Ms tem
perature was estimated to be 123 ℃, which is slightly higher than the 
thermodynamically derived value of 97 ℃. The Ms temperature ob
tained from thermodynamic analysis is a model prediction based on the 
Gibbs free energy difference, whereas the K-M estimate is an empirical 
back-calculation based on the final martensite fraction at room tem
perature and a literature-derived coefficient. These two methods involve 
different assumptions. In particular, the coefficient a in K-M equation is 
material-dependent but no specific value has been reported for M50 
steel, introducing additional uncertainty into the estimation. The ther
modynamic prediction does not fully account for non-equilibrium 
segregation or complex thermal history inherent to LPBF. However, 
despite the slight difference, the two Ms values remain in reasonable 
agreement, supporting the reliability of both approaches in predicting 
the Ms temperature.

Beyond thermodynamic considerations, chemical segregation during 
the rapid solidification inherent in the AM process must also be 
considered when analysing martensitic transformation behaviour. Pre
vious studies reported that the microstructure of carbon-bearing alloyed 
steels produced by LPBF predominantly consists of solidification den
drites [1,4,5,8]. The enrichment of alloying elements in interdendritic 
regions stabilises austenite, making the martensitic transformation 
difficult [66]. Further, elemental segregation was reported to decrease 
Ms by up to 150 ℃ compared to the nominal composition due to the 
local enrichment of alloying elements in intercellular regions [3]. For 
M50 steel manufactured by LPBF with a columnar dendritic micro
structure, the segregation of C, Cr, Mo, and V was observed at cell walls 
[67]. The segregation of alloying elements enhances the stability of 
retained austenite, thereby increasing the driving force required for 
transformation and lowering the Ms temperature. However, due to the 
complexity of chemical composition variations over the repeated ther
mal conditions, their effect on Ms temperature could not be evaluated 
here. Although this work does not provide a comprehensive 
temperature-dependent quantification of chemical effects, the results 
contribute valuable insights into the conditions for martensitic trans
formation in AM steels.

4.3. Stepwise martensitic transformation

The discrete steps observed at the start of Stage I, Stage II and Stage 
III, in Fig. 5c, where a substantial increase in martensite fraction 
occurred within a short duration, suggest that the transformation pro
ceeded in abrupt bursts during cooling. The rapid martensitic trans
formation was considered a consequence of autocatalytic nucleation, 
occurring as long as the chemical driving force ( ΔGγ→αʹ in Fig. 8) is 
overcome [68,69]. Once the opposing strain and interfacial energies 
balance the chemical driving force, the transformation halts, requiring 
either further undercooling to increase the driving force or strain 
relaxation to enable continued transformation. The short plateau 
following each transformation step, such as the intervals from 375 to 
400 ms and from 435 to 450 ms in Fig. 5c, may reflect a temporary 
reduction in the effective driving force for further martensitic trans
formation, which is probably a consequence of latent heat release during 
the phase transformation process [70]. If the heat generated by the 
phase transformation is not dissipated efficiently, the local temperature 
of the sample may temporarily stabilise or even increase slightly. Lee 
et al. [71] predicted that latent heat release during non-equilibrium 
martensitic transformation could contribute to an average temperature 
increase of about 43 ℃ in AISI 4340 steel. In addition, local stress 
accumulation associated with the volumetric and shear strains of newly 
formed martensite may also play an important role. Under LPBF con
ditions, transformation strains cannot be fully relaxed and may accu
mulate locally in the surrounding retained austenite and newly formed 
martensite, temporarily reducing the effective driving force for further 
martensitic transformation by mechanically stabilising the remaining 
austenite and impeding further martensitic transformation until suffi
cient cooling resumes.

It should be noted that although the LPBF melt track evolves 
dynamically during processing, transient thermal fluctuations associ
ated with reheating occur mainly at the early stage, at approximately 
170–200 ms. In contrast, martensitic transformation occurs at a later 
stage, first appearing at ~365 ms and continuing over a longer time
scale. No evidence of partial remelting or reheating, such as pronounced 
peak shifting or reverse transformation, is observed during the 
martensitic transformation interval. Therefore, the observed stepwise 
behaviour is unlikely to be caused by local thermal fluctuations in the 
melt track.

Although the term 'stepwise martensitic transformation' has been 
used in previous literature, this phenomenon has typically been 
observed under different experimental conditions, often involving 
externally applied strains. For example, Hedström et al. [72] reported a 

Fig. 8. Calculated Gibbs free energy (G) of austenite and martensite as a 
function of temperature for M50 steel.

H. Zhang et al.                                                                                                                                                                                                                                  Additive Manufacturing 127 (2026) 105323 

10 



multiple-step martensitic transformation in AISI 301 stainless steel 
under applied strain during in situ tensile deformation, which represents 
a fundamentally different scenario from the rapid cooling conditions 
investigated in the present study. Similar mechanical strain-induced 
stepwise martensitic transformation has also been observed in other 
work [73,74]. By contrast, the stepwise martensitic transformation 
observed during LPBF is primarily cooling-induced, occurring after 
rapid solidification, although its progression may be modulated by 
transformation strain, residual stress and mechanical stabilisation of the 
remaining austenite. Previous studies have also reported multi-stage or 
discontinuous martensitic transformation kinetics in steels under cool
ing conditions. For example, Villa et al. [75] observed multi-stage 
martensite formation in ASIS 630 stainless steel during continuous 
cooling, with the transformation rate depending on the preceding 
cooling rate, which ranged from 1.5 to 50 ℃/min in their study. Loewy 
et al. [76] reported discontinuous transformation behaviour in maraging 
steel, where the transformation remained macroscopically athermal but 
the transformation rate evolved discontinuously as a series of rate 
maxima during continuous cooling. In these cases, autocatalytic nucle
ation was considered to contribute to the anomalous transformation 
behaviour.

Autocatalytic nucleation is widely recognised as the dominant 
mechanism driving martensitic transformation in low-carbon steels 
[77]. During martensitic transformation, dislocations were generated in 
the surrounding austenite by plastic deformation due to elastic strains, 
facilitating subsequent martensite nucleation. However, when the strain 
accumulated in retained austenite exceeds a critical value, further 
transformation is suppressed. This critical value of strain decreases with 
increasing carbon content in the retained austenite [78]. In high carbon 
steels, the significant solid solution strengthening effect of carbon plays 
a crucial role in stabilising austenite, impeding both interface motion 
and dislocation activity. Van Bohemen et al. [64,65] investigated the 
martensitic transformation progress in Fe− 0.8 C plain carbon steels by 
dilatometry. They found that the carbon enrichment of the retained 
austenite not only suppressed the Ms temperature but also decelerated 
the transformation kinetics. This phenomenon was attributed to the 
mechanical stabilisation mechanism, which was identified to govern the 
kinetics of athermal martensitic transformation in carbon steels. The 
transformation is not primarily limited by nucleation but rather by the 
resistance of the austenite parent phase to the growth of martensite 
nuclei. In this study, the change in martensite tetragonality was delayed 
until after 500 ms (Fig. 6c), the point at which carbon content in 
martensite was sufficiently high to split the characteristic {200} 
diffraction peak. This suggests substantial carbon enrichment in the 
parent austenite phase. This time point corresponds to the final stage of 
Stage III in the transformation process, further supporting the inter
pretation that autocatalytic nucleation mechanisms dominate the two 
rapid abrupt bursts of transformation occurring between Stage I and 
Stage III. Meanwhile, mechanical stabilisation mechanisms became the 
dominant mechanism regulating the subsequent martensitic trans
formation from the austenite parent phase with higher carbon content.

The transformation observed in Stage IV (Fig. 5c) exhibits a more 
gradual and time-dependent transformation behaviour compared to the 
previous stages with a steady slope during the cooling process, indi
cating the martensitic transformation rate slowed significantly in the 
late period of the cooling process where the temperature and cooling 
rate were relatively low while the martensite fraction was high. The 
accumulated strain energy within the austenite induced by trans
formation counteracts the chemical driving force, thereby suppressing 
nucleation and reducing the transformation rate. The dependence of 
transformation on time and cooling rate suggests the involvement of a 
thermally activated mechanism, raising the possibility of thermally 
activated martensite growth and local strain relaxation in the austenite 
adjacent to newly formed martensite blocks. This interpretation aligns 
with the findings of Villa et al. [79] on stainless steel and Loewy et al. 
[76,80] on maraging steels, where the martensitic transformation rate 

was observed to decline at lower temperatures as the transformed 
fraction increased.

It should be noted that the phase fraction analysis assumes that the 
diffraction intensity is directly proportional to the phase fraction. This 
assumption has inherent limitations under LPBF conditions. Apart from 
the diffraction data, the phase fraction calculation performed in this 
study also depends on the structure factor and multiplicity factor, as 
shown in Eq. (2). These parameters were derived based on equilibrium 
crystallographic information and are unlikely to perfectly represent the 
true values under the non-equilibrium conditions of LPBF [81]. Without 
an experimental method to independently determine these parameters, 
particularly on the relevant timescales, such calculations inevitably 
require assumptions as adopted here. Therefore, the phase fractions 
derived from operando X-ray diffraction in this study are used primarily 
to track the relative temporal evolution of phase transformations, rather 
than to provide absolute phase fractions with the accuracy achievable 
through quantitative Rietveld refinement. In addition, the values ob
tained from the equation represent the phase fractions in the illuminated 
region, rather than the true bulk phase fractions in the sample, because 
the X-ray diffraction experiments were performed in reflection 
conditions.

Although theoretically martensite formation was expected to pro
ceed in multiple stages during the cooling process, existing literature on 
stepwise martensitic transformation remains limited, with most studies 
focusing on stainless steels or maraging steels which are both low- 
carbon steels. In contrast, the M50 steel is a high-carbon high-alloy 
steel with a total alloying concentration of over 10 wt%. This work aims 
to provide the first insight into stepwise martensitic transformation 
behaviour in LPBF steels. The phenomenon was consistently observed 
across all samples, although the number and duration of the distinct 
transformation stages varied with processing condition. Nevertheless, a 
definitive conclusion about the martensitic transformation kinetics 
cannot be established solely from the present findings. Further investi
gation is required and is currently ongoing to elucidate the underlying 
transformation mechanisms.

5. Conclusions

The phase evolution of M50 steel during the LPBF process was 
monitored using operando X-ray diffraction, through which the stepwise 
martensitic transformation was observed for the first time under LPBF 
manufacturing conditions. By analysing the thermal conditions and 
evaluating the effect of input energy density on phase transformation, 
the following conclusions can be reached: 

1. Austenite emerged as the primary phase during liquid solidification, 
subsequently transforming into martensite with approximately 20% 
retained austenite after LPBF manufacturing. The anticipated for
mation of δ-Fe and carbides, as predicted by thermodynamic calcu
lations, was suppressed under high cooling rates.

2. The determined cooling rate of the solidification process was in the 
order of 105 ℃/s. It appeared to be minimally affected by variations 
in input energy density.

3. The carbon content in martensite increased from 0.58 to 0.68 wt%, 
accompanied by a rise in the c/a ratio from 1.018 to 1.021. Samples 
subjected to lower energy densities exhibited higher carbon content 
after manufacturing.

4. The observed staged increases in martensite phase fraction reveal a 
distinct stepwise transformation behaviour in M50 tool steel during 
rapid solidification and fast cooling of the LPBF process. The early 
abrupt transformations are likely governed by an autocatalytic 
nucleation mechanism. In contrast, the latter, more gradual trans
formation is attributed to mechanical stabilisation effects.
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Appendix A. Diffraction patterns and derived phase fractions for all samples

Fig. A illustrates the evolution of diffraction patterns and phase fraction evolution as a function of time for all other samples. Despite variations in 
manufacturing parameters, all diffraction maps exhibit similar characteristic processes: thermal expansion-induced peak shifts to lower angles during 
heating, subsequent reversal upon cooling, and the onset of martensitic transformation at lower temperatures with prolonged cooling time. The 
stepwise martensitic transformation (described in Section 3.2) can be observed across all samples, corroborated by changes in martensite peak in
tensity within the corresponding diffraction map. Although the signal-to-noise ratio varies among the curves and the number of transformation steps 
differs under different conditions, the overall transformation trend remains evident.

For clarity, black dashed lines are added to each plot to delineate the transformation curve into several regions: early stages characterised by abrupt 
martensitic transformation and a later stage exhibiting a more gradual transformation behaviour. The wave-like fluctuations in the phase fraction, e.g., 
between 700 and 800 ms in Fig. Af, are attributed to oscillations in the incident X-ray beam energy during the beamtime session. The duration of each 
martensitic transformation stage and the final martensite fraction vary with different manufacturing conditions, highlighting the influence of LPBF 
processing parameters. A more detailed investigation into their effects on martensitic transformation in AM steels will be conducted in future studies.

Figure A. (a)-(c) Evolution of diffraction patterns as a function of time measured by the X-ray beam on the surface layer during laser manufacturing, and (d)-(f) 
phase fraction evolution of austenite and martensite as a function of time for all samples: (a, d) Sample 2 (Ev=104.17 J•mm− 3); (b, e) Sample 3 (Ev=200 J•mm− 3); 
and (c, f) Sample 4 (Ev=277.78 J•mm− 3)

Appendix B. Sensitivity analysis of the cooling rate determined from operando X-ray measurements

The temperature estimation was performed using a constant CTE value of 2.25 × 10− 5 ℃− 1, corresponding to 1420 ℃, where the liquid phase is 
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predicted to start transforming into austenite. In reality, the CTE is temperature-dependent. A recalculation of the temperature was attempted by 
considering the temperature dependence of CTE.

Fig. Ba presents the linear expansion as a function of temperature, derived from the CTE values of M50 steel calculated by JMatPro, together with a 
fifth-order polynomial fit to the relationship between linear expansion and temperature (R2=0.9999). Using the polynomial CTE, the estimated 
temperature is higher than that obtained using the constant CTE, as shown in Fig. Bb. This is expected because the constant CTE value was selected at 
1420℃, a relatively high temperature, leading to an underestimation of the absolute temperature. Comparison of the temperature profiles obtained 
using the constant and polynomial CTE approaches shows a difference of ~200℃ within the analysed temperature range. However, the temperature 
shifts remain self-consistent, indicating that the slopes of the temperature profiles are largely preserved. This confirms that the calculated cooling rates 
are not significantly influenced by the choice between a constant and a temperature-dependent CTE.

Figure B. (a) Fifth-order polynomial fit to linear expansion as a function of temperature; (b) comparison of temperature profiles estimated using constant CTE 
(black) and polynomial CTE (blue)

Data availability

Data will be made available on request.
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